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Summary 
 

This habilitation thesis gives an overview of my research activities conducted on the design of high 

performance polymeric materials with tailored morphology and properties using eco-friendly 

methodologies. This area has been motivated by environmental concerns and governmental directives to 

move from solvent-based to water-borne systems or free-solvent processes as well as the scientific 

challenges that still need to be addressed. 

The habilitation thesis is divided into two main parts. In the first part, my research activities related to the 

development of a new methodology for preparing high-performance polylactide (PLA) materials by the 

reactive-extrusion, a solvent free process, are commented. The proposed methodology is based on reactive 

grafting and compatibilization of PLA with low molecular (bio)-plasticizers whose implementation resulted 

in a significant improvement of the mechanical properties of PLA based materials. Many of the prepared 

materials whose preparation is described in this section exhibited outstanding mechanical properties. 

The second part of the habilitation thesis outlines my research activities devoted to the preparation of novel 

nanocomposite materials with tunable properties by environmentally benign concept based on waterborne 

systems. Following this approach, three types of nanocomposites were designed for different applications: 

i) nanocomposites based on combination of core-shell latex nanoparticles (NPs) and cellulose nanocrystals, 

ii) hierarchically porous materials from low-cost precursors – polyaniline (PANI) and polystyrene latex 

NPs (PS NPs), and iii) reduced graphene oxide (RGO)/ doped PANI nanocomposites. The above mentioned 

nanocomposite materials can find application in a wide range of domains including CO2 capture processes 

or manufacturing electrodes for supercapacitors. 

In the last section, selected research activities I have recently initiated in our research group are briefly 

depicted along with an outlook to future studies. A list of references providing more details about my 

research activities can be found in Appendix A. Copies of my scientific articles are enclosed in Appendix B.  
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Chapter 1 

Introduction 
Due to their wide variety, versatility, profitability, highly desirable properties, synthetic polymers found a 

central place in the modern lifestyle. Their applications cover many sectors, namely packaging, building 

and construction, automotive, electrical and electronic, and some other applications. They have experienced 

an exceptional and tremendous growth over the past six decades. Until last decade, most synthetic polymers 

were produced from non-renewable crude oil (fossil) and natural gas resources. This heavy dependence on 

fossil fuels has reached a perilous situation as the world's oil resources will inevitably be depleted. 

Moreover, the use of crude oil is not without consequences for the environment. Numerous environmental 

impacts associated with the production and with the use of petroleum based materials were pointed out: air 

emissions, including both greenhouse gases (contributing to global warming out of which anthropogenic 

CO2 emissions have been implicated) and air pollutants, and so one. In addition, most of petroleum based 

polymers are robust and are usually non-biodegradable, and end-up as waste in the environment for 

centuries, thereby posing risks to human and animal health as well as the environment. Paradoxically, one 

of the most desirable features of plastics - their durability and resistance to degradation - is also the source 

of one of their biggest and most dangerous liabilities when it comes to their disposal. 

These issues can be tackled from various perspectives, including: 

- Development of valorization routes, namely polymer recycling, return to oil (depolymerization and 

reuse of the monomers), incineration (energetic valorization by combustion), carbon capture and 

storage technologies as immediate solution to minimize CO2 emissions. 

- Replacement of petroleum-based materials with renewable resources as an answer to the 

environmental concerns and the depletion of petroleum resources. Progressively, scientists and 

industrials are shifting away from petroleum polymers towards polymers with renewable content 

in the form of biobased polymers (biodegradable and non-biodegradable polymers), polymer 

blends, and/or bio-fillers, with the inherent challenge to both reduce the overall environmental 

impact and to retain suitable properties.  

- Development of environmentally benign technologies based on water-borne systems (aqueous 

colloidal suspension etc.) or free-solvent processes (thermal-processing methods (e.g. extrusion, 

compression molding, injection molding), living free radical methodologies etc.) 
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When properly combined, the above mentioned techniques can lead to the design of high performance 

polymeric materials with reduced environmental impact.  

This habilitation thesis gives an overview of the research activities conducted on the design of high 

performance polymeric materials with tailored morphology and properties using environmentally benign 

methodologies that were developed during the years 2009–2018 by myself together or with the PhD and 

master students under my supervision or co-supervision. Chapter 2 deals mostly with the main advances 

achieved in the design of high performance polylactide (PLA) from green plasticization to super-tough PLA 

materials synthetized by (reactive) extrusion, followed by study of their thermo-mechanical recycling. In 

Chapter 3, divided into three sub-chapters, main advances carried out in the design of novel functional 

nanocomposites using waterborne approach are described. More specifically, in the sub-chapters, three 

different nanocomposites are presented: i) nanocomposite films based on combination of core-shell latex 

nanoparticles and cellulose nanocrystals, ii) preparation of reduced graphene oxide/doped polyaniline 

nanocomposites for applications in supercapacitors, and iii) hierarchically porous materials from low-cost 

precursors for applications in CO2 capture. 

Finally, my scientific articles are gathered in the appendices A and B, as follows: 

Appendix A: List of author’s articles in impacted journals 

Appendix B: Author’s articles in impacted journals 
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Chapter 2 

High performance polylactide (PLA) 

2.1 Super-tough PLA materials synthetized by reactive extrusion and their 

thermo-mechanical recycling aptitude 

PLA is a biodegradable thermoplastic derived from renewable sources (mainly starch and sugar). As a 

consequence of increasing feedstock prices for traditional petroleum derived polymers and a reduction in 

industrial grade PLA cost due to production improvements, PLA is now being commercially produced for 

commodity applications. Since PLA is compostable and derived from sustainable sources, it has been 

viewed as a promising material to reduce the societal solid waste disposal problem. PLA is mainly marketed 

for a variety of fiber and packaging products. In the next years, PLA production and consumption is 

expected to increase exponentially. Therefore, there is a need to better understand and improve its 

properties. PLA exhibits inherent brittleness which can limit its application. Due to this characteristic, PLA 

displays many drawbacks related to its properties and processability including i) poor impact strength  

(26 J m-1), ii) low elongation at break (few %), another aspect of its brittle nature, iii) low heat deflection 

temperature (HDT) (<60 °C), and iv) poor processability 1. The brittleness of PLA limits its use in 

applications where mechanical toughness, such as plastic deformation at high impact rates or high 

elongation is required (i.e. car parts, appliance casings, etc.).  

In order to enhance the mechanical properties of PLA, plasticization with low molecular weight compounds 

has been intensively investigated 1. To get all the benefits in terms of its processability, flexibility/ductility 

and impact strength, the plasticizer should be miscible with the polymer at the required loadings. Depending 

on their molecular weight, two main classes of plasticizers can be distinguished, i.e. the first type includes 

monomers or small molecule plasticizers and the second one includes oligomeric or polymeric plasticizers. 

Many small molecules/monomeric biodegradable compounds, mainly based on the family of citrate 

derivatives and lactide (LA) monomer, have been investigated. By comparison with oligomeric or 

polymeric plasticizers, the small molecule plasticizers are more miscible and efficient in decreasing the 

glass transition temperature (Tg) of the PLA polymer due to their higher mixing entropy contribution. 

However, because of their low boiling points, small molecule plasticizers can get evaporated during melt 

processing 2-5 as well as have a strong tendency to migrate toward the surface of the polymeric material, 2, 

5-7 reducing the toughness of PLA-based materials. This can be explained by the tendency of the plasticized 
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PLA to crystallize overtime, which reduces the amorphous fraction able to retain the plasticizer molecules 

in the polymer. In addition, the plasticizer migration can result in food contaminations in packaging 

applications. In this regard, oligomeric and polymeric plasticizers are preferred for plasticization of polymer 

matrix as they are significantly less prone to the migration within the prepared material. However, the 

plasticization extent with oligomeric and polymeric plasticizers has not been satisfactory yet, because they 

can yield micro- to macro-phase separation at high loadings overtime in the PLA-based blends.  

To overcome these issues, we developed a new strategy based on the in situ solvent-free chemical 

modification of PLA via reactive grafting of different types of functionalized plasticizers, e.g. PEG 

derivatives, cardanol derivates as well as citrate derivatives, by reactive extrusion in order to create more 

interactions between the so-functionalized polyester matrix and the remaining fraction of non-grafted 

plasticizer, and therefore minimizing or even ideally suppressing the propensity of the plasticizer to phase-

separate in the blends. Interestingly, reactive extrusion has proven to be an ecological, cost-effective and 

versatile process to design novel and high performance bioplastics. In this habilitation thesis, I describe 

solely the achievements related to reactive-plasticization of PLA with low molecular weight poly(ethylene 

glycol) (PEG) derivatives bearing (meth)acrylates moieties.  

2.1.1 Reactive extrusion grafting and plasticizing of PLA 

To finely tune the toughness of PLA, a novel and original pathway to chemically modify PLA in presence 

of “reactive” PEG derivatives via reactive extrusion was designed. Polyethylene glycol methyl ether 

methacrylate (MAPEG) and polyethylene glycol methyl ether acrylate (AcrylPEG) were melt-mixed and 

extruded with PLA in presence of 2,5-dimethyl-2,5-di-(tert-butylperoxy)hexane (L101) as a free-radical 

initiator using a co-rotating twin screw micro-compounder (DSM Xplore Research) under nitrogen 

atmosphere. Both MAPEG and AcrylPEG were successfully homo-oligomerized and grafted onto PLA 

chains. This was demonstrated by the increase of the melt viscosity during the melt-processing (increase of 

the extrusion force), the decrease of the plasticizer extracted fraction from the so-produced materials 

(Soxhlet extraction with methanol), and finally by an extensive molecular characterization (infrared 

spectroscopy (FTIR), gel permeation chromatography (GPC), nuclear magnetic resonance spectroscopy 

(1H NMR)), indicating that the presence of optimum amount (0.5 - 1 wt.%) of L101 in the ternary 

PLA/MAPEG/L101 and PLA/AcrylPEG/L101 blends played a key role in grafting the plasticizers onto 

PLA backbone. In fact, L101, being a difunctional di-tertiary alkyl peroxide, free-radicals are generated 

during its thermal decomposition, promoting free-radical reactions which take place in the melt during 

reactive extrusion. In addition, the plasticizer functional end-group displayed a significant effect on the 

grafting efficiency mainly because of the difference in the reactivity between the methacrylic and the acrylic 

functional groups. Accordingly, a much higher grafting efficiency was reached when using AcrylPEG. 
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Based on the molecular characteristics of the as-produced materials, a mechanism of reactive grafting of 

MAPEG and AcrylPEG onto PLA chains was suggested. 8-10 

2.1.2 Thermal and mechanical properties 

The impact of the reactive plasticization of PLA on the thermal and thermo-mechanical properties of the 

investigated blends was evaluated by means of differential scanning calorimetry (DSC) and dynamical 

mechanical thermal analysis (DMTA), respectively. The mechanical performances, namely, impact 

strength and tensile properties, were assessed using Notched Izod impact and tensile tests, respectively. 

The overall properties of the main materials are gathered in Table 1. 8, 10  

Both MAPEG and AcrylPEG exhibited efficient plasticization for PLA highlighted by the shift of the Tg to 

lower values with respect to neat PLA. By comparison to the “conventionally” plasticized binary blends 

(PLA/MAPEG and PLA/AcrylPEG), “reactive grafting” the plasticizers on PLA increased the Tg of the 

plasticized reactive blends, thus permitting to regain a part of PLA stiffness, evidenced by relatively high 

storage modulus values (Table 1). In fact, addition of L101 to PLA/MAPEG and PLA/AcrylPEG allowed 

a remarkable increase of the storage modulus. Besides, regardless the added amount of L101, the presence 

of optimum amount of reactive plasticizer (20 wt. % MAPEG and AcrylPEG), intrinsically modified the 

uniaxial deformation (tensile elongation) of the modified PLA-based materials to highly ductile behavior 

evidenced by very high elongation at break. The reactive grafting had also a positive effect on the 

improvement of the impact strength of the plasticized PLA. It even further enhanced with the increase of 

the L101 amount. The best improvement was achieved in the case of PLA/AcrylPEG/L101 containing the 

highest amount of L101. Overall, this latter ternary system exhibited the desired properties, namely, very 

high elongation at break and impact toughness while maintaining a high tensile strength and modulus. 

Finally, identification of the strain-induced deformation mechanism of the most promising material 

(PLA/AcrylPEG/L101) such as chain orientation, phase transformation and possible damage mechanisms, 

during drawing performed at different temperatures and strain rates, was possible thanks to combination of 

several techniques (DSC, scanning electron microscopy (SEM) and X-ray diffraction (XRD)). 8, 11-13 

Overall, it was found that orientation of amorphous and crystalline chains, crystallization, and destruction 

of crystals were involved during the drawing of the plasticized PLA. It was also found that below 50 °C, 

crystal formation and crystal destruction were in permanent competition, thus leading to a constant or 

slightly decreasing crystallinity with strain. Increased crystal formation and restricted crystal destruction 

was observed when increasing temperature, leading to an enhanced crystallinity with the strain level.  
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Table 1: Overall thermal and mechanical properties of all the investigated materials 

Blend composition (wt. %) Tg
a (°C) Tα

b (°C) Eʹ c (MPa) εd (%) I.E.e (kJ/m2) 

Extruded PLA 61 59 1776 ± 17 4 ± 1 2.8 ± 0.3 

PLA/MAPEG 

80/20 
16 17 72 ± 3 313 ± 15 39.9 ± 6.3 

PLA/MAPEG/L101 

79.5/20/0.5 
25 29 302 ± 51 279 ± 3 77.5 ± 11.0 

PLA/AcrylPEG 

80/20 
29 35 643 ± 46 230 ± 35 86.0 ± 8.6 

PLA/AcrylPEG/L101 

79.5/20/0.5 
ND 41 827 ± 109 199 ± 47 102.6 ± 16.3 

a Glass transition temperature from the second heating DSC scans 
b Alpha transition temperature at maximum tanδ peak (DMTA) 
c Storage modulus at 20°C (DMTA) 
d Tensile elongation at break at 20°C according to ASTM D638 (test speed 5 mm/min) 
e Notched Izod impact energy at 20°C according to ASTM D256 

ND: Not Detected 

2.1.3 Structure-property relationships 

Combination of different techniques is usually required to generate fundamental understanding of 

relationships between the process of material preparation and their final properties.  

Morphological and structural characterizations by means of SEM, Quantitative Nanomechanical Peak 

Force Atomic Force Microscopy (QNM-PF-AFM) and DMTA carried out on the most promising system 

in terms of thermo-mechanical and mechanical performance, i.e. PLA/AcrylPEG/L101, revealed that the 

grafting of AcrylPEG on PLA resulted in an in situ generation of rubbery poly(acrylic) micro-domains (less 

than 1µm of diameter) finely dispersed in the PLA matrix. These domains are built on soft poly(AcrylPEG)-

rich cores (Tg = -59 °C) having an “immiscibility gradient” with surrounding PLA (Figure 1). The rubbery 

inclusions appeared as star-shaped domains on the fractured section after notched Izod impact testing at 

room temperature (Figure 2). As a result, much more limited migration of the plasticizer out of the material 

was observed overtime. Based on these findings, we suggested that together with the plasticized PLA matrix 

(Tg = 41 °C), the rubbery inclusions must be acting as an effective stress concentrators and fracture 

propagation inhibitors by absorbing the energy during the impact test, evidenced by the outstanding 

enhancement of both the tensile elongation at break and the impact strength in comparison with neat PLA.  
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Figure 1: SEM image (left), Peak force AFM image (middle), and DMTA curves (right) of 

PLA/AcrylPEG/L101 : 79.5/20/0.5 wt. % 

 

Figure 2: SEM images on cryofractured surface of PLA/AcrylPEG/L101: 79.5/20/0.5 wt. % 

2.1.4 Thermo-mechanical degradation of the produced high performance PLA 

(PLA/AcrylPEG/L101) after multiple reprocessing to simulate recycling  

Over the last decade, recycling of PLA by thermo-mechanical reprocessing has been considered as a new 

scenario of end-of-life for this biobased and biodegradable polyester. With this respect, the degradation 

mechanisms occurring during the thermo-mechanical recycling of our most promising plasticized PLA, i.e. 

PLA/AcrylPEG/L101 ((p)PLA), were identified via multiscale approach, and were compared to those of 

neat PLA. Both PLA and (p)PLA materials were characterized at the macroscopic scale by mechanical and 

thermal testing, at the microstructure scale, and at their molecular scale after 1, 3 and 5 processing cycles 

(Figure 3). 

 

10 μm

10 μm 10 μm 50 μm
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Figure 3: Processing and reprocessing routes of (p)PLA 

For PLA, a thermo-mechanical degradation occurred during reprocessing by a random chain scission as 

highlighted by GPC. This led to a higher chain mobility that was confirmed by a higher ability of cold 

crystallization in DSC. At the same time, PLA remained amorphous as revealed by DSC measurements. 

According to chemical structure analysis carried out by means of FTIR and 1H NMR, no additional 

chemical function was detected when compared to the non-recycled PLA. Thus, random chain scission was 

the main active mechanism during PLA recycling and was probably responsible for the decrease of storage 

modulus and tensile modulus, decrease of tensile resistance and decrease of toughness.  

Due to the complexity of (p)PLA, differentiated look at different components interacting with each other 

was necessary to elucidate the degradation mechanisms. The mechanical properties deteriorated strongly 

from the first to the third processing, resulting in a brittle material since it noticeably lost tensile ductility 

and its toughness dropped down. Interestingly, the viscoelastic properties of (p)PLA were not affected by 

the recycling (constant storage modulus and tensile modulus). Morphological analysis by SEM and AFM 

imaging showed that the inclusions of poly(AcrylPEG) underwent a noticeable transformation with 

reprocessing evidenced by a deformation of their shape, damaging mechanisms through the formation of 

porosity, and fibrillation leading to a reduction of their size. For the highest number of processing, SEM 

showed the appearance of cracks in the polymer matrix. The origin of these cracks can be due to the 

coupling of poly(AcrylPEG) phase size reduction and porosity formation that may decrease the physical 

interactions between the matrix and poly(AcrylPEG). They can also be due to chain scission mechanisms 

of the polymer matrix inducing chain shrinkage and then cracks. As for PLA, chemical structure 

characterization of (p)PLA did not show any change in the chemical functions before and after recycling. 

In addition, due to cross-linking that survived reprocessing up to 5 times, it was not possible to conduct 

GPC measurements. The increase of crystallinity after reprocessing attested for a higher mobility due to 

chain scission. Nonetheless the lack of cold crystallization noticed in DSC measurements supports the 
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assumption that cross-linking may endure the reprocessing. At the same time, rheology measurements 

undoubtedly highlighted the decrease of the viscosity for (p)PLA with the recycling, indicating that the 

degradation of the PLA matrix in (p)PLA by a chain scission mechanism was probably dominant here as 

well. By the calculation of the chain scission number from the rheology data, it was revealed that the (p)PLA 

matrix underlies a stronger degradation than the neat PLA. The chain scission number was nearly double 

for (p)PLA compared to PLA. As a conclusion, due to its severe degradation during reprocessing, it is not 

convenient to reuse recycled-(p)PLA for its initial application. The proposed degradation mechanisms of 

(p)PLA is summarized in Figure 4 14.  

 

 

Figure 4: Schematic representation of the degradation of pPLA after 1, 3, and 5 processing cycles 

.For more details about the research activities presented in the section 2.1, refer to the articles 7, 11, 14, 16, 

18, 19 and 20 in the Appendix B. 

I would to mention that the properties of the materials developed in the frame of this study (section 2.1) 

attracted the interest of industrial companies such as PolyOne Inc. with whole I launched a collaboration 

(2012-2015) with the purpose to scale-up the most promising material.  

2.2. Green plasticization: design of new cardanol derivative as potential 

biobased plasticizer for PLA 

Cardanol oil is a renewable and organic natural resource produced by vacuum distillation of roasted cashew 

nut shell liquid obtained from the spongy mesocarp of cashew nut shells, a byproduct of cashew nut 

processing 15. Due to its versatile chemical structure and cost-effectiveness, cardanol and its derivatives are 

considered as a promising raw material to develop novel derived biobased materials. Particular properties 

of cardanol and its derivatives, namely the relatively high solubility in non-polar environments and good 

processability, are attributed to the presence of the C15 chain attached to the meta position of the phenolic 
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ring 16. The intrinsically reactive alkyl chain constitutes an interesting platform for chemical modification 

and functionalization 17-19. In particular, synthesis of a new family of biobased plasticizers made of cardanol 

for brittle biodegradable polymers such as PLA would be highly beneficial. In fact, as most plasticizers of 

PLA enhancing its mechanical properties (as described in the section 2.1) are petroleum-based compounds 

20, there is a need to look at alternative sources of plasticizers derived from biobased resources to design 

fully renewable polymeric blends. In this context, we synthesized a novel cardanol-derived plasticizer 

through methoxylation of the double bonds on the side chain of cardanol (C15 chain attached to the meta 

position of the phenolic ring). The main motivation for designing methoxylated cardanol, i.e., methoxylated 

hydroxyethyl cardanol (MeCard), lied in the enhancement of the compatibility properties with PLA since 

a lack of miscibility between the commercial hydroxyethyl cardanol (pCard) and PLA was clearly observed. 

MeCard was synthesized via a five-step synthetic route 21. Afterwards, all melt blends PLA-pCard and 

PLA-MeCard were performed using a co-rotating twin screw micro-compounder (DSM Xplore Research) 

Molecular characterizations revealed that both cardanol derivatives (pCard and MeCard) did not alter the 

processability of PLA after blending. Interestingly, the plasticizer performances were highlighted using 

DMTA and DSC measurements. Addition of optimum amount of pCard led to the shift of the Tg as well as 

the cold crystallization peak (Tcc) due to the presence of a high amount of low molecular weight plasticizer. 

The decrease of Tcc was directly related to the higher PLA chain ability. More interestingly, melt blending 

of PLA with MeCard resulted in the shift of Tg and Tcc to even lower values as compared to PLA-pCard. 

Such behavior can be explained by the improved miscibility between PLA and MeCard due to the 

methoxylation of the double bonds on the side chain of cardanol as shown by SEM (Figure 5). Indeed, 

morphological analysis of PLA-pCard showed clearly the presence of two distinct phases, in which fine 

and regular pCard droplets are dispersed in PLA matrix. On the other hand, homogeneous morphological 

features without any phase separation were noted in PLA-MeCard, confirming that the interaction between 

PLA and MeCard was probably sufficient for providing good miscibility. It is believed that this interaction 

takes place between the methyl side groups present on PLA chains and the methoxy groups on the side 

chain of cardanol. The plasticization efficiency of MeCard was also demonstrated by a substantial decrease 

of the storage modulus, loss modulus, tensile modulus, together with a significant increase of the elongation 

at break as compared to PLA (Table 2). Moreover, higher plasticization performances than those of pCard 

toward PLA were noted (Table 2). The enhanced ductility of blends containing MeCard was related again 

to the improved miscibility and compatibility between PLA and MeCard. 
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Table 2: Overall thermal and mechanical properties of all the materials investigated 

Blend composition (wt. %) Tg
a (°C) Eʹ b (MPa) Et

c (MPa) εb
d (%) 

Extruded PLA 60 1850 1860 5.7  

PLA-pCard; 80/20 38 1435 1035 12 

PLA-MeCard; 80/20 27 1235 710 198 

a Glass transition temperature from the second heating DSC scans 
b Storage modulus at 20°C (DMTA) 
c Tensile modulus at 20°C according to ASTM D638 (test speed 5 mm/min) 
d Tensile elongation at break at 20°C according to ASTM D638 (test speed 5 mm/min) 

 

 

Figure 5: Morphology and mechanical properties of PLA-pCard and PLA-MeCard 

For more details about the study presented in the section 2.2, refer to the article 21 in the Appendix B. 
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Chapter 3 

Advanced functional nanocomposite 

materials 

A part of my research activities focused on the development of environmentally benign methodologies 

based on waterborne systems for preparation of advanced functional novel nanocomposite materials with 

tunable properties. The concept of waterborne system is considered as an attractive green alternative to the 

conventional organic solvents thanks to water solvency, reusability, ease of use, non-toxicity, relatively low 

environmental impact, and cost-effectiveness. Following this approach, several types of nanocomposites 

were designed for different applications, including:  

1. Elaboration of novel nanocomposites with tunable properties, from a combination of core-shell 

latex nanoparticles and cellulose nanocrystals, without any further chemical modification of the 

nanofiller while assuring good compatibility between both entities. This novel material can find 

applications in different domains. 

2. Preparation of reduced graphene oxide/doped polyaniline nanocomposites using new approach 

based on sacrificial surfactant-stabilized reduced graphene oxide. Thanks to its outstanding 

electrical conductivity, application of the prepared nanocomposites as electrode materials for 

supercapacitors was tested. 

3. Hierarchically porous materials from low-cost precursors – polyaniline and polystyrene latex 

nanoparticles using an easy and new concept based on the removal of the polystyrene nanoparticles 

during a pre-carbonization step followed by chemical activation. Outstanding CO2 capture capacity 

of the optimum material was attained.  

The above mentioned nanocomposite materials are discussed in details in a form of three sub-chapters 

(sections 3.1, 3.2 and 3.3 below). 

3.1 Polymer nanocomposites reinforced by cellulose nanocrystals 

In the frame of the eco-development vision, the biobased nanofillers i.e. cellulose nanocrystals (CNC), 

extracted from cellulose, have emerged as promising materials for the design of environmentally friendly 

materials thanks to their biodegradability, renewability, low specific density, needle-like morphology, and 

exceptional mechanical properties 22. Due to their outstanding mechanical properties, nanoscale size and 

high aspect ratios, CNC fulfill all desired characteristics for ideal nanofiller for preparation of polymeric 
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based nanocomposites 23. Despite these attractive features, CNC are difficult to disperse in hydrophobic 

polymeric matrices or in non-polar solvents due to polar nature of their surface, which results in the 

aggregation of the nanofillers. This presents a major disadvantage associated to the utilization of CNC for 

preparation of polymer nanocomposites as a reinforcement material. To overcome this issue, chemical 

modification of the surface of CNC has been employed, such as polymer chain grafting that may act as a 

compatibilizer with the matrix, and thus enhancing the final mechanical properties of the nanocomposite 

materials. However, the disadvantage of this approach is the use of many toxic chemicals. Therefore, a new 

methodology based on incorporation CNC aqueous suspension into polymeric latex suspension (matrix) 

has been investigated. 24-27 The advantage of this methodology is the incorporatation of CNC aqueous 

suspension into latex suspension, without any further chemical modification of the nanofiller to assure a 

good compatibility. Besides, the final nanocomposites can be prepared using conventional processing 

methods. In this context, we developed new nanocomposite materials based on combination of core-shell 

latex nanoparticles (NPs), characterized by hard core and soft shell, as a matrix, CNC as a reinforcing agent, 

and polyethylene glycol (PEG) as a plasticizer. The combination of the three components exhibiting 

different properties (thermal, rheological, mechanical etc.) were expected to tailor the properties of the final 

ternary nanocomposites, without requiring any further chemical modification of the surface of CNC while 

assuring good compatibility between the components. The second motivation behind this study was to 

elucidate the fundamental aspects governing the behavior of such hybrid polymer nanocomposites, which 

are still not well understood since they were barely investigated. 

Core-shell NPs were synthesized from copolymer (methyl methacrylate-ethylene glycol dimethacrylate)-

core and copolymer (methyl methacrylate-butyl acrylate)-shell (CS15) using starved emulsion 

polymerization. CNC were extracted from bleached ramie fibers by acidic hydrolysis. Using CS15 as a 

matrix, CNC as a reinforcing agent as well as a biobased source and PEG as a plasticizing agent, new 

nanocomposite materials with different component ratios were designed. The nanocomposite films were 

processed following three different methods, i.e. i) solution casting, ii) solution casting followed by 

compression molding at 165 °C, and iii) freeze drying followed by compression molding at 165 °C. 

Morphological characterization (SEM) showed that the methods involving compression molding displayed 

the highest degree of coalescence of CS15 NPs. However, in presence of PEG or PEG/CNC, the maximum 

level of compaction of the material was reached as PEG or PEG/CNC fully occupied the interstitial spaces 

and the interface. In addition, visual observation of the films indicated that the presence of PEG helped 

protecting CNC from thermal degradation at relatively high temperature (Figure 6). It was shown that this 

protective effect was very much dependent on the ratio between CNC and PEG. Thermal analysis (DSC) 

revealed that PEG was very well confined between the NPs and at the interstitial spaces and was present in 

amorphous form in all CS15 based materials containing less than 30 wt. % of PEG. Nevertheless, XRD, 
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owing to its higher sensitivity, showed the presence of residual crystals of PEG, which were probably 

formed during the cooling step of the compression molded specimen in the hydraulic press. Moreover, good 

conservation of CNC in presence of PEG during the melt processing at 165 °C, even at higher CNC loading, 

was highlighted by the appearance of the crystalline peaks of cellulose-I structure, thus confirming the 

visual observations. The structure and the properties of the ternary nanocomposite films CS15/PEG/CNC 

were tailored by fine-tuning the concentration of the three components. As expected, the plasticizing effect 

of PEG was revealed by a noticeable decrease of the storage modulus of the materials and the shift of the 

Tg of the shell to lower values, both measured by DMTA. This effect was more pronounced with increasing 

PEG content. Concerning the level of reinforcement of CNC, DMTA measurement showed that this latter 

was very much dependent on the ratio CNC/PEG. By controlling this ratio, one can control the thermo-

mechanical properties of the final film. This reinforcement effect was correlated with the creation of 

percolating CNC network capable of increasing the overall storage modulus of the system. Unbalanced 

ratio between CNC and PEG can compromise the formation of the percolating network because of the 

adsorption of PEG at the surface of most of CNC.  

 

Figure 6: CS15/PEG/CNC specimen prepared by freeze drying followed by compression molding 

For more details about the study presented in the section 2.2, refer to the article 23 in the Appendix B. 
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3.2 New approach on the development of polyaniline/reduced graphene oxide 

nanocomposites via sacrificial surfactant-stabilized reduced graphene oxide 

There is a high demand for high-performance energy storage systems, due to the rapidly growing market in 

wearable and portable electronics 28. Some principal requirements of these energy storage devices are low-

cost, light-weight, stretchability, environmentally friendliness, excellent durability and high power and 

energy densities. In this context, supercapacitors made of electrochemically active materials, as one of most 

promising emerging energy storage devices, have received considerable interest 29. This is due to their high 

power densities combined with high mechanical performances, fast charging and discharging, long lasting 

stability, safe handling and excellent cycle life. Recent years have witnessed the development of electrically 

conductive polymers as a promising class of materials for supercapacitor electrodes due to their relatively 

high theoretical capacities, stretchability, and versatility, as well as their light weight and cost-effectiveness. 

Among them, polyaniline (PANI) is perhaps the most extensively studied electrically conductive polymer 

thanks to its unique properties such as different oxidation states, high specific capacitance, good electrical 

properties, biocompatibility, good chemical and thermal stability, and relative ease of synthesis by 

electrochemical or chemical methods 30, 31. Nevertheless, PANI suffers from several drawbacks as poor 

cycle stability and degradation at relatively high potentials. It is expected that loading of PANI with various 

conductive metals or/and nanocarbonaceous materials can lead to some improvement 30. In particular, 

graphene, a prominent member of nanocarbonaceous materials, is a promising candidate for developing 

highly functional graphene-PANI nanocomposite materials, thanks to its outstanding properties as excellent 

electrical and thermal conductivity, flexibility, mechanical strength and large specific surface area 32. 

Recently, various kinds of graphene-PANI nanocomposites were developed, showing enhanced 

electrochemical characteristics as electrode materials for energy storage 33. Most of the reported studies 

employed in situ polymerization methods of aniline in the presence of reduced graphene oxide (RGO) or 

graphene oxide (GO) 34-39. Due to its electrical resistance, GO combined with PANI does not improve the 

electrical conductivity of the nanocomposites and the overall electrochemical performances in 

supercapacitor electrode. To overcome this issue, reduction of the nanocomposite GO-PANI is 

carried out which simultaneously converts GO into the conductive RGO and PANI to non-

conductive form. This is followed by a reoxidation step, aiming to recover PANI to its conductive form, 

i.e. emeraldine salt state. Though the reoxidation step can help a partial recovery of the electrical 

conductivity of the nanocomposites, it dramatically affects the chemical and electronic structure of both 

PANI and RGO, thus degrading the capacitor performances. Another issue, which needs to be addressed 

during the polymerization of aniline monomers at the surface of GO is the colloidal instability of GO under 

acidic conditions of the polymerization reaction. The approach consisting of in situ polymerization of 
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aniline in presence of RGO showed other limitations associated with aggregation of RGO during the step 

of reduction of GO and the subsequent lack of colloidal stability in aqueous solution, thus leading to 

obstruction of the electrochemical performances of the related nanocomposites. In this regard, we designed 

a novel approach based on sacrificial surfactant-stabilization of reduced graphene oxide to prepare 

RGO/PANI nanocomposites from well exfoliated RGO 40. 

3.2.1 Preparation of nanocomposites 

We designed an easy, inexpensive and optimal route of synthesis of RGO/doped PANI nanocomposites 

with controllable morphologies and properties, following the approach named “ex situ reduction”, which 

consists of reduction of GO (GO was obtained by chemical oxidation of expanded graphite (EG)) in the 

presence of a sacrificial surfactant (polyvinylpyrolidone (PVP)) followed by in situ polymerization of 

aniline monomers in the presence of RGO. For a sake of comparison and understanding of the structure-

properties relationships, another approach, named “in situ reduction” consisting of in situ polymerization 

of aniline monomers in the presence of sacrificial surfactant stabilized-GO sheets in acidic medium 

followed by reduction of GO in GO-PANI nanocomposites was carried out. Both approaches are illustrated 

in Figure 7. 

 

Figure 7: Schematic illustration of the preparation routes of RGO/PANI nanocomposites 

3.2.2 Structure properties relationships 

The comparative study between the properties of RGO-PANI and R(GO-PANI) was necessary to better 

understand the complex interactions occurring between PANI and RGO, by putting closer look at the rich 

states of oxidation and protonation of PANI in combination with different surface chemistries of graphene 
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derivatives (GO/RGO). It also allowed understanding the colloidal stability of RGO in water, essential to 

controlling the subsequent morphology and properties of RGO-PANI nanocomposites.  

SEM, transmission electron microscopy (TEM) and AFM revealed different morphological structures 

between R(GO-PANI) and RGO-PANI. While the former exhibits a discontinuous PANI coating in the 

form of droplets, the latter displays a homogeneous thin coating of PANI at the surface of RGO sheets. In 

addition, RGO-PANI exhibits a sandwich like-structure in which the nanosheets of RGO coated with PANI 

overlap in ordered manner whereas this distribution is random in R(GO-PANI) and GO-PANI. Meanwhile, 

XRD patterns indicate a loss of crystallinity of PANI in R(GO-PANI) connected with the simultaneous 

reduction of GO and PANI. Nonetheless, the crystalline structures of PANI is retained in RGO-PANI. The 

morphological and physical structure discrepancies noticed between R(GO-PANI) and RGO-PANI 

highlight differences in their chemical structures (FTIR, Raman spectroscopy, X-Ray Photoelectron 

Spectroscopy (XPS) and UV-visible) and therefore differences in the mode of interaction between the 

polymer and the nanofiller, which in turn affects the related properties. As a result of the simultaneous 

reduction of GO and PANI when following in situ reduction approach, transition of PANI from its 

emeraldine salt oxidative state to emeraldine base form occurs. Polymerization of PANI at the surface of 

RGO sheets via ex situ reduction approach allows retaining its emeraldine salt form. As a consequence, 

R(GO-PANI) exhibits much higher thermal stability (using thermogravimetric analysis (TGA)) and poor 

electrical conductivity (σ = 0.01 S/m) attributed to the decrease of the doping degree of PANI and to 

morphology changes of the nanocomposites during the reduction process with respect to GO-PANI  

(σ = 0.18 S/cm) and to neat PANI (σ = 0.11 S/cm). The trend of these properties is more pronounced with 

the increase of the reduction time. In contrast, RGO-PANI displays thermal properties comparable to those 

of neat PANI and superior electrical properties (σ = 76 S/cm), which can be further improved by milling of 

the nanocomposite (σ = 280 S/cm). Such enhancement of the electrical conductivity were attributed to the 

particular morphology of RGO-PANI obtained under well-controlled processing conditions, which are due 

to the establishment of strong interactions including π-π stacking, electrostatic and hydrogen bonding 

between PANI and RGO sheets. Elaboration of RGO-PANI with such electrical conductivity features was 

possible only thanks to the excellent colloidal stability of RGO in water, achieved via effective stabilization 

of GO during the reduction process, and to the subsequent morphology of RGO-PANI.  

The electrochemical characterization of the selected nanocomposites was performed by cycling 

voltammetry (CV) and constant current charge-discharge cycling (CC) to see the effect of the above 

mentioned physico-chemical properties on their capacitive and redox characteristics. The electrochemical 

properties of the most promising material, i.e. RGO-PANI were compared with the results of GO, PANI 

and GO-PANI (Figure 8). Qualitatively, the cyclovoltammograms of all the PANI-containing electrodes 

showed all the characteristic peaks of PANI. Both nanocomposites GO-PANI and RGO-PANI showed 
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greater intensities of the middle peak, most probably due to the fact that they bring more quinone and 

hydroquinone species to the system originating from graphene-based phase. 41 However, all PANI-based 

electrodes indicated poor electrochemical cycling stability of the nanocomposites. A summary of the decay 

of the capacitance (Figure 8E) showed continuous capacitance decrease during the stabilization 

experiment. In the case of GO, an increase of its capacitance was observed as it got reduced during the 

experiment, which increased the conductivity due to partial restoration of the sp2 hybridization. The data 

from the stabilization experiment suggested that no protection against degradation was provided by GO or 

RGO. It rather seems that pure PANI exhibits the best cycling stability of all the materials. However, if one 

look carefully at the three points in the bottom part of Figure 8E, which are relative capacitances calculated 

from the CV experiment performed after examining the effect of scan rate, one can see that the capacitance 

of the nanocomposites in fact converged to some value, while pure PANI degrades further. Overall, though 

significant advances were made on these materials in the frame of this study, the cycling stability obtained 

is still not satisfactory. Optimization of the material composition will be done in the future to enable further 

opportunities for the development of novel electrically active materials. 

 

 

Figure 8: Cyclic voltammograms of the materials A) PANI, B) PANI-GO, C) RGO-PANI-24, D) GO, E) 

Evolution of relative specific capacitance as a function of number of cycles 
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A scientific article describing the findings presented in the section 3.2 was submitted to journal of Colloid 

and Interface Science 40. 

3.3 Nitrogen-rich hierarchically porous polyaniline-based sorbents for carbon 

dioxide (CO2) capture 

Energy-driven consumption of fossil fuels has led to a dramatic rise in CO2 emissions, disturbing the global 

carbon cycle. Carbon capture and storage technologies are considered as immediate and most realistic 

solution to reduce CO2 emissions. Among the CO2 capture options available, post-combustion capture is 

the most widely adopted method. 42, 43 For more than six decades, amine absorption has been an efficient 

and most advanced technology for the removal of CO2 from natural gas. 42, 44 Though well-established, this 

approach consumes an enormous amount of energy, results in corrosion of equipment, inherent regeneration 

costs and toxic emissions. To date, the main challenge for the large scale application of post-combustion 

capture to coal fired power plants remains the cost of CO2 capture. A number of solid sorbents such as 

molecular sieves, porous carbon, porous silica, metal organic frameworks etc., are emerging as promising 

alternatives to replace liquid amine, thanks to their well-developed porosity, ease in handling and their low 

energy requirements for regeneration. 45-47 CO2 adsorption capacity and selectivity of porous carbons can 

further be improved by incorporating nitrogen groups into the framework as these functional groups can 

act as Lewis base sites for sequestering CO2.48 As a result, there is an accented interest to investigate the 

CO2 capture performance of nitrogen doped porous carbons. According to latest reported studies, it has 

been found that efficient CO2 sorption performance depends on a combination of diffusion and adsorption 

selectivity. Although the incorporation of amines or nitrogen groups enhances the CO2 sorption capacity, 

the functionalization step usually results in the blockage of the diffusion channels to the active sites present 

on the materials. Moreover, there have been reports of amine degradation and leaching after multiple CO2 

capture cycles. A more promising approach is the direct carbonization and activation of nitrogen-containing 

polymers. This method allows better control over the chemical composition and avoids complicated post-

treatments to incorporate nitrogen groups. However, it still remains a challenge to design the optimum 

combination of surface chemistry and a material framework comprising all three types of pores i.e. abundant 

micropores (for high CO2 adsorption), mesopores and macropores (to facilitate efficient CO2 diffusion into 

and out of the adsorption sites). 49, 50 Based on these findings, we designed stable hierarchically porous 

materials with high surface areas and high nitrogen content and tested their application in CO2 capture51.  

3.3.1 Synthesis of the 3-D Microclusters 

The proposed strategy for designing the stable hierarchically porous materials was aimed at creating a range 

of pore sizes in the same material while retaining a good amount of nitrogen functionalities on the carbon 
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framework, due to its affinity towards CO2. The creation of different pore sizes was necessary to facilitate 

efficient gas diffusion and simultaneously enhancing the CO2 adsorption capacity. PANI was selected as a 

starting polymer, thanks to its high nitrogen content, ease of synthesis and low cost. The intrinsic presence 

of nitrogen in the molecule of aniline (monomer), guaranteed the homogenous distribution of nitrogen 

groups in the carbon based final materials. The spherical polystyrene latex nanoparticles (PS NPs) were 

chosen as building blocks, based on their high Tg, which gave rigid and non-deformable support to the 3-D 

framework 52-56 and later on as sacrificial template. Upon carbonization and removal of PS NPs, we expected 

to create additional pores and increase the surface area and pore volume of the final materials. The 

crosslinking of the polymer using phytic acid with the purpose to create hierarchical porosity was also 

investigated.  

The PS-NP building blocks were prepared by radical emulsion polymerization. 51 Aniline (ANI) was 

polymerized by chemical oxidative route in aqueous medium in the presence of the PS NPs. Polymerization 

of aniline was done without or with PS NPs, without or with phytic acid as crosslinker for comparison. The 

resulting suspensions of microclusters were freeze dried and then carbonized under controlled conditions. 

Finally, they underwent chemical activation using KOH at different ratios of KOH/Carbonized material 

(KOH/C), followed by another cycle of carbonization. The synthesis procedure is depicted in Figure 9. 

 

Figure 9: Procedure of synthesis of the 3-D porous materials 
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3.3.2 Morphology of the 3-D Microclusters 

Overall, a higher carbon mass remained for all the crosslinked materials in comparison to non-crosslinked 

materials, measured by TGA. The weight difference is due to the thermal stability of the crosslinker, phytic 

acid, which undergoes dehydration and carbonization and therefore slightly increasing the weight of the 

crosslinked materials. SEM analysis showed that the skeleton of the PS-PANI microclusters contain 

interconnected spherical pores left by the removal of PS NPs, which created additional porosity for easy 

diffusion of CO2. Comparatively, the PANI microclusters prepared without PS NP building blocks showed 

globular rather than the hierarchically porous structures. The adsorption isotherms further evidenced the 

creation of the high surface area hierarchically porous materials after the carbonization and activation steps 

(micropores and some mesopores). In addition, TEM images clearly showed the porosity of the carbon, 

which is important for efficient gas diffusion.  

The trend in evolution of Brunauer–Emmett–Teller (BET) surface areas with different KOH treatments 

showed that increasing the KOH/C ratio from 1 to 3 resulted in the formation of new pores and thus to 

higher surface areas. This effect was more pronounced for the materials, which were crosslinked with phytic 

acid. The phytic acid networks guaranteed greatest KOH adsorption of the carbonized material, and 

therefore a well-developed porosity in the following activation step thanks to the property of KOH to 

generate pores. When the ratio KOH/C = 3 was used for the crosslinked materials, optimum pore size 

distribution was achieved. 

3.3.3 Capture performance 

The optimized material i.e. PS coated crosslinked PANI activated using KOH/C = 3 achieved very 

high CO2 capacity (9.14 mmol/g) at 273.15 K and 1 bar, which is among the highest reported for carbon-

based sorbents in the literature. It is clear that this high CO2 capture capacity was principally due to the 

hierarchical pore structure, which increased the diffusion of CO2 into the inner micropores. After examining 

the CO2 capture capacity of the so-produced materials with varying textural properties and nitrogen amount, 

we found out that the CO2 capture capacity at low pressure is mainly controlled by the presence of 

micropores with diameter smaller than 0.7 nm. However, when elaborating materials for concrete 

applications, it is primordial to tune both the pore structure and surface chemistry, at the same time to 

combine their advantages.  

By taking into consideration possible industrial application of our material, sorbent regeneration capability 

test was carried out on our optimized material 51. The obtained results of regeneration indicated the highest 

reduction in sorption capacity after the first cycle, whilst further cycles (within statistical uncertainty of the 

measured data) did not show important reduction of the sorption capacity. CO2 sorption isotherms measured 

after each regeneration cycle showed a change in pore size distributions after the first regeneration whereas 
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other distributions were quasi-identical to each other independent on the number of regeneration cycle. 

There was no significant difference for the composition of all tested materials, indicating that physical 

adsorption in ultramicropores (physisorption) is the main binding mode. Nevertheless, the loss in sorption 

capacity, despite no change in composition suggested that there were small changes to the material porosity. 

Basically, since the binding mechanism of our materials is only by physisorption, we believe this requires 

lower amount of energy for regeneration compared to aqueous amine absorption process, where CO2 is 

reacting with amine molecules (chemisorption). In addition, it was already reported that amine solutions 

are less stable and undergo degradation, which is not the case of solid sorbents, which are durable over 

several cycles. 

 

For more details about the study presented in the section 2.2, refer to the article 25 in the Appendix B. 
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Chapter 4 

Research perspectives 

I have recently launched several research activities in our research group. The main ones include:  

4.1. Design of flexible hybrid supercapacitors from renewable resources 

In the frame of my research activities related to the design of high performance supercapacitors, I launched 

few months ago a new project aiming at designing a novel type of highly flexible, thermally stable and 

lightweight electrodes based on materials suitable for sustainable development for high performance 

supercapacitors, with tailored structure and high capacitance. Herein, the emerging biosourced cellulose 

nanofibrils (CNF) is employed as a substrate to prepare supercapacitor electrodes with electrically 

conductive polymers (ECP) and/or nanocarboneceous materials (graphene derivatives or carbon nanotubes 

(CNT)) using bottom-up approaches. New methodologies of polymer/nanofiller compatibilization and 

homogenization are being investigated to combine together different materials and different properties into 

free-standing CNF-ECP based porous electrodes with optimal dispersion of the nanosized fillers, porosity, 

and thickness. In this regard, surface functionalization of the CNF and nanocarboneceous materials with 

well-selected functional groups will be performed. The electrodes exhibiting the best capacitances, high 

flexibility and thermal stability will be used in fabrication and testing of supercapacitor devices. This study 

is motivated by i) a high need to develop environmentally benign, lightweight and flexible supercapacitors 

with enhanced capacitance retention at high charge–discharge rates, and ii) a significant lack of fundamental 

understanding of the structure-properties relationships governing such hybrid supercapacitors.  

4.2. Development of novel biodegradable porous nanocomposite materials for 

bio-medical applications 

The project deals with the investigation of novel approach of generating biodegradable and biocompatible 

composite like-porous materials as potential scaffolds or drug delivery carriers. Porous materials with 

desired porosity, high and tunable mechanical stability and degradation kinetics will be designed. In this 

context, polymeric biodegradable porous materials with controlled pore structures and chemical 

compositions have engendered substantial interest due of their attractive characteristics, such as large 

specific surface area, low density, and well-defined porosity. They can find applications in 

biomacromolecule trapping, drug delivery or tissue engineering. Among potential biodegradable polymers, 
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poly(lactic-co-glycolic acid) (PLGA) has been used as a tissue engineering scaffold, as well as a carrier for 

the delivery of proteins, drugs, and other macromolecules, as the degradation rate of the polymer can be 

controlled. In the frame of this project, we already started the synthesis of PLGA bearing various functional 

groups. Synthesized polymers are currently explored for preparation of two types of particles, i.e. i) 

nanoparticles with different surface charges, which will open new possibilities for construction of nano- to 

micro-clusters based nanoparticles by self-assembly, and ii) porous microspheres, which can serve either 

for construction of solid porous scaffolds in combination with reinforcing agents (CNT, CNF etc.), or as 

drug delivery carriers. Entrapment of model molecules inside the nanoparticles/porous microspheres are 

also ongoing. Detailed material characterization will be carried out to understand the structure-properties 

relationship. Finally, in vitro tests will be performed on the most suitable materials. This study will be later 

extended to other biodegradable polymers such as polycaprolactone and polylactide.  

4.3. Amorphous solid dispersions: formulation and prediction of phase 

diagrams drug-polymer  

The therapeutic efficiency of a drug, so-called active pharmaceutical ingredient (API) depends upon its 

bioavailability, which is directly associated to its solubility in water. Recent studies reported that up to 70% 

of investigational new drugs and up to 40% of marketed drugs exhibit poor solubility in water, resulting in 

low bioavailability and often results in variable dissolution rates. A promising way to improve the 

bioavailability of poorly soluble API is their integration into polymer matrices and formation of so-called 

amorphous solid dispersions (ASD), or co-amorphization with amino-acids and formation of co-

amorphous. The most used techniques to create ASD are spray drying and hot melt extrusion. ASD is 

created by molecularly dispersed API within the carrier forming single-phase. Physical stability or API 

recrystallization tendency of an ASD formulation depends mainly on the solubility of the crystalline API 

in the polymer at the storage temperature. Taking into consideration the above mentioned, before the 

preparation of ASD, such parameters as the solubility of the API in the polymer, Tg, Tm, and many others 

should be calculated and subsequently used in theoretical modeling. In the frame of a collaboration between 

our laboratory and Laboratory of applied thermodynamics, we started an activity related to preparation of 

ASD by means of hot melt extrusion and freeze drying using model drugs. To predict the stability of the 

prepared ASD formulations at storage conditions, the phase diagrams are constructed based on calorimetric 

measurements with mixtures of different compositions in connection with the modeling using the Flory-

Huggins theory and recently developed molecular-based equations of state. The long-term stability of the 

prepared ASD formulations is systematically assessed for pharmaceutically relevant time periods. In 

parallel to this study, we plan also to study the formulation and long term physical stability of co-amorphous 

API-amino acid systems, as another promising approach of API amorphization.  
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Abstract: The use of N-heterocyclic carbene-type ligands with
palladium catalysts allows the activation of chloropyridines and
chloroquinoline towards carbonylative cross-coupling with phenyl-
boronic acid for the synthesis of unsymmetrical biaryl ketones.

Key words: palladium, N-heterocyclic carbene ligand, pyridyl
chloride

Palladium-catalyzed Suzuki cross-coupling reactions of
boranes, boronic esters or boronic acids with aryl halides
or pseudo-halides to form biaryl derivatives have emerged
over the past two decades as an extremely powerful tool
in organic synthesis.1 In particular, remarkable progress
has been achieved recently to enlarge the scope of these
reactions to aryl chlorides, which are less reactive but
much cheaper and more readily available substrates than
aryl iodides and bromides.2 Closely related to the Suzuki
reaction, the palladium-catalyzed three-component cross-
coupling of aryl halides, carbon monoxide and aryl boron-
ic acid provides also a straightforward access to unsym-
metrical biaryl ketones.3 The main drawback of this
approach lies sometimes in the formation of biaryl side-
products, which results from direct coupling, i.e. without
carbon monoxide insertion, in particular with electron-de-
ficient aryl halides. Also, whereas aryl iodides and bro-
mides are usually coupled efficiently under carbonylative
conditions, aryl chlorides suffer from the same lack of
reactivity as aforementioned and, until now, to our
knowledge, there is no example of carbonylative cross-
coupling involving aryl chloride.

We have recently reported the selective transformation of
various mono- and di-iodo and bromopyridines into a-py-
ridyl ketones using such methodology.4 In this study, it
was found that both the reactivity and selectivity for the
ketone product increased when PCy3 was used instead of
PPh3. This fact prompted us to investigate other types of
sterically demanding electron-rich ligands. In this paper,
we report that the use of palladium-catalysts based on N-
heterocyclic carbene ligands derived from commercially
available imidazolium salts (Scheme 1), which have prov-

en successful in direct Suzuki coupling of chloroarenes,5

allows the effective carbonylative coupling of various
chloro- and dichloroazines (pyridine and quinoline) with
phenylboronic acid.

As the use of such ligands in carbonylation reactions has
not been described previously,6 the reaction was first ex-
plored with 2-bromopyridine (1a) and phenylboronic acid
(Scheme 2).

Scheme 1 Imidazolium salts (Imd)

Various solvents and bases were used in combination with
Pd(II) acetate and 1,3-bis(2,4,6-trimethylphenyl)-imida-
zolium chloride (A) as the catalyst precursors. Table 1
shows that 1,4-dioxane is the best solvent, which enables
complete conversion of 1a within reasonable time and
high selectivity for 2-benzoyl-pyridine (4) (entry 2). In
other ether type solvents such as anisole and THF, both
the reactivity and selectivity were slightly lower (entries
1, 3).

Scheme 2 Carbonylative Suzuki cross-coupling of pyridyl halides

On the other hand, no conversion was observed in DMF
(entry 4). The base affected also greatly the efficiency of
the process. Best results were obtained with Cs2CO3 and
K2CO3 (entries 2, 5). KF, an effective base for direct
Suzuki coupling,7 led to low conversion and the only
products observed (mainly biphenyl) resulted from direct
coupling (entry 6). A strong base such as Mg(OEt)2

proved totally ineffective though alkoxide anions are
known to reduce imidazolium salts into the corresponding

N N ArAr +

Cl

N N ArAr
+

Cl

A : Ar = 2,4,6-(Me)3C6H2

B : Ar = 2,6-(iPr)2C6H3

C : Ar = 2,4,6-
(Me)3C6H2

N N

X COPh
Pd(OAc)2 - Imd

CO, PhB(OH)2

1a : X = 2-Br; 1b : X = 2-Cl
  2 : X = 3-Cl
  3 : X = 4-Cl

4 : 2-COPh
5 : 3-COPh
6 : 4-COPh
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N-heterocyclic carbene (entry 8).8 The reaction was af-
fected little by the CO pressure; only a slight decrease in
selectivity occurred on lowering the pressure from 50 to 5
bar (entries 9, 10). In fact, the reactivity and selectivity
for ketone with this N-heterocyclic carbene system are
slightly better than those obtained with PCy3 under the
same reaction conditions.4

The catalytic performance of Pd-imidazolium salt sys-
tems towards various chloropyridines was next examined
under the conditions optimized for 1a, i.e. using 1,4-diox-
ane as solvent and Cs2CO3 as base (Table 2). At 120 °C,
catalyst system A appeared somewhat sluggish with 2-
chloropyridine (1b) but the selectivity into 4 was excellent
(entry 11). Increasing the temperature to 140 °C led, as
expected, to a great increase in the activity and, interest-
ingly, the selectivity was almost unaffected (entry 12, see
typical procedure). On the other hand, at 150 °C, the cat-
alyst system apparently reached its stability limits as the
overall conversion decreased (entry 13).

The influence of the palladium-to-ligand ratio was also in-
vestigated. Deviation from the 1:2 ratio induced a dramat-
ic drop in activity (entries 14, 15). Most likely, for lower
amounts of ligand, the system is not stable enough over
long periods to reach a satisfactory conversion.9 On the
contrary, when higher amounts of ligand are used, the co-
ordination sphere of the palladium center is likely too hin-
dered to allow a good activity. Likewise, bulky
imidazolium salts B and C were found much less effective
than A (entries 16, 17). Decreasing the CO pressure re-
sulted in both lower conversion and selectivity (entries 18,

19). Remarkably, much better results in terms of conver-
sion were obtained when 1,4-dioxane was percolated just
before use through freshly activated alumina (TOF = 10
h–1; entry 20),10 whereas addition of small amounts of
water into the reaction medium had a detrimental effect
(entry 21).

The halogen in 2-position in halopyridines is well known
to be more reactive than the one in 4-position towards nu-
cleophilic substitution and, hence, oxidative addition of
such a C-Cl bond onto palladium should be facilitated. In-
deed, the reaction with 4-chloropyridine (3) proceeded
more slowly than with 1b (entry 23). This is consistent
with an oxidative addition as the rate-determining step of
the catalytic cycle for chlorides.2 The poor reaction rate
with 3-chloropyridine (2) was thus not unexpected con-
sidering the unactivated 3-position of the pyridyl ring
(entry 22). In both cases, the low reactivity proved also
detrimental for the ketone selectivity.

The reactivity of other dichloroazines was also tested us-
ing the conditions optimized for 1b: Pd(OAc)2-A (1:2) as
catalyst, 1,4-dioxane as solvent, Cs2CO3 as base, at 140 ºC
under 50 bar CO (Scheme 3). Consistent with the results
described above, the 2-position in dichloropyridines re-
acts selectively with respect to the 3-position, to give the
corresponding 2-aroyl derivatives in valuable yields over

Table 1 Palladium-Imidazolium-Catalyzed Carbonylative 
Coupling of 2-Bromopyridine (1a) with Phenylboronic Acida

En-
try

Solvent Base P (CO) 
(bar)

Time 
(h)b

Conver-
sion 1a 
(%)

Selec-
tivity 4 
(%)c

1 Anisole Cs2CO3 50 24 83 93

2 1,4-Dioxane Cs2CO3 50 21 100 95

3 THF Cs2CO3 50 22 88 89

4 DMF Cs2CO3 50 22 0 –

5 1,4-Dioxane K2CO3 50 22 95 95

6 1,4-Dioxane KF 50 22 35 0

7 1,4-Dioxane K2CO3/CsCl 50 22 67 94

8 1,4-Dioxane Mg(OEt)2 50 22 7 0

9 1,4-Dioxane Cs2CO3 5 21 100 91

10 1,4-Dioxane Cs2CO3 10 21 100 94

a General conditions: 1a = 2.1 mmol, PhB(OH)2 = 2.2 mmol, 
base = 4.0 mmol, Pd(OAc)2 = 0.06 mmol, A = 0.12 mmol, 
solvent = 15 mL, T = 100 °C.
b Reaction time was not necessarily optimized.
c Selectivity for carbonylated product 4; 2-phenylpyridine accounts 
for the balance.

Table 2 Palladium-Imidazolium-Catalyzed Carbonylative 
Coupling of Chloropyridines with Phenylboronic Acida

En-
try

Sub-
strate

Ligand 
Imdb

T 
(ºC)

P (CO) 
(bar)

Time 
(h)

Conver-
sion (%)

Selectivi-
ty (%)c

11 1b A (2) 120 50 40 63 93

12 1b A (2) 140 50 16 72 90

13 1b A (2) 150 50 24 60 87

14 1b A (1) 140 50 30 32 84

15 1b A (4) 140 50 30 49 87

16 1b B (2) 140 50 30 48 89

17 1b C (2) 140 50 30 39 90

18 1b A (2) 140 25 30 69 91

19 1b A (2) 140 5 30 63 71

20d 1b A (2) 140 50 22 88 91

21e 1b A (2) 140 50 60 40 92

22 2 A (2) 140 50 24 4 50

23 3 A (2) 140 50 47 43 42

a General conditions: substrate = 2.1 mmol, PhB(OH)2 = 2.2 mmol, 
Pd(OAc)2 = 0.06 mmol, Cs2CO3 = 4.0 mmol, dioxane = 15 mL.
b The values in parentheses refer to the imidazolium salt:Pd ratio.
c Selectivity for carbonylated product; phenylpyridine accounts for 
the balance.
d Dioxane was percolated just before use through freshly activated 
alumina.
e 0.2 mL of water was added in the reaction medium.
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reasonable times (TOF = 20 h–1 with 2,3-dichloropyri-
dine).10 Small amounts of the diketone product were also
formed from 2,6-dichloropyridine (two activated posi-
tions). Only the activated 4-position of 4,7-dichloroquin-
oline reacted to form ketone adduct (TOF = 7 h–1).10 As
usually observed with chloride substrates and Pd cata-
lysts, some reduction compounds were also obtained.

In summary, we have extended the scope of the carbony-
lative coupling reaction to the attractive heteroaryl chlo-
rides. The use of N-heterocyclic carbene ligand enables to
overcome the poor reactivity of this class of substrates and
leads to good selectivities towards ketones. Other sub-
strates are currently being tested to generalize this method
and reaction conditions are still under investigation to op-
timize the process.

Scheme 3 Carbonylative Suzuki cross-coupling of dichloroazines

Typical Procedure
In a typical experiment, a 50 mL stainless steel autoclave equipped
with a magnetic stirring bar was charged with Pd(OAc)2 (13.5 mg,
0.06 mmol), the imidazolium salt (0.12 mmol) (A and B from Strem
Chemical, C from Acros), 1b (200 mL, 2.1 mmol), Cs2CO3 (1.3 g,
4.0 mmol) and 1,4-dioxane (10 mL). After flushing the atmosphere

with N2, the autoclave was heated to 80 °C under stirring for 40 min.
Then, the autoclave was cooled to 20 °C and a solution of phenyl-
boronic acid (268 mg, 2.2 mmol) in dioxane (5 mL) was added un-
der N2. The autoclave was flushed with CO, pressurized to 50 bar
and heated to 140 °C for 22 h. After cooling to 20 °C, the solution
was analyzed by quantitative GLC. For isolating the products,
CH2Cl2 (15 mL) was added to the reaction mixture, the solution was
washed with aq brine and dried over MgSO4. The solvent was re-
moved in vacuo and the residue was purified by silica gel chroma-
tography to give analytically pure (1H and 13C NMR, MS) ketone
products.
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Abstract

The UV-light degradation of polyethylene oxide (PEO) in aqueous solution was investigated operating under long wavelengths (l> 300 nm)
at 20 �C in different pH conditions varying from 2.3 to 12.0 and at two different concentrations. Thermo-oxidation experiments on PEO aqueous
solution at 50 �C are also reported and compared to photo-oxidation results. The formation of oxidation products was followed by infrared anal-
ysis of deposits obtained by evaporation of aliquots of irradiated polymer solution. Photo-oxidation led to formates and esters but a third product
was also identified, formic acid ions formed by partial hydrolysis of formates. The degradation of PEO in water led to the acidification of the
aquatic medium. Size exclusion chromatography (SEC) was used to monitor the changes in molar weight and intrinsic viscosity with irradiation
time. It was shown that the photo-oxidation produced a dramatic decrease of the average molar weights which is more important in acidic me-
dium. Total organic carbon (TOC) measurements of the aged aqueous solutions showed that the mineralization of PEO could not be achieved in
these photo-oxidative conditions.
� 2007 Elsevier Ltd. All rights reserved.

Keywords: Photodegradation; Water; Poly(ethylene oxide); SEC
1. Introduction

Water-soluble polymers are produced in large volumes
and are widely used in a variety of industrial and consumer
products. These polymers find use in polymeric surfactant,
pigment dispersants, mining oil drilling, detergents, etc. After
use, depending on their characteristics and particular applica-
tions, water-soluble polymers are discarded into solid waste
disposal systems or as dilute aqueous solutions and they
are potential contributors to environmental problems [1].
Their photochemical degradation in aqueous solution gives
insight of their impact on environment in outdoor conditions.
The knowledge of their degradation is then of prime impor-
tance to evaluate their fate and their long term behaviour.

Among polyethers, PEO with PVME are the only one that
are readily soluble in water [2]. PEO is biocompatible, biode-
gradable, non-ionic and a water-soluble polymer of consider-
able industrial significance. PEO finds applications in many

* Corresponding author. Tel.: þ33 (0)73 40 71 43; fax: þ33 (0)73 40 77 00.

E-mail address: sandrine.therias@univ-bpclermont.fr (S. Morlat-Thérias).

0141-3910/$ - see front matter � 2007 Elsevier Ltd. All rights reserved.

doi:10.1016/j.polymdegradstab.2007.07.016
different branches of industry, cosmetics, pharmacy and medi-
cine. For example it is typically used as a surfactant, lubricant,
textile size, hydraulic fluid, and water-soluble packaging film
[3e6].

Poly(ethylene oxide) (PEO) has a simple chemical structure.
It is built from flexible linear macrochains consisting of ele-
ments with different electronegativity, carbon and oxygen
(eCH2eCH2eOe). In the crystalline solid state, PEO exists
mainly in the form of a regular helix. The characterisation of
the spatial configuration of PEO shows an arrangement with
trans (OeCH2), gauche (CH2eCH2) and trans (OeCH2) con-
formations [7,8]. In aqueous solution PEO conformation shifts
to a random coil with statically placed residual helix segments
[2,4,9,10], the helix structure being conserved. According to
experimental and theoretical studies realised on waterePEO
systems [4,11e13], hydrogen bonding plays an important
role in the interactions between PEO and water. PEO in water
adopts the local conformations (eOeCeCeOe dihedral se-
quences) tgt, tgg, ttt,.etc. (with t¼ trans and g¼ gauche).
The conformations tgt and ttg are favoured under low concen-
tration and low temperature conditions whereas the population

mailto:sandrine.therias@univ-bpclermont.fr
http://www.elsevier.com/locate/polydegstab
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of the hydrophobic conformers increases with concentration
and temperature. These two conformers exhibit a substantial
hydrophilic character while the rest are essentially hydropho-
bic. Hydrogen bonds play an important role in the preferential
conformation tgt characterised by OeCeCeOe dihedral an-
gle of 85.4�.

This study of photo-oxidation of PEO is part of a general
study of water-soluble polymers carried out in our laboratory
[14,15]. The mechanism of photo-oxidation of PEO in the
solid state has already been studied under irradiation at long
wavelengths (l> 300 nm, 35 �C) in presence of oxygen
[14]. This previous study has shown that PEO is very sensitive
to oxidation. Hydroperoxides (POOH) are formed as primary
products within a classical chain oxidation reaction that
involves hydrogen abstraction which occurs on methylene
groups in a-position of the oxygen atom. These primary hy-
droperoxides readily decompose to form macroalkoxy radi-
cals PO

�
and hydroxyl radical

�
OH. In photo-oxidative

conditions, the main route of decomposition of macroalkoxy
radicals is a b-scission, which generates formates in a 5/1
ratio against chain esters. In contrast, in conditions of
thermo-oxidation, the situation is different. The hydroxy rad-
icals

�
OH formed by decomposition of the hydroperoxides

mainly react with the macroalkoxy radicals in a cage reaction,
producing esters. A same amount of esters and formates is
then observed.

A first approach of the photodegradation of PEO in aqueous
solution has been carried out [15]. Irradiation of PEO aqueous
solutions leads to the formation of macromolecular esters, for-
mate end groups and a third photoproduct was identified,
HCOO�. The main difference observed between the photo-
products formed in photo-oxidation conditions either in solid
state or in aqueous solution concerns the formation of formic
acid ions (HCOO�) released in solution. A strong influence of
the pH of aqueous solution was observed on the photochemi-
cal behaviour of PEO, which could not have been explained.
The chemical structure of the polymer cannot explain the in-
fluence of pH on the mechanism of oxidation, and the impor-
tance of radical or ionic reactions occurring in water was still
questionable.

The present paper is mainly focused on the influence of pH
of the aquatic medium on the mechanism of photo-oxidation
of PEO; a specific attention is being paid to the analysis of
photoproducts and to the characterisation of the rate of
photo-oxidation. Photo-oxidation experiments were carried
out in different pH conditions. The modifications of the chem-
ical structure of the polymer were followed by IR spectrom-
etry and by SEC analysis in order to characterise the
changes of molar weight distribution and the evolution of
the viscosity of the solution. The aqueous solutions were
also characterised by measuring the variations of pH during
irradiation. The influence of the pH on the stability of the
photoproducts was also studied. Moreover, an evaluation of
the possibility to achieve the mineralization of PEO in
photo-oxidation conditions was also carried out by measuring
the Total Organic Carbon (TOC) concentration of the irradi-
ated solution.
2. Experimental

2.1. Materials

Poly(ethylene oxide) was obtained from Scientific Polymer
Products and used without further purification. Average molar
weight of the polymer was 100 000 g mol�1. PEO solutions
of 5 wt.% and 0.5 wt.% (respectively, 50 gm mL�1 and
5 mg mL�1) were prepared by dissolving PEO into a distilled
and deionized water with mild stirring overnight at room tem-
perature. The pH value was measured with an ORION pH meter
to �0.1 pH unit. Dissolution of PEO in deionized ultrapure
water (at concentration of 50 mg mL�1 or 5 mg mL�1) results
in a solution with a pH value of 8.4. Solutions in acidic or basic
medium (pH¼ 2.3 or 3.1 and 12.0) were, respectively, obtained
by adding drops of diluted HClO4 or NaOH (HClO4 was chosen
to acidify the aqueous solution because ClO4

� is photochemi-
cally stable contrary to Cl�). No buffer was used in order to
avoid making the system too complex by adding too many
species.

2.2. Irradiation

Irradiations of PEO in solid state (as films) were carried out
in a SEPAP 14/24 unit. This apparatus has been designed for
the study of polymer photodegradation in artificial ageing cor-
responding to medium accelerated conditions [14,16].

Irradiation of PEO aqueous solutions was carried out in an
elliptical chamber which is equipped with one medium-
pressure mercury lamp (Mazda MA 400) in a vertical position
at one focal axis of the chamber [15]. Wavelengths below
300 nm are filtered by a glass envelope. The aqueous solution
of PEO was irradiated in a Pyrex reactor cooled by water circu-
lation. The temperature of the solution was maintained at 15 �C
in order to avoid water evaporation. This reactor was placed at
the second focal axis of the chamber. The solutions were
continuously stirred with a magnetic stirrer and a Teflon bar.

Thermo-oxidation experiments were carried out at 50 �C in
a 100-mL round bottom flask equipped with reflux condenser.
This temperature was chosen to keep the aqueous solution at
a temperature below the cloud point temperature
(CPT¼ 100 �C) [17,18]. The reactor was therefore placed
into an oil bath.

2.3. Chemical characterisations

PEO solutions of 5 wt.% concentration were chosen in order
to follow the chemical modifications of the irradiated solutions
by IR analysis of deposits on CaF2 windows. Thin deposits of
oxidized samples of PEO obtained by evaporation of aliquots
of irradiated aqueous solution of PEO were analysed in transmis-
sion mode before infrared analysis. The samples were dried at
room temperature for 24 h. In the manuscript, the figures of
FTIR spectra are limited to the range 4000e1000 cm�1 due
to the opacity of the CaF2 plate between 1000 cm�1 and
400 cm�1. Infrared spectra were recorded with a Nicolet
FTIR 760 spectrometer, working with OMNIC software.
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Spectra were obtained using 32 scan summations and 4 cm�1

resolution. In order to take into account the variations of thick-
ness resulting from the mode of preparation of the samples,
a calibration of the photo-oxidized samples was performed at
1965 cm�1, which corresponds to a combination band of
(COC) stretching modes and (CH2) rocking modes. The
thickness dependence of the absorbance obeyed the equation:
e ¼ absorbance at 1965 cm�1 � 1=0:00405 [14].

Chemical treatments with SF4 and NH3 carried out to iden-
tify the photoproducts were performed following the proce-
dure previously described [14,19e21].

2.4. SEC

The changes of molar weight (Mw, Mn), molar weight
distribution (polydispersity index (Mw/Mn) and the intrinsic
viscosity (IV) were measured by size exclusion chromatogra-
phy (SEC) with double distilled deionized water as eluent at
a flow rate of 1 mL min�1. A linear column was used for phys-
ical separation (TSK/Ref: GMPWXL). The refractive index
was monitored continuously with a differential refractometer
(Viscotek VE 3580) and the intrinsic viscosity with a viscom-
eter (Viscotek TriSec Model 270).

2.5. Ion chromatography

Ion chromatographic analyses were performed in a clean
room (class 10 000). Aqueous solutions were injected directly
without filtration to avoid further contamination. Working con-
ditions are similar to those detailed by Jaffrezo et al. [22]. A
DX 320 chromatograph equipped with an AS11 (4 mm) col-
umn for the anions was used in order to detect HCOO� or
HCOOH in aqueous solutions after ageing.

2.6. Total organic carbon

Total Organic Carbon (TOC) measurements of aqueous
solution were obtained with a Total Organic Carbon (TOC)
analyzer Shimadzu model TOC-5050A. The Shimadzu
TOC-5050A is able to perform Total Carbon (TC) analyses
by combustion and Inorganic Carbon (IC) analyses by oxida-
tion. TOC measurements were obtained by calculating the
difference between TC and IC measurements.

3. Results and discussion

3.1. Photo-oxidation of PEO in water (concentration
50 mg mL�1, pH¼ 8.4)

3.1.1. IR analysis
The concentration of PEO aqueous solution was

50 mg mL�1. As recalled above, this ‘‘high’’ concentration
was chosen because it permits obtaining well calibrated de-
posits around 16 mm that can be used to observe the formation
of photoproducts by infrared analysis. The pH of the solution
at this concentration was 8.4.
Fig. 1 shows the changes in the carbonyl region of spectra
obtained from aqueous solutions for several irradiation times
ranging from 0 h to 1272 h. Monitoring each spectrum neces-
sitated that a sample was prepared, following the procedure
described in the experimental part. In the carbonyl region,
three absorption bands develop at 1750 cm�1 and 1720 cm�1,
and at 1590 cm�1. The two absorption bands at 1750 cm�1

and 1720 cm�1 have already been observed in the case of irra-
diation of PEO in solid state [14]. On the basis of chemical
derivatisation (NH3, SF4 and formic acid), these absorption
bands have been attributed to formate end groups
(1720 cm�1) and macromolecular ester groups (1750 cm�1).
The intense band that develops at 1590 cm�1 has also been ob-
served and attributed to formic acid ions [15] (Scheme 1). It is
recalled that this band is not observed in the case of the photo-
oxidation of PEO in the solid state (film).

If one considers the same absorption coefficients for the
two C]O stretches at 1750 cm�1 and 1720 cm�1, it can be
deduced that the photo-oxidation of PEO in aqueous solution
results in the formation of four formate groups to one ester
function (ratio: 4/1).

3.1.2. Evolution of pH
The variations of the pH of PEO aqueous solution during

irradiation are reported in Fig. 2. For a PEO concentration
of 50 mg mL�1, the initial pH value of the water solution is
8.4. Irradiation of this aqueous solution of PEO leads to a dra-
matic acidification of the solution, with a pH that decreases
from 8.4 to 4.5 after 1200 h of irradiation.

The dramatic decrease of the pH of the PEO solution re-
veals an acidification of the medium that could be correlated
with the release of formic acid ions (HCOO�). In order to con-
firm this hypothesis, formic acid and formic acid ions were
measured and quantified by Ionic Chromatography (IC)
(Fig. 2).

An intense peak corresponding to formic acid ions appeared
in the IC chromatogram of the irradiated solutions. As shown in
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Fig. 1. Infrared spectra deposits obtained from irradiated aqueous solutions of

PEO ([PEO]¼ 50 mg mL�1, pHinitial¼ 8.4).
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Scheme 1. Photoproducts formed by photo-oxidation of PEO in aqueous solutions.
Fig. 2, the concentration of formic acid and formic acid ions in-
creased from 0.075 mol L�1 to 0.503 mol L�1 after 660 h of
irradiation.

This result confirms that formic acid formed is responsible
for the acidification of the medium. This is an important result
in terms of toxicity because acidification of the aquatic me-
dium could contribute to a drastic perturbation of the
ecosystems.

3.2. Influence of the pH of the aquatic medium

In order to understand the effect of pH on the photo-oxida-
tion of PEO in aqueous solution, irradiations were carried out
at different pHs: 2.3, 3.1 and 12.0 and compared with the re-
sults reported above in the case of pH¼ 8.4.

3.2.1. Analysis by infrared spectroscopy

3.2.1.1. pH¼ 12.0. The modifications of the infrared spectra
of PEO provoked by irradiations of solutions at pH¼ 12 are
different from those reported above in the case of pH¼ 8.4. Af-
ter 300 h of irradiation, two maxima developed at 1610 cm�1

and 1665 cm�1 and a shoulder around 1600 cm�1. After
500 h, a wide band centred over 1600 cm�1 developed. This
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Fig. 2. Variations versus irradiation time of the concentration of formic acid

and formic acid ions and of the pH of PEO aqueous solution

([PEO]¼ 50 mg mL�1, pHinitial¼ 8.4).
maximum was progressively shifted towards 1590 cm�1. After
700 h of irradiation, two new absorption bands were observed
at 1720 cm�1 and 1750 cm�1. This clearly indicates that differ-
ent photoproducts are formed, in comparison with the results
given above. In parallel, the pH of the solution decreased dur-
ing irradiation and reached a value around 6.0 after 400 h and
4.6 after 1200 h.

The modifications of the chemical structure of the photo-
products can result in the decrease of the pH of the medium dur-
ing the photo-oxidation. Absorption bands observed at
1610 cm�1 and 1665 cm�1 could correspond to carboxylate
acid ions, which can explain the first phase with the decrease
of pH from 12.0 to 6.0. In the second phase, from pH� 6, for-
mates (1720 cm�1) and esters (1750 cm�1) (with the ratio of
formate/ester¼ 4/1), as well as formic acid ions (1590 cm�1)
appear.

3.2.1.2. pH¼ 3.1. Fig. 3 shows the changes in the carbonyl re-
gion of the IR spectra for deposits obtained from PEO aqueous
solutions acidified to pH 3.1 for irradiation times ranging from
0 h to 790 h. In the first stage of irradiation, an absorption
band with a maximum at 1720 cm�1 appears, which indicates
the formation of formats. A shoulder around 1750 cm�1 due to
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Fig. 3. FTIR spectra of PEO deposit from an acidic aqueous solution at

pH¼ 3.1 during photo-oxidation, [PEO]¼ 50 mg mL�1.
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the formation of esters is also observed. After 400 h of irradi-
ation, this absorption band widens and the absorption maxi-
mum is shifted towards 1735 cm�1 with two shoulders at
1750 cm�1 and 1770 cm�1. These two absorption maxima
(1735 cm�1 and 1770 cm�1) indicate the formation of second-
ary products resulting from the degradation of the photoprod-
ucts in acidic medium. Considering the frequencies, lactones
with five and six atoms are good candidates [23]. Opposite
to the case of the solutions with pH 8.4 or 12.0, the absorption
band at 1590 cm�1 corresponding to the formic acid ions is not
observed. In fact, at pH¼ 3.1, the equilibrium between the
ionic and the acidic form is shifted to the acidic form and for-
mic acid ions are no more detected. It is recalled that pKa

(HCOOH/HCOO�)¼ 3.78, HCOOH is not detected in the an-
alysed deposit because it migrates out of the polymer [15].

The variations of the pH during irradiation only reveal
a slight decrease from 3.1 to 2.8, which however indicates
that a large amount of Hþ coming from formic acid is released
into the solution after 800 h of irradiation.

3.2.1.3. pH¼ 2.3. From the beginning of the irradiation,
a broad absorption band appears in the carbonyl region
(1900e1500 cm�1) with a maximum at 1720 cm�1 (formate)
and a shoulder around 1750 cm�1 (ester) (ratio of formate/
ester¼ 4/1). After 120 h of irradiation, two maxima develop
at 1735 cm�1 and 1770 cm�1. As reported above in the case
of irradiations at pH¼ 3.1, formic acid ions are not detected
as the equilibrium is shifted to the acidic form. In addition,
strong modifications of the IR spectra between 1600 cm�1

and 1200 cm�1 after 100 h of irradiation were noticed. The ab-
sorption bands are no more of those characteristics of PEO,
which means that the PEO polymer is highly degraded in
such an acidic medium (pH¼ 2.3).

3.2.2. Analysis by size exclusion chromatography (SEC)
Fig. 4a shows the variations of the molar weights of PEO

during irradiation of aqueous solution at different initial pH.
At pH¼ 8.4, the changes caused by irradiation of the PEO

aqueous solution are characterised by a shift of the molar
weight distribution curves towards lower molar weights. The
average molar weight decreases by about 50% after 700 h of
irradiation and 82% after 1664 h. This decrease in the average
molar weight can be attributed to the chain scissions resulting
from the photo-oxidation of PEO. This indicates that a dra-
matic degradation process takes place during the oxidation
of the polymer.

The intrinsic viscosity (IV) drops during irradiation as
shown in Fig. 4b. This decrease in viscosity and in molar
weight is correlated to the chain scissions due to the formation
of formate end groups.

Table 1 reports the evolution of the polydispersity index of
PEO during photo-oxidation in aqueous solution. The evolu-
tion of the polydispersity index versus irradiation time shows
a decrease of polydispersity during irradiation corresponding
to more uniform mass distribution of degraded PEO. This re-
veals that the mechanism of chain scissions is predominant.
At pH¼ 12, after 24 h of induction period, the average mo-
lar weights and intrinsic viscosity starts to decrease. The rate
of degradation of PEO is faster in very basic medium
(pH¼ 12.0).

SEC analysis of PEO aqueous solution at pH¼ 3.1 shows
also the decrease of the average molar weights and the intrin-
sic viscosity. However, the rate of degradation of PEO is faster
and without induction period at this pH. Indeed, the average
molar weight decreases by about 82% only after 145 h of
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Table 1

Evolution of PEO polydispersity index of the solution as a function of irradi-

ation time (pH¼ 8.4)

Irradiation time (h) IP

0 3.8

150 3.2

370 2.6

535 2.5

660 1.9

850 1.7

920 1.6

1664 1.2
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irradiation and by 94% after 310 h. These results confirm that
chain scission is the main way of degradation implied in the
mechanism during photo-oxidation in acidic medium.

At pH¼ 2.3, a spectacular decrease of average molar
weights and of intrinsic viscosity is observed. Indeed, the av-
erage molar weight decreases by about 86% only after 24 h of
irradiation and by 99% after 120 h. After 120 h, the molar
weights are too low and out of range of the column separation,
then the polymer can be considered as highly degraded. Possi-
ble candidates could be oligomers, formic acid and lactones.
The correlation of the results obtained by SEC with those ob-
tained with IR indicates that after 120 h of irradiation, the
polymer is completely degraded. The absorption bands at
1735 cm�1 and 1770 cm�1 correspond to secondary products
resulting from the degradation or from the transformation of
formate and ester at pH lower than 3.

All the results obtained by SEC analysis (Mw, IV, IP) show
that the degradation of PEO in aqueous solution leads to
a mechanism of chain scissions.

3.3. Stability of the photoproducts

In order to study the influence of pH on the photo-oxidation
of PEO, it is important to characterise the stability of PEO
photoproducts in water. Fig. 5 compares the IR spectrum of
a photo-oxidized PEO film (after 42 h of irradiation) and the
spectrum of a deposit of the same film dissolved in water
(pH¼ 8).

It is recalled that photo-oxidation of PEO as a film in solid
state leads to the formation of two products, formate
(1720 cm�1) and ester (1750 cm�1). The IR spectrum of a de-
posit obtained after dissolution of the photo-oxidized film of
PEO in water shows a third absorption band at 1590 cm�1

and a decrease of intensity of the absorption band at
1720 cm�1 corresponding to formate. This band can be attrib-
uted to formic acid ions, which suggests that a partial hydrolysis
of formate occurs in water, leading to the formation of HCOO�.
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Fig. 5. FTIR spectra of PEO after 40 h of photo-oxidation in solid state (a) as

a film and (b) a deposit after dissolution of this film in water (pH¼ 8).
This confirms that the absorption band at 1595 cm�1 ob-
served for the photo-oxidation of PEO in water at pH 12.0
and 8.4 comes from a partial hydrolysis of formate in water.

The pH of the solution can be adjusted to different values.
A PEO film photo-oxidized for the same time (42 h) was dis-
solved in water and the pH was adjusted to values ranging
from 2.6 to 11.4. The IR spectra of deposits obtained from
these solutions are shown in Fig. 6.

In a basic medium, when the pH of the solution (in which
the PEO film is dissolved) is adjusted to 9.6, the intensity of
the absorption band corresponding to formates (1720 cm�1)
decreases whereas that corresponding to formic acid ions
(1590 cm�1) increases. In a more basic medium, pH¼ 11.4,
the absorption bands of formates and esters disappear and
two new bands centred at 1610 cm�1 and 1665 cm�1 appear.
As reported above, these two bands have been already ob-
served during the first time of irradiation of PEO in basic
aqueous solution at pH¼ 12.0.

In an acidic medium, at pH¼ 4.0, the IR spectrum of de-
posit shows the decrease of intensity of the bands at
1720 cm�1 and 1750 cm�1 (formate and ester) and a band at
1590 cm�1 with a shoulder at around 1620 cm�1 is observed.
In a more acidic medium, pH¼ 2.6, the absorption bands at
1720 cm�1 and 1590 cm�1 almost disappear. Indeed, the pH
being lower than pKa (HCOOH/HCOO�), the disappearance
of formate groups by hydrolysis leads to formic acid.

These results thus show the instability of formate and ester
groups in acidic and basic media. Formate groups are hydro-
lysed in an acidic medium leading to the formation of formic
acid, which however are not detected by IR analysis because it
evaporates during the drying of the deposit. In a basic medium
formic acid ions are formed [15]. Ester groups can be hydro-
lysed in basic medium to form carboxylate ions (1665 cm�1 or
1620 cm�1).

Scheme 2 summarizes the comments made above concern-
ing the reactivity of ester and formate groups under different
pH conditions. Formates are hydrolysed in acidic medium
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Fig. 6. Infrared spectra of deposits obtained after dissolution in water at differ-

ent pHs of a PEO solid film photo-oxidized for 42 h.
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into formic acid which is likely to migrate out of the deposit
and into formic acid ions (1590 cm�1) in basic medium. The
ester is hydrolysed into carboxylate ions (1665 cm�1) at
very basic medium (pH> 11).

3.4. Photo-oxidation rate

The kinetics of photo-oxidation of PEO irradiated in aque-
ous solutions at different pH can be compared by following the
increase of the infrared absorbance at 1720 cm�1 as a function
of irradiation time (Fig. 7).

According to the initial pH of the solution, the rate of accu-
mulation of formates is different. The absorbance increases
very quickly in acidic media whereas in basic media
(pH¼ 12.0 and 8.4) formates are not detected by infrared
analysis of the deposits before 500 h and 700 h for the solu-
tions of pH¼ 12.0 and 8.4, respectively. This can be explained
by the fact that in basic medium (pH> 6e7), macromolecular
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Fig. 7. Evolution of absorbance at 1720 cm�1 as a function of irradiation time

for PEO aqueous solutions and in different pH conditions,

[PEO]¼ 50 mg mL�1.
formates undergo hydrolysis. This explains in turn the pres-
ence of HCOO� detected in the medium.

3.5. Influence of polymer concentration

The concentration of PEO in the solution can influence both
the polymer concentration and the rate of degradation of the
polymer. The comparison of the behaviour of PEO aqueous
solutions of concentration 50 mg mL�1 and 5 mg mL�1 at dif-
ferent pH conditions (12.0, 8.4, 3.1 and 2.3). The change of pH
during the irradiation was also followed.

It is important to underline that the thickness of the deposits
obtained from solutions at 5 mg mL�1 was limited to 2 mm
whereas the thickness for deposit from PEO solutions at a con-
centration of 50 mg mL�1 was 16 mm. Comparison of the rates
of photo-oxidation based on the infrared analysis would be
meaningless because no reliable results would be obtained
by considering the correction factor of 8 that has to be used
for comparing the absorbances.

At pH¼ 8.4, within the first 1000 h of irradiation, three ab-
sorption bands develop at 1750 cm�1 (formate), 1720 cm�1

(ester), and at 1590 cm�1 (formic acid ion). The formate/ester
ratio is equal to 4/1. The pH of the solution was observed to
dramatically decrease, from the value of 8 to 2.9 after
1000 h of irradiation. After 1000 h, the intensity of the absorp-
tion at 1720 cm�1 band decreases. The proportion of formate/
ester is then 1/1. This decrease can be related to the evolution
of the pH of the solution during irradiation. At the same time,
the band at 1590 cm�1 corresponding to formic acid ions is
progressively shifted towards 1605 cm�1. This can be ex-
plained by the protonation of HCOO� ions into formic acid
(pH< pKa (HCOOH/HCOO�)¼ 3.8).

The comparison with the IR spectra of deposits obtained for
PEO concentration (50 mg mL�1) shown in Fig. 1 indicates
that the photoproducts formed are the same with the similar
proportion during the first 1000 h of irradiation. However, af-
ter 1000 h of irradiation, as the pH of the diluted solution is
lower (pH¼ 2.9) than that of the concentrated solution
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(pH¼ 4.0), the partial hydrolysis of formate is then more im-
portant in the diluted solution than in the concentrated one and
explains the discrepancy observed.

In parallel, the solutions were characterised by SEC during
irradiation. Fig. 8 compares the solutions of PEO at concentra-
tion of 5 mg mL�1 or 50 mg mL�1. This figure clearly shows
a higher degradation rate in the case of a diluted solution at
5 mg mL�1. This behaviour can be directly correlated with
the change of the pH of the solution.

The degradation of PEO could be higher in diluted solution
than a more concentrated solution because the mobility of
polymer chains is higher in a less viscous solution [24]. More-
over, this difference could be explained by the fact that for
a concentration of 50 mg mL�1, PEO aqueous solutions pres-
ent a notable diffusion of light. This diffusion effect could con-
tribute to the decrease of the PEO phototransformation rate.

In acidic medium, pH¼ 2.3, in the carbonyl region, a new
absorption band at 1718 cm�1 appears in IR spectra from the
beginning of the irradiation and a shoulder around 1750 cm�1

corresponding to macromolecular esters. On the basis of NH3

and SF4 chemical treatments the absorption band at
1718 cm�1 can be attributed to the formation of carboxylic
acids.

The absence of macromolecular formates in these condi-
tions of concentration and pH ([PEO]¼ 0.5 mg mL�1,
pH¼ 2.3) can be explained by the complete hydrolysis of for-
mate groups to formic acid. As shown in Table 2, the quanti-
fication of formic acid during irradiation by ionic
chromatography analysis confirmed this hypothesis.

3.6. Evolution of the total organic carbon (TOC)

The measurements of the quantity of carbon present in so-
lution during irradiation of PEO aqueous solutions in different
pH conditions (pH¼ 2.3, 8.4 and 12.0) were carried out by
TOC analysis and the results are about 5 mg mL�1. The ob-
tained results show that no change of the carbon quantity
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PEO aqueous solutions (pH¼ 8.4, [PEO]¼ 50 mg mL�1 and 5 mg mL�1).
was observed during 850 h of irradiation. This means that
even low concentration PEO aqueous solutions cannot be min-
eralized during the photo-oxidation.

3.7. Thermo-oxidation

Thermo-oxidation at 50 �C of PEO aqueous solution at
various pHs was carried out.

At pH 8.4 and 12.0, no significant evolution was detected
after 900 h at 50 �C contrarily to acidic media (pH¼ 3.1
and 2.3).

At pH¼ 3.1, the evolution of IR spectra shows the forma-
tion of two absorption bands at 1720 cm�1 and 1750 cm�1

corresponding to the two previously identified oxidation prod-
ucts, respectively, formate and ester. However, the relative pro-
portion of ester is much higher in the case of thermo-oxidation
than in the case of photo-oxidation, and one observed the for-
mation of esters and formates to the same extent whereas
photo-oxidised solutions develop four formate end groups
for one ester function. The same observation was made in
the case of PEO in solid state [14].

In parallel, the pH of the solution decreased, from 3.1 to 2.4
after 500 h of heating, and stabilized at 2.4. After 400 h, the
absorption band of formate (1720 cm�1) became a shoulder
while the ester band (1750 cm�1) was still increasing. The be-
haviour of formates results from their hydrolysis that becomes
more important when pH is under 3.0.

Fig. 9 shows the evolution of the molar weight of PEO in
aqueous solution at pH¼ 3.1 in conditions of thermo-oxidation.

Table 2

Formic acid concentration during irradiation (pH¼ 2.3, [PEO]¼ 5 mg mL�1)

Time of irradiation (h) Concentration of formic acid (mol L�1)

0 5.2� 10�3

410 0.239

840 0.343
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Fig. 9. Evolution of PEO molar weight (Mw) as a function of heating time and

irradiation time at pH¼ 3.1.
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A decrease of the molar weight is observed; the average molar
weight decreases by about 50% only after 240 h of heating and
by 90% after 700 h. This result shows that chain scissions oc-
cur during thermo-oxidation in acidic medium.

Fig. 10 compares the rates of oxidation of PEO measured at
1750 cm�1 (ester) at two different pHs (3.1 and 2.3). It can be
observed that the rate of formation of esters (rate of oxidation)
is faster when the solution is more acidic. The same behaviour
has been observed for ageing in condition of photo-oxidation.

4. Conclusion

It can be recalled that photo-oxidation of PEO in solid state
occurs through a conventional radical mechanism [14] involv-
ing the formation of macromolecular formate end groups and
esters. The photo-oxidation of PEO in aqueous solution
(concentration 50 mg mL�1 or 5 mg mL�1, pHinitial¼ 8.4)
leads also to the formation of formate end groups and esters
but a third product has also been identified, formic acid ions
or formic acid depending on the pH of the medium. Formic
acid ions or formic acid might come from partial acidic or ba-
sic hydrolysis of formate end groups of the polymer matrix.
The release of formic acid is mainly responsible for the acid-
ification of the medium. For very advanced time of irradiation
in acidic medium, secondary products appear.

The oxidation products depend on the pH of the medium,
due to the instability of formate and ester in acidic and basic
media. Formates are hydrolysed in acidic medium with the re-
lease of formic acid, in basic medium with the production of
formic acid ions. Ester groups are also hydrolysed in basic
and acidic media to give carboxylate ions/carboxylic acids.

SEC analysis of PEO aqueous solutions shows that in all
pH conditions the photo-oxidation of PEO aqueous solution
leads to the decrease of molar weights, which means that the
degradation of PEO implies a chain scissions mechanism.
SEC analysis also shows that the rate of degradation is
much higher in acidic medium, because of the partial hydroly-
sis of formate.
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time; pH¼ 2.3 and 3.1.
The influence of the medium, aqueous solution in regard to
solid state, lies in the stability of the photoproducts which is
different depending also on the pH of the medium in aqueous
solution but the mechanism of oxidation of PEO is not modi-
fied. Indeed, the differences observed are connected to hydro-
lysis reactions of photoproducts in aqueous solution.

The experiments of thermo-oxidation, at 50 �C, of PEO
aqueous solution do not show the degradation of PEO in solu-
tion of initial pH 12.0 and 8.4 while in acidic medium, the for-
mation of oxidation products is observed.

The comparison of results obtained either in thermo-oxidation
or in photo-oxidation of PEO aqueous solution shows a different
ratio of formate/ester as already observed in solid state. Thermo-
oxidation of PEO aqueous solution produces equal amounts of
esters and formates whereas photo-oxidation generates formates
in a ratio of 4/1 against chain esters.

The next step of our study on PEO deals with the influ-
ence of Fe(III) on the photodegradation of PEO aqueous
solutions.
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bstract

The degradation of poly(ethylene oxide) (PEO) photoinduced (λ ≥ 300 nm) by Fe(III) (6.0 × 10−4 mol L−1) in aqueous solution in the presence
f oxygen at 15 ◦C has been investigated in various experimental conditions of pH and concentrations: pH 3.1 and 7.8 and at three different
oncentrations of PEO: 0.1, 5.0 and 50.0 g L−1. The formation of oxidation products was followed by infrared analysis of deposit obtained by
vaporation of aliquots of irradiated polymer solutions. The photooxidation of PEO aqueous solutions both in the presence and in the absence of
e(III) leads to the formation of macromolecular formates and esters. Formate ions are formed by the hydrolysis of macromolecular formates leading

Publication 3/25
o the acidification of the medium. The presence of Fe(III) modifies the rate of oxidation especially in weakly acidic medium. The photogenerated
OH radicals from iron species accelerate the oxidation of PEO. Thermooxidation experiments of PEO in aqueous solution in the presence of
e(III) at 50 ◦C are also reported and compared with photooxidation results.
2007 Elsevier B.V. All rights reserved.
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. Introduction

PEO is widely used in many applications such as detergents,
aints, drug delivery, etc. At the end of its useful life, it is gen-
rally discarded into the aqueous environment simply because
t is unrecoverable. This polymer is not biodegradable and its
ate in the environment is not well known in terms of PEO con-
entration really present, degradation and toxicity. Moreover,
he potential pollution from this polymer is not visible. Conse-
uently it has received less attention in the media than packaging
lastics which visibly litter the countryside and contribute to
andfill overland.

A previous paper reported a study carried out to understand
he photooxidation (λ ≥ 300 nm) and the thermooxidation at
0 ◦C of poly(ethylene oxide) (PEO) in the solid state [1]. It
as concluded that the mechanism of photodegradation of PEO
n the solid state mainly led to the formation of macromolecular
ormates and esters. Similar studies were carried out in aqueous
olution [2,3] in presence of oxygen at 15 ◦C at different pH’s

∗ Corresponding author. Tel.: +33 73 40 71 73; fax: +33 73 40 77 00.
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ineralisation

2.3, 3.1, 7.8, 8.4 and 12.0) and at different PEO concentrations.
t has been shown that the photodegradation of PEO in aque-
us solution, beside formation of macromolecular formates and
sters, results in the formation of formate ions or formic acid
epending on the pH of the medium. This product comes from
partial hydrolysis in aqueous solution of formate end groups

n the polymer matrix. This process of hydrolysis contributes to
he acidification of the medium.

The main objective of the present work is to study the influ-
nce of Fe(III) salt, which is a transition metal and an efficient
hotochemical source of hydoxyl radicals, on the photochem-
cal and thermal degradation of PEO in aqueous solution. The
hotochemical degradation of PEO in the solid state in pres-
nce of oxygen with the introduction of transition metal ions
FeCl3, NiCl2, CoCl2 and CuCl2) into polymers has been investi-
ated [4–8]. It was concluded that the photostability of PEO was
ramatically reduced in the presence of metal ions and a signifi-
ant formation of carbonyl, carboxyl and hydroxy/hydroperoxy
roups was observed.
The hydrolysis of Fe(III) is a complex phenomenon and a
umber of equilibria yield numerous species [9]. Previous works
ave shown that the hydrolysis depends mainly on pH, ini-
ial concentration of Fe(III), temperature, ionic strength and
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dx.doi.org/10.1016/j.jphotochem.2007.09.019
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ature of anions [10]. These different species have distinct
hemical reactivity and behaviour under irradiation in aque-
us solution. Among the Fe(III) aquacomplexes, Fe(OH)2+

or [Fe(H2O)5(OH)]2+) is the most photoreactive in terms of
ydroxyl radical formation [11] and is the dominant species in
oderately acidic solutions (pH 2.5–5.0) [9].
Photoexcitation of Fe(OH)2+ forms •OH radicals following

igand-to-metal charge transfer excitation (reaction 1). These
adicals are considered to be the oxidant species which are
apable to react with most organic compounds.

e(III)
hν−→

H2O
Fe(II) + •OH + H+ (1)

The present article reports a study of the degradation of
EO photoinduced by Fe(III) aquacomplexes until its complete
ineralisation. The role of Fe(III) species is identified and a
echanism of PEO degradation is proposed. The influence of

he pH of the aqueous solution is also studied by comparing the
hoto- and thermo-degradation of PEO at two pH’s 3.1 and 7.8.

. Experimental

.1. Materials

All reagents were of the purest grade commercially available
nd were used without further purification.

Poly(ethylene oxide) was obtained from Scientific Polymer
roducts and used without further purification. The average
olecular weight of the polymer was 100,000. Ferric perchlo-

ate nonahydrate (Fe(ClO4)3, 9H2O; >97%) was a Fluka product
ept in a dessicator. Water was purified by a Millipore Ultra-Pure
ystem (ρ = 18.2 M� cm). Irradiations of PEO in solid state (as
lms) were carried out in a SEPAP 14/24 unit. This apparatus
as been designed for the study of polymer photodegradation
n artificial ageing corresponding to medium accelerated con-
itions [12]. The irradiation of PEO aqueous solutions was
arried out in an elliptic chamber which is equipped with one
edium-pressure mercury lamp (Mazda MA 400, polychro-
atic emission with an intensity of 22 W m−2) in a vertical

osition at one focal axis of the chamber. A glass envelope filters
avelengths below 300 nm. The aqueous solution of PEO was

rradiated in a pyrex reactor cooled by water circulation. The
emperature of the solution was maintained at 15 ◦C in order
o avoid water evaporation. This reactor was placed at the sec-
nd focal axis of the chamber. The solutions were continuously
tirred with a magnetic stirrer and a Teflon bar.

Thermooxidation experiments were carried out at 50 ◦C in
100 mL round bottled flask equipped with reflux condenser.
his temperature was chosen to keep the aqueous solution at
temperature below cloud point temperature (CPT = 100 ◦C).
he reactor was therefore placed into an oil bath.

PEO solutions of 5.0% (50.0 g L−1), 0.5% (5.0 g L−1)
nd 0.01% (0.1 g L−1) of wt.% were prepared by dissolv-

ng PEO into distilled and deionized water with mild stirring
vernight at room temperature. The aqueous solutions of PEO
re not completely homogeneous and that can lead to high
OC variations (cf. Fig. 6a). This polymer has tendency to

(

t
S
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gglomerate (formation of soluble aggregate) in aqueous solu-
ion.

To reach the total dissolution of iron, PEO aqueous solu-
ion was first acidified to obtain a pH of 3.5 or 4.0 with
ClO4. Fe(ClO4)3 was dissolved in these PEO solutions at

he concentration of 6 × 10−4 mol L−1 and 1.2 × 10−3 mol L−1,
espectively. After iron addition, the pH of the solutions
ecreased from 3.5 to 3.1. In order to test the influence of the
H, Fe(III) has been dissolved in PEO aqueous solution without
urther acidification. In these conditions the pH of the solu-
ion changed from 8.4 to 7.8 after the addition of Fe(ClO4)3
6 × 10−4 mol L−1).

Relatively concentrated solutions of PEO (5.0 and 0.5%) had
o be used in order to follow the chemical modifications of the
rradiated solutions by IR analysis of deposits on CaF2 windows.
TIR transmission spectra were recorded for thin deposits of
xidised samples of PEO, which were obtained by evaporation
f aliquots of irradiated aqueous solution of PEO. The samples
ere dried at room temperature for 24 h. No buffer was used

n order to avoid any contamination of the solution and any
nteraction with iron.

.2. Chemical and spectrophotometric analysis

Chemical treatments of SF4 and NH3 were performed fol-
owing the experimental procedure described previously [1].

Fe(II) concentration was determined by complexometry with
rtho-phenanthroline, using ε510 = 1.118 × 104 L mol−1 cm−1

or Fe(II)-phenanthroline complex [13].
The pH was measured with an ORION pH-meter to ±0.1 pH

nit.
Ion chromatographic analyses were performed. Aqueous

olutions were injected directly without filtration. Working con-
itions are similar with those described in detail by Jaffrezo et
l. [14]. DX 320 chromatograph (DIONEX) is equipped with an
S11 (4 mm) column for the anions in order to detect HCOO−.
Infrared spectra were recorded with a Nicolet FTIR 760 spec-

rometer, working with OMNIC software. Spectra were obtained
sing 32 scans summation and 4 cm−1 resolution. The cali-
ration of the thickness (in �m) of samples was performed
t 1965 cm−1, which corresponds to a band combining (COC)
tretching modes and (CH2) rocking modes. The thickness (e)
ependence on the absorbance at 1965 cm−1 (OD) obeyed the
quation: OD = 0.00405 × e [1]. UV-absorption spectra were
ecorded on a Varian spectrophotometer Cary 3.

The changes of molar weight (Mw, Mn), molar weight dis-
ribution (polydispersity index PI = Mw/Mn) and the intrinsic
iscosity (IV) were obtained by size exclusion chromatogra-
hy (SEC) analyses. Double distilled de-ionized water was used
s eluent at a flow rate of 1 mL min−1. A column was used for
hysical separation (TSK/Ref: GMPWXL). The refractive index
as monitored continuously with a differential refractometer

Viscotek VE 3580) and the intrinsic viscosity with viscometer

Viscotek TriSec Model 270).

Total organic carbon (TOC) measurements in aqueous solu-
ion were obtained with a total organic carbon (TOC) analyzer
himadzu model TOC-5050A. The Shimadzu TOC-5050A is
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Fig. 1. FTIR spectra of deposits obtained from a PEO aqueous solution in the
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4/1). The same ratio is observed in the absence of Fe(III). These
observations allow us to conclude that the mechanism of pho-
tooxidation of PEO in the absence as well as in the presence of
Fe(III) is the same.
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arbonyl domain (1900–1500 cm−1) in the presence of Fe(III) during photoox-
dation (pH 3.1, [PEO] = 50.0 g L−1, [Fe(III)] = 6 × 10−4 mol L−1).

apable of performing total carbon (TC) analyses by combustion
nd inorganic carbon (IC) analyses by oxidation. TOC measure-
ents were obtained by calculating the difference between TC

nd IC measurements. Calibration curves within the range of
–500 mg L−1 for TC and 0–100 mg L−1 for IC were obtained
sing potassium hydrogen phthalate for total carbon and sodium
ydrogen carbonate with potassium carbonate for inorganic car-
on.

. Results and discussion

The oxidation of PEO photoinduced by Fe(III) (6 × 10−4

ol L−1) (λ ≥ 300 nm) in aqueous solution in the presence of
xygen at 15 ◦C was investigated at two different pH conditions:
.1 and 7.8. First of all it is important to notice that no interaction
etween iron and PEO was observed in the medium.

.1. pH 3.1

.1.1. Analysis by IR spectroscopy
The FTIR spectra are limited to the domain of 4000–

000 cm−1 due to the opacity of the CaF2 plate between
000 and 400 cm−1. Irradiation under wavelengths (λ ≥ 300 nm,
5 ◦C) of PEO aqueous solution at pH 3.1 in the presence of
e(III) leads to significant modifications of the IR spectrum
Fig. 1) characterised by the appearance of an absorption band at
720 cm−1 (formate) and a shoulder around 1750 cm−1 (ester)
n the carbonyl vibration region (1900–1500 cm−1).

For irradiation times below 480 h, one can observe a pre-
onderance of formates. After 480 h, a shoulder appears near
770 cm−1. This absorption band could indicate the formation of
secondary product resulting from hydrolysis or rearrangements
f the photoproducts when pH is lower than 3.1. Indeed, the pH

f the solution was observed to decrease after 480 h of irradiation
rom 3.1 to 2.5, as a result of the partial hydrolysis of formates in
cid medium. Moreover, in the domain (1600–1200) cm−1, the
bsorption bands of PEO are no more recognizable after 480 h

F
e
d
e
d

ig. 2. Evolution of the absorbance at 1720 cm−1 as function of irradiation time
n the absence or in the presence of Fe(III) at 6 × 10−4 and 1.2 × 10−3 mol L−1,
PEO] = 50.0 g L−1.

f irradiation, which indicates that the structure of the polymeric
ackbone is drastically modified.

Comparison with the results previously obtained in the case
f PEO aqueous solution irradiated in the absence of Fe(III) at
H 3.1 [3] shows that the same photoproducts are formed. If
ne considers the same absorption coefficients for the two C O
ands at 1750 and 1720 cm−1, one can deduce from the previ-
us results that the photooxidation of PEO in aqueous solution
n the presence of Fe(III) results in the formation of four formate
end groups) to one ester (in the macromolecular chain) (ratio:
ig. 3. (a) Fe(II) formation upon irradiation of PEO aqueous solution in pres-
nce of Fe(III) (initial pH 3.1, [PEO] = 0.1 g L−1, [Fe(III)] = 6 × 10−4 mol L−1)
uring photooxidation and (b) UV–vis spectra of PEO aqueous solution in pres-
nce of Fe(III) (initial pH 3.1, [PEO] = 0.1 g L−1, [Fe(III)] = 6 × 10−4 mol L−1)
uring photooxidation.
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.1.2. Kinetic of photooxidation of PEO
The variations of absorbance at 1720 cm−1 in presence and

n absence of Fe(III) as a function of irradiation time in the case
f the PEO aqueous solution at pH 3.1 are presented in Fig. 2
this figure shows also the results concerning other pH and con-
entrations of iron, presented below in the manuscript). In order
o compare different experiments, it was necessary to calibrate
he thickness (e, in �m) of each deposit of the photooxidised
ample. First of all, the curves show in Fig. 2 clearly that the
ate of formation of carbonyl groups is much higher when the
oncentration of Fe(III) increases. In presence of Fe(III), two
ifferent slopes are observed on the kinetic curves of carbonyl
roups formation.

Fig. 3 shows a very fast increase of the concentration of Fe(II)
t the beginning of the irradiation which mainly results from
he photoredox process of Fe(OH)2+ species. Fe(III) is mainly
ransformed into Fe(II). This photoreduction mainly leads to the
roduction of •OH radicals. After the first period of irradiation,
e(II) concentration is constant and reaches an apparent-
onstant value corresponding to a photostationary equilibrium
etween Fe(III) and Fe(II) ([Fe(II)] ≈5.7 × 10−4 mol L−1 at the
lateau) [15]. This photocatalytic process based on the couple
e(III)/Fe(II) is presented in Scheme 1.

The first part of the photooxidation process, which is very fast,
2+
s then explained by the presence at t = 0 h of Fe(OH) which is

n important photochemical source of •OH radicals production
reaction 1). The concentration of Fe(II) was measured all along
he irradiation (Fig. 3).

w
m
p
f
p

nce of organic compounds, (Fe(III)) represents all species of ferric iron during
he cycle Fe(III)/Fe(II)).

The second phase of the kinetic curves of the photooxida-
ion of PEO aqueous solution in presence of Fe(III) (Fig. 2)
orresponds to a decrease in the rate of formation of formate
roups. This could be explained by the presence, after the first
eriod where Fe(OH)2+ is photodegraded, of a photocatalytic
ycle of Fe(III)/Fe(II) in which radical species (•OH) are regu-
arly formed in less important amount and also of the inherent
hotooxidation of PEO in aqueous solution.

The •OH radicals react on PEO by hydrogen abstraction
uring the first step of oxidation mechanism. After reaction
ith oxygen alkoxy radical can lead to the formation of
acromolecular formate and ester by �-scissions [16]. The

artial hydrolysis of formate groups can occur, leading to
ormate ions. The following scheme summarizes the PEO
hotooxidation mechanism in the presence of iron:
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.1.3. Characterisation by SEC
The evolutions of the molar weight distribution during pho-

ooxidation are reported in Fig. 4. The changes caused by
rradiation of the PEO aqueous solution in presence of Fe(III) are
haracterised by a shift of the molar weight distribution curves
owards the lower molar weights. The number average molar
eight decreased by about 70% after 50 h of irradiation and 94%

fter 170 h (Fig. 4). In PEO aqueous solution without Fe(III),
w decreased about 10% after 50 h and 95% after 312 h. This

ecrease in the number average molar weight indicates that chain
cissions occur.

The results show that chain scissions in PEO are dramatically
ccelerated by the presence of Fe(III) during the first hours of
rradiation. As a consequence, this suggests that •OH radicals
re involved in the photooxidation process.

These results can be correlated to the kinetics of photooxi-
ation of PEO in aqueous solution shown in Fig. 2. They show
he photoinductive effect of Fe(III) in water by formation of
OH radicals, which accelerates the photooxidation of the poly-
er and as a consequence, scissions of the macromolecular

ackbone.

.1.4. Influence of the Fe(III) concentration
As recalled above the rate of photooxidation of PEO aque-

us solution is strongly dependent on Fe(III) concentration.
ig. 2 shows that the formation of carbonyl products, and as
consequence the chain scissions, became faster when the con-
entration of Fe(III) increases. This effect can be correlated
ith the increase of the monomeric species present in Fe(III)

olution. Indeed, the Fe(OH)2+ species are the major light-
bsorbing species at 300 nm and the amount of •OH radicals
roduced is much higher for the Fe(III) concentration equal to
.2 × 10−3 mol L−1.

.1.5. Influence of polymer concentration
The influence of the polymer concentration on the mechanism

f degradation has been studied in the aqueous solution at pH 3.1,
y comparison of PEO aqueous solutions at 50.0 and 5.0 g L−1.
he evolution of the pH during the irradiation has been also
easured.

(a) Analysis by infrared spectroscopy
Solutions of PEO of two different concentrations (5.0 and

50.0 g L−1) in presence of Fe(III) (6 × 10−4 mol L−1) at pH
3.1 were irradiated. The comparison of the infrared spectra
shows that the same photoproducts are formed in both cases.
This indicates that the mechanism of photooxidation of PEO
is not depending on the concentration of PEO in the solution.

b) Characterisation by SEC
For both concentrations, the average number molar

weight decreases as a function of irradiation time (Fig. 4).
This can be attributed to chain scissions occurring in
PEO macromolecular chains. The degradation of the poly-

mer is accelerated in dilute aqueous solutions. Indeed,
after 20 h of irradiation of the PEO aqueous solution at
5.0 g L−1, the peak was shifted to longer retention time,
which can be attributed to the formation of products with

a
a
P

ig. 4. Evolution of PEO molar weight (Mw) as a function of irradiation
ime in presence and in absence of iron ([Fe(III)] = 6 × 10−4 mol L−1, pH 3.1,
PEO] = 5.0 and 50.0 g L−1).

lower molar weight. However, this measure was out of
range of the column separation. The degradation of PEO
could be higher in diluted solution than in more concen-
trated solution because the mobility of polymer chains
is higher in less viscous solution [2]. Moreover, this dif-
ference could be also explained by the fact that for a
concentration of 50 g L−1, PEO aqueous solution presents
a notable diffusion of light. This diffusion effect could
contribute to the decrease of the PEO phototransformation
rate.

.2. pH 7.8

Aqueous solutions of PEO were irradiated without acidifica-
ion of the medium in the presence of Fe(III) in order to study
he influence of the initial pH of the medium on the photodegra-
ation of PEO in presence of iron. The initial pH of the PEO
queous solution (50.0 g L−1) changed from 8.4 to 7.8 after the
ddition of Fe(ClO4)3 (6 × 10−4 mol L−1).

.2.1. Analysis by infrared spectroscopy
UV-light irradiation of aerated PEO in aqueous solution (con-

entration 50.0 g L−1, pHinitial 8.4) in absence of Fe(III) leads
lso to the formation of formate end groups and esters and also
o formate ions [3]. At a pH of 7.8, the same absorption bands
re formed in the carbonyl region with the same stoechiometry.

.2.2. Evolution of pH
The pH value decreased from 7.8 to 4.4 after 840 h of irra-

iation. In absence of Fe(III) at pH 8.4, the same dramatic
ecrease of the pH in the solution has been noticed [2]. This
ecrease has been correlated with the accumulation of formate
ons (HCOO−).

.2.3. Effect of the presence of Fe(III)

Fig. 5 shows the variations of the absorbance at 1720 cm−1

nd at 1750 cm−1 both in presence and in absence of Fe(III) as
function of irradiation time. It is observed that degradation of
EO appears more rapidly in presence of Fe(III). The degrada-
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ig. 5. Evolution of the absorbance at 1720 and 1750 cm as function of irra-
iation time in presence and in absence of Fe(III) at pH 7.8 and 8.4, respectively
[PEO] = 50.0 g L−1, [Fe(III)] = 6 × 10−4 mol L−1).

ion of PEO in presence of Fe(III) can be observed after 200 h
hen the pH of the solution becomes lower than 7.0. This can
e explained by the dissolution of Fe(III) when the pH of the
olution decreases which increases the concentration of iron in
ater.

.3. Influence of the pH in presence of Fe(III)

The rate of PEO photooxidation in aqueous solution in pres-
nce of Fe(III) is faster at pH 3.1 than at pH 7.8 at the beginning
f irradiation (Fig. 2). Indeed, the rate of PEO photooxidation
s strongly affected by the pH of the solution which controls

he solubility and the speciation of Fe(III) monomeric species
resent in the solution. At pH 7.8, iron is not solubilised in
queous solution. But the Fe(III) starts to be soluble in a weakly
cidic medium (pH lower than 6.0) [9].

f
t

ig. 6. TOC evolution of PEO aqueous solution during irradiation (λ ≥ 300 n
PEO] = 0.5 g L−1.
hotobiology A: Chemistry 195 (2008) 167–174

The nature and the concentration of Fe(III) species in the
olution give evidences for the importance of iron speciation
nd consequently for photooxidoreduction process leading to
e(II) formation and to oxidation of the PEO polymer present

n aqueous solution [17].

.4. Mineralisation of PEO

One of the aims of the present work was to test the efficiency
f PEO removal from water solution, when the degradation was
hotoinduced by Fe(III). Total organic carbon experiments were
ndertaken in order to make evidence for the mineralisation of
EO. Relatively diluted polymer solutions (0.5 and 0.1 g L−1)
ere chosen in order to point out the mineralisation of the poly-
er. As shown in Fig. 6a, total mineralisation of PEO was

eached after 70 h of irradiation when the concentration of the
olution was of 0.1 g L−1 and the pH 3.1. At higher concentra-
ion of PEO (0.5 g L−1) (Fig. 6b), the mineralisation is slower
nd total after 320 h of irradiation. The complete mineralisation
s obtained due to the continuous formation of radical species
•OH), which is the result of a photocatalytic cycle (Scheme 1),
n homogeneous phase, based on the couple Fe(III)/Fe(II) and
ssisted by oxygen [15]. In the absence of Fe(III), no decrease
f TOC concentration mineralisation was observed after 340 h
f irradiation.

The rate of mineralisation under irradiation of PEO in aque-
us solution in presence of iron was also examined. The results
how the same rate of carbon disappearance (0.9 mg L−1 h−1)
or both concentrations of polymer solutions (0.1 and 0.5 g L−1).
his can be explained by the fact that the rate of degradation of
EO depends only on the initial concentration of Fe(III) species
resents in the solution, in particular Fe(OH)2+ species.

.5. Thermooxidation
Thermooxidation at 50 ◦C of PEO aqueous solution in dif-
erent pH conditions in presence of iron was studied in order
o evaluate an eventual thermal effect on the degradation of

m) (pH 3.1, [(Fe(III)] = 6 × 10−4 mol L−1), (a) [PEO] = 0.1 g L−1 and (b)
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Fig. 7. FTIR spectra of deposits obtained from a PEO aqueous solution
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Fig. 8. Evolution of absorbance at 1720 cm−1 as a function of heating
(50 ◦C) time in presence and in absence of Fe(III) ([PEO] = 50.0 g L−1,
[Fe(III)] = 6 × 10−4 mol L−1, pH 3.1).
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n presence of Fe(III) during thermooxidation (50 C) ([PEO] = 50.0 g L ,
Fe(III)] = 6 × 10−4 mol L−1, pH 3.1).

EO aqueous solution. It is important to note that no signif-
cant oxidation of PEO, in the presence or in the absence of
e(III), was observed even after 900 h at room temperature
20–25 ◦C).

At pH 7.8, in the absence and the presence of Fe(III), no
ignificant evolution has been observed after 400 h of heating
50 ◦C) by infrared analysis contrary to pH 3.1.

.5.1. Analysis by infrared spectroscopy
At pH 3.1, in the carbonyl region, two bands with an

bsorption maximum at 1750 cm−1 (ester) and 1720 cm−1

formate) developed with similar intensities. For very long dura-
ion (900 h) a shoulder around 1735 cm−1 can be observed
hereas the maximum at 1720 cm−1 is no more visible. For

dvanced times of irradiation, secondary products are observed
1735 cm−1).

The comparison between the photooxidation and the ther-
ooxidation of PEO in aqueous solution shows that the

hotooxidation generates formates in a ratio 4/1 against chain
sters whereas thermooxidation produces equal amounts of
sters and formates as already observed without iron [2,3] and
n solid state [1] (Fig. 7).

.5.2. Rate of thermooxidation of PEO at pH 3.1
The evolutions of absorbance at 1720 cm−1 in presence and

n absence of Fe(III) as a function of heating time in the case of
he PEO aqueous solution at pH 3.1 are reported in Fig. 8. This
gure shows that the rate of carbonyl groups formation is much
igher in PEO aqueous solution with Fe(III). It is probable that in
resence of Fe(III), the redox mechanism (reaction 2) between
ron species and the polymer with production of macroradi-
als is favoured by the temperature [18]. These macroradicals

articipate in the photooxidation of the polymer.

(2)

p
f
p
f

ig. 9. Evolution of PEO molar weight (Mw) as a function of heating time
[PEO] = 50.0 g L−1, [Fe(III)] = 6 × 10−4 mol L−1, pH 3.1).

.5.3. Characterisation by SEC
The evolutions of PEO during thermooxidation of aqueous

olution at pH 3.1 in presence of Fe(III) was also characterised
y SEC. Fig. 9 shows the decrease of the molar weight with
o induction period both in presence and in absence of Fe(III).
his decrease is attributed to chain scissions occurring in PEO
hains, which indicate a dramatic degradation process during
he thermal oxidation of the polymer. In presence of iron, the
rocess of chain scissions is faster. This result shows again the
fficiency of ferric salts in the acceleration of the degradation
oxidation) of PEO.

. Conclusion

The results reported in this article show that the mechanism
f photooxidation of PEO at different pH, concentration, in the
resence or in the absence of Fe(III) is the same. Indeed, three

hotoproducts are observed: formate, ester and formate ions or
ormic acid. The formation of these last species depends on the
H of the medium. Formate ions or formic acid might come
rom partial hydrolysis of formate end groups of the polymer
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atrix, which explains the acidification of the medium. In con-
itions of thermooxidation, the same behaviour was observed.
owever, a difference in the ratio ester/formate was detected. In
hotooxidation, formate (end) groups were generated in a ratio
/1 against (chain) esters, whereas in thermooxidation, equal
mounts of esters and formates were produced.

These reactions can be summarised by the following scheme:

The presence of iron was observed to accelerate the rate
f photooxidation or thermooxidation and as a consequence
he degradation of the polymer. The addition of Fe(III), which
ncreases the rate of PEO oxidation, is essential for the mineral-
sation of the polymer. Indeed, these results confirm that Fe(III)
an act as an efficient photoinducer (at acidic pH) of PEO elim-
nation from aqueous solution and that the photodegradation
eads to the complete mineralisation. However, this study also
emonstrates the importance of the Fe(III)/Fe(II) couple corre-
ated with the pH of the medium during the photodegradation,
nd it is clear that at pH more relevant to aquatic environment

6–8) the effect of iron is very weak. Anyway, this work is the
rst one demonstrating that a water-soluble polymer can be com-
letely mineralised in certain conditions (pH, iron and polymer
oncentrations).

[

[
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Bolte, Chemosphere 57 (2004) 1307–1315.

18] P. Mazellier, M. Bolte, Chemosphere 35 (1997) 2181–2192.



lable at ScienceDirect

Polymer Degradation and Stability 94 (2009) 2257–2266

Publication 4/25
Contents lists avai
Polymer Degradation and Stability

journal homepage: www.elsevier .com/locate/polydegstab
Photooxidation of poly(N-vinylpyrrolidone) (PVP) in the solid state
and in aqueous solution

Fatima Hassouna a,b, Sandrine Therias a,b,*, Gilles Mailhot a,b, Jean-Luc Gardette a,b
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a b s t r a c t

The photooxidation of poly(N-vinylpyrrolidone) (PVP) in the solid state and in an aqueous solution has
been studied under irradiation at long wavelengths (at l � 300 nm) and in the presence of oxygen, as
these conditions of irradiation are those of natural outdoor aging. Infrared spectroscopy was used to
follow the photochemical evolution of the polymer either for solid films of PVP or for PVP irradiated in an
aqueous solution. Chemical treatments (NH3, SF4) were carried out on the photooxidized samples, and
aqueous solutions of PVP were characterized by viscometry and size exclusion chromatography (SEC).
Based on photooxidation results obtained in both the solid state and in an aqueous solution, a general
mechanism that accounts for the main routes of oxidation is proposed. It was shown that the rates of
oxidation and the stoichiometries of the reactions were strongly influenced by the physical state of the
polymer (solid state or aqueous solution).

� 2009 Elsevier Ltd. All rights reserved.
1. Introduction inactive, it has been used as a plasma substitute [4]. PVP forms
Poly(N-vinylpyrrolidone) (PVP) belongs to the class of water-
soluble polymers. From a chemical point of view, PVP is a polymeric
lactam with an internal amide bond [1].

)nCH2 CH(

C
N

O

Considering the structure of the monomer unit, PVP has
amphiphilic character since it contains a highly polar amide group
that confers hydrophilic and polar-attracting properties, and also
non-polar methylene groups in the backbone and in the ring that
confer hydrophobic properties [2].

PVP is used in a wide variety of applications. PVP is interesting
from a biological point of view, since it has structural features
similar to those of proteins, and has great potential for applications
in the medical domain. Specifically, PVP is a bio- and hemocom-
patible polymer with very low toxicity, so that materials coated
with this polymer can be used as medical devices intended for
implanting in the human body [3]. Since PVP is physiologically
niversité Blaise Pascal, Labo-
aire UMR, F-6300 Clermont-
0) 73 40 77 00.
t.fr (S. Therias).

ll rights reserved.
a stable complex with iodine, in which this water-soluble complex
retains the germicidal properties of iodine, but with reduced iodine
toxicity to humans [5].

PVP is also interesting for technological applications. Its film
forming and adhesive qualities are utilized in aerosol hair sprays,
adhesives, and lithographic solutions. As a protective colloid, it is
used in drug and detergent formulations, cosmetic preparations,
polymerization reactions, and in pigment or dyestuff dispersions
[5]. Moreover, PVP is miscible with hydroxyl-containing polymers,
such as poly(vinyl alcohol) (PVA), and with polymers containing
halogens, such as poly(vinyl chloride) (PVC).

Since water-soluble polymers are potential contributors to
environmental problems, it is particularly important to determine
their fate in conditions of natural weathering. After use, depending
on the domains of application, PVP can be discarded into solid
waste disposal systems or as a dilute aqueous solution. Moreover,
biodegradability tests have shown that PVP is recalcitrant [6]. The
effect of g-irradiation on PVP [7,8,9] and the thermal behaviour of
PVP [10] have been studied; however, the degradation of PVP when
exposed to UV-light in the presence of oxygen has not been
reported, and the mechanism of photooxidation of this water-
soluble polymer is unknown.

This investigation of the photooxidation mechanism of PVP,
both in the solid state and in an aqueous solution, is part of
a general study of the photochemical behaviour of water-soluble
polymers carried out in our research group with the aim of better
understanding the potential contribution of these polymers to

mailto:sandrine.therias@univ-bpclermont.fr
www.sciencedirect.com/science/journal/01413910
http://www.elsevier.com/locate/polydegstab
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environmental problems. The challenge of understanding the
complex degradation mechanism of water-soluble polymers
cannot be addressed by applying data obtained for the solid state to
aqueous solutions of the polymers. The objectives of the present
work are to elucidate the photooxidation mechanism of PVP in the
solid state and to evaluate the influence of aqueous media on the
‘‘orientation’’ of the reaction leading to PVP degradation.

The photooxidation of PVP in the solid state will first be reported
and then compared to PVP photochemical behaviour in an aqueous
solution. Several chemical and physical aspects of PVP will be
evaluated, including:

- The mobility of polymer segments, which is different in
aqueous solutions. Changes in macrochain order (conformation
and crystallinity) are considered, as well as the mobility, which
is an important factor that influences reactivity. In particular,
the ratio between the propagation and termination reactions
that result from the recombination of radical species drastically
modifies the mechanisms of oxidation.

- The influence of water on the reactive intermediates is likely to
modify the reactions in terms of kinetics and mechanism. It
must also be pointed out that the radical nature of PVP
oxidation is questionable since, in a water solution, the inter-
ference of a radical mechanism with an ionic mechanism
should be considered.

- The reaction of water with some of the intermediates or final
products of oxidation that could occur.

The present article reports the photochemical behaviour of
PVP in the solid state and in an aqueous solution under
accelerated artificial aging (l � 300 nm, in the presence of
oxygen). These conditions of irradiation simulate and accel-
erate natural weathering. The oxidation products were char-
acterized by FTIR spectroscopy coupled to chemical treatments
in order to identify the photoproducts. Irradiated aqueous
solutions have also been characterized by viscometry and size
exclusion chromatography. On the basis of results obtained in
the solid state compared to those obtained in an aqueous
solution, a mechanism accounting for the main routes of PVP
photooxidation is proposed.

2. Experimental

2.1. Materials

Poly(N-vinylpyrrolidone) (PVP) with M ¼ 360 000 g mol�1

was supplied by Scientific Polymer Products. Thin, 20 mm, films
were obtained by the evaporation of polymer solutions prepared
in methanol. All aqueous solutions were prepared with deion-
ised ultra pure water (r ¼ 18.2 MU cm). The study of PVP in
solution was undertaken in aqueous solutions of 6.25% and 1.25%
(w/w).

2.2. Irradiation

2.2.1. In aqueous solution
Irradiations were carried out in a SEPAP 14/24 unit at 20 �C for

the PVP aqueous solutions investigated. The chamber consists of an
elliptical reactor equipped with one medium-pressure mercury
lamp (Mazda MA 400) in the vertical position at one focal axis of
the chamber. Wavelengths below 300 nm are filtered by a glass
envelope. At the second focal axis of the chamber, the aqueous
solutions of PVP were placed in a Pyrex reactor cooled by water
circulation. The temperature of the solution was maintained at
20 �C in order to avoid water evaporation.
2.2.2. In the solid state
Irradiations of PVP films were also performed at 20 �C: PVP films

were placed in the aforementioned water-cooled Pyrex reactor in
a SEPAP 14/24 (same device as for aqueous solutions).

2.3. Characterization methods

Infrared spectra were recorded using a Nicolet 760-FTIR spec-
trometer with OMNIC software. Spectra were obtained using
a summation of 32 scans and a resolution of 4 cm�1. A calibration of
the thickness (e, mm) of the non-photooxidized samples was per-
formed by measuring the absorbance (OD) at 1370 cm�1, which
corresponds to a vibration band of the (C–H) bending mode. The
thickness dependence of the absorbance obeyed the equation
OD ¼ 0.0175 � e. FTIR transmission spectra were recorded for thin
films of photooxidized samples of PVP, which were obtained on
ZnSe plates by the evaporation of aliquots of the irradiated aqueous
solution.

2.4. Size exclusion chromatography (SEC)

The changes of molar weight, viscosity, and molar weight
distribution (polydispersity index, Mw/Mn) were obtained by size
exclusion chromatography (SEC) using a Viscotek chromatograph
working with a differential refractometer detector (Viscotek VE
3580), a viscometer detector (Viscotek TriSec Model 270), and
a linear column (TSK/Ref: GMPWXL). The analyses were performed
with an eluant of water containing 0.1 mol L�1 NaNO3 and CH3CN
(80/20v/v) at a flow rate of 0.7 mL min�1. The detector was
calibrated with PEO standards.

2.5. Analysis of volatiles by SPME

Films of PVP were irradiated in sealed vials in order to collect the
volatile photodegradation products. Carboxen–PDMS fibre (75 mm)
was used to extract the volatile products. The extraction time was
5 min at 60 �C.

The volatile compounds were analyzed by gas chromatography/
mass spectrometry (GC/MS) analysis with a 6890 Agilent GC
coupled with a 5973 Agilent MS. The GC was equipped with
a Supelcowax� 10 column (30 m � 0.25 mm � 0.25 mm) from
Supelco. Splitless injections were used (2 min). The temperature of
the GC injector was 280 �C, while the oven temperature was pro-
grammed to be 35 �C for 10 min, and then raised to 200 �C with
a heating rate of 10 �C min�1. Mass spectra were acquired under the
electron ionization mode (EI) at 70 eV, and recorded from 20 to
400 m/z at 1 Hz.

2.5.1. Chemical treatments
The photooxidized samples were submitted to various chemical

treatments in order to identify the photoproducts. The irradiated
films were exposed to reactive gas at room temperature in a simple
flow system that could be sealed off to permit the reaction to
proceed. SF4 and NH3 treatments were carried out in an all-Teflon
system.

Acid groups react with SF4 to give acid fluorides.

RCOOH /
SF4 RCOF

The absorption band n(C]O) of acid fluorides has a character-
istic wavenumber between 1800 and 1850 cm�1 [11,12]. SF4 reacts
with all –OH groups and, as a result, the absorption in the hydroxyl
region decreases [13].

Acid groups also react with NH3 to give ammonium carboxylates
and esters by reacting with NH3 to produce amide groups.
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Attribution of infrared absorption bands of PVP.
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RCOOHDNH3/RCOOL;NHD
4

n (cm�1) Attribution

3460 Stretching (OH)
2920 Antisym. stretching (CH2)
2880 Sym. Stretching (CH2)
1670 Stretching (C]O)
1460 Bending (CH2)
1425 Bending (CH2) in a-position of C]O
RCOOR0DNH3/RCONH2DR0OH

Ammonium carboxylates can be characterized by an infrared
absorption band around 1550 cm�1. Amide groups present, among
others, two characteristic absorption bands around 1670 cm�1

(amide I band) and 1630 cm�1 (amide II band).

1375 Bending (CH)
1285 Stretching (C–N)
1170, 1050 Stretching (C–C) of the ring
845 Ring ‘‘breathing’’ of pyrrolidone
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3. Results and discussion

3.1. Infrared analysis

Analysis of changes in the IR spectra requires that the absorption
bands composing the spectrum of poly(N-vinylpyrrolidone) (PVP)
before irradiation (Fig. 1) are identified. As poly(N-vinyl-
pyrrolidone) is a highly hygroscopic polymer, an absorption band in
the hydroxyl region corresponding to adsorbed water was observed
on the infrared spectra, even after 20 min in the IR spectrometer
bench, which is purged with dry air. The main spectral features of
PVP are presented in Table 1.

3.1.1. Photooxidation in solid state
The photooxidation of PVP thin films was monitored by infrared

spectroscopy (Fig. 2). In the carbonyl region (Fig. 2a), a band with an
absorption maximum at 1770 cm�1 develops. The initial amide
band centred at 1680 cm�1 becomes wider and a shoulder at
1735 cm�1 can be observed. Moreover, a broad band centred at
1540 cm�1 appears. Fig. 2b shows that, in the domain between 1100
and 700 cm�1, new absorption bands appear at 1060 cm�1,
985 cm�1, 910 cm�1, 820 cm�1, and 785 cm�1 during irradiation.
One can particularly notice that the decrease of the absorption
bands at 845 and 930 cm�1 is correlated to the formation of new
absorption bands at 820 and 910 cm�1, respectively, with two
isobestic points at 830 cm�1 and 925 cm�1.

3.1.2. Photooxidation in aqueous solution
Photooxidation of a PVP aqueous solution at 20 �C

([PVP] ¼ 12.5 mg mL�1, pH ¼ 4.2), was also characterized by IR
analysis. The modifications of the IR spectra of PVP deposits
resulting from irradiation in aqueous solution (Fig. 3) were
comparable to those of PVP in the solid state (Fig. 2); however, one
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Fig. 1. FTIR spectrum of a PVP film before irradiation.
can observe that, depending on the medium of irradiation and the
physical state of the polymer, the relative intensities of the
absorption bands are different.

Table 2 shows the absorbance ratios of IR bands calculated from
the absorbance measured at 1770 cm�1 considered as the reference
band for long irradiation times (z250 h). The results show
important discrepancies between the values obtained for the PVP
solid state and PVP in an aqueous solution. The intensities of the
absorption bands at 1060, 985, and 785 cm�1 that result from
photooxidation are approximately 4–5 times more important in the
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Fig. 2. FTIR spectra of a PVP film photooxidized at l � 300 nm and 20 �C (film
thickness of 20 mm), a) in the domain of 1900–1500 cm�1, b) in the domain of
1100–700 cm�1.
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Fig. 3. FTIR spectra of deposits of a PVP aqueous solution photooxidized at l > 300 nm
and 20 �C (deposit thickness 5 mm), a) in the range of 1900–1500 cm�1, b) in the range
of 1100–700 cm�1.
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solid state than in the aqueous solution for equivalent durations of
irradiation. These results underline that the photoproducts corre-
sponding to these absorption bands are formed at a higher rate in
the PVP solid state than in the PVP aqueous solution.

3.2. Identification of the photoproducts

The photooxidized samples were submitted to various chemical
treatments that permit, by derivatisation, identification of the
different photoproducts by IR spectrophotometry.

3.2.1. Chemical treatments
SF4 treatments carried out on PVP films before photooxidation

showed modifications of the IR spectrum in the carbonyl region,
which makes this treatment unable to identify carboxylic acids.
Table 2
Ratios of absorbance of IR bands vs. absorbance at 1770 cm�1 for PVP photooxidation
as a film or in an aqueous solution.

Absorption
band (cm�1)

Absorbance ratios PVP aqueous
solution [PVP] ¼ 12.5 mg
mL�1 tirradiation ¼ 260 h

Absorbance ratios
PVP film tirradiation ¼ 229 h

785 0.04 0.2
820 0.35 0.25
910 0.1 0.3
985 0.25 0.9
1060 0.3 1.5
1770 1 1
In the case of NH3 treatment, the results were more favourable.
At first, it was verified that NH3 treatment carried out on a PVP
sample before photooxidation did not lead to any modification of
the IR spectrum. In the case of a photooxidized PVP film, the
appearance of a maximum at 1575 cm�1 (as a shoulder to the amide
band) on the IR spectrum was observed after NH3 treatment. This
absorption band can be assigned to ammonium carboxylate groups,
which confirms that carboxylic acids are formed as a result of
photooxidation. The same modifications were observed in the case
of NH3 treatments of the deposits obtained from photooxidized PVP
in aqueous solutions.

3.2.2. Comparison with IR features of succinimide
The increase of absorbance at 820 cm�1 of photooxidized PVP

can be observed to be linked to a decrease in an absorption band at
845 cm�1, demonstrating an isobestic point on the IR spectra
(830 cm�1) (Fig. 2b). Since the band at 845 cm�1 is characteristic of
a pyrrolidone ring, this suggests that the photoproduct that
corresponds to the IR band at 820 cm�1 results from the oxidation
of the pyrrolidone ring.

Previous studies carried out in our laboratory on polyamides
photooxidized at long wavelengths (at l � 300 nm) [14] have
shown that, among the numerous oxidation photoproducts, imides
are the most easily identifiable. These products are characterized by
IR absorption bands at 1735 and 1690 cm�1. Analogously to poly-
amides, the formation of imides by the oxidation of PVP can be
proposed. Additionally, the absorption band that develops upon
photooxidation at 1770 cm�1 could correspond to a cyclic imide
[15,16]. In the case of PVP, this band can be assigned to the succi-
nimide ring that results from the oxidation of the pyrrolidone ring.
In order to assess this hypothesis, a few drops of succinimide were
added to the PVP aqueous solution ([PVP] ¼ 62.5 mg mL�1) and the
deposit of this solution was analyzed by IR after water evaporation.
The IR spectrum of this deposit (PVP þ succinimide) was compared
with that of a pure PVP deposit. As expected, in the presence of
succinimide, two supplementary bands appear at 820 cm�1 and at
1770 cm�1.

These observations suggest that the IR absorption bands at 820
and 1770 cm�1 can be attributed to a single photoproduct with
a succinimide structure, which indicates that oxidation of the
pyrrolidone ring occurs.

3.2.3. Identification of unsaturated photoproducts
The previously discussed results suggest that unsaturated

photoproducts can be obtained. There are different possibilities of
double bond formation according to the chemical structure of PVP.
The IR spectra and the results reported in Table 2 indicate that the
absorption bands at 785, 985, and 1060 cm�1 are correlated and
could correspond either to the same photoproduct or to photo-
products coming from the same degradation reaction.

Several types of unsaturation can be considered: Vinyl, vinylene,
and conjugated structures.

- Vinyl unsaturation: The formation of CH2]CH–CH2– could
account for the absorption bands observed at 910, 985, and
1060 cm�1 [1].

- N-vinylpyrrolidone: According to the chemical structure of PVP,
one can consider the formation of N-vinylpyrrolidone
(Schemes 1 and 2). N-vinylpyrrolidone presents a band at
985 cm�1 [deformation of (C–H) outside the plane (trans) of
]CH].

In order to verify this hypothesis, N-vinylpyrrolidone was added
to a PVP aqueous solution (concentration of 62.5 mg mL�1), and
a deposit of this solution was analyzed by IR after the water was
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Scheme 1. Structure of the succinimide ring obtained after PVP photooxidation.
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Scheme 2. Chemical structure of N-vinylpyrrolidone.
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Fig. 4. a: Evolution of absorbance at 1770, 1060, 985, 910, 820, and 785 cm�1 as
a function of irradiation time for a PVP film (thickness ¼ 20 mm) photooxidized at
l � 300 nm and 20 �C. b: Evolution of absorbance at 1770, 1060, 985, 910 cm�1, 820,
and 785 cm�1 as a function of irradiation time for PVP in an aqueous solution at 20 �C
([PVP ¼ 12.5 mg mL�1).

Table 3
Comparative results of the PVP film and PVP aqueous solution deposit with
photooxidation at 20 �C.

Wavenumber
(cm�1)

Photooxidation PVP films Photooxidation PVP solutions

Absorbance Irradiation
time (h)

Absorbance Irradiation
time (h)

1770 0.021 40 0.027 163
820 0.008 40 0.012 163
1060 0.031 63 0.038 451
985 0.041 63 0.035 451
785 0.005 63 0.006 451
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evaporated. The resultant spectrum shows an absorption band at
985 cm�1, as well as another, less intense, band centred at
1040 cm�1, corresponding to the (C–H) bending vibration in the
plane of (CH2]).

- Vinylene unsaturation: The absorption band at 785 cm�1 in
photooxidized PVP samples can be attributed to vinylenes
(HR–C]C–R2) [16].

3.2.4. Evolution of pH in PVP aqueous solutions
Photooxidation of the PVP aqueous solution decreased the

solution pH from 4.2 to 3.3 after 200 h of irradiation. The acidifi-
cation of the solution can be explained by an accumulation of
carboxylic acids during irradiation.

3.3. Rates of photooxidation

The rates of formation of PVP photoproducts were compared by
plotting the increase of absorbance with the irradiation time for
films and PVP aqueous solutions photooxidized at 20 �C.

3.3.1. PVP in the solid state
Fig. 4a depicts the kinetic curves of PVP oxidized films irradiated

in the SEPAP 14–24 unit at 20 �C.
These curves show the formation of photoproducts from the

beginning of irradiation without any induction time. After about
200 h, the absorbance values reach a quasi-stationary state.

3.3.2. PVP aqueous solution
Fig. 4b depicts the kinetic curves for deposits obtained from

a PVP aqueous solution as a function of irradiation time. The rates of
formation of the photoproducts obtained for the PVP aqueous
solution can be compared to those of the PVP films (Fig. 4a)
obtained from irradiations at 20 �C.

Table 3 reports the irradiation times that are required to
produce the same absorbance for a defined band in both physical
states (for the same film and deposit thicknesses).

Table 3 shows that the bands at 1770 cm�1 and 820 cm�1 are
correlated. Indeed, for the same irradiation times, either in film
(40 h) or in solution (163 h), the absorbance values are equivalent.
The same observation can be made for the bands at 1060, 985,
and 785 cm�1 with the corresponding irradiation times of 63 h
and 451 h in film and solution, respectively. These results suggest
that these correlated bands correspond to either the same
photoproduct or to photoproducts formed through the same
route. Moreover, the ratio between the concentrations of the
photoproducts in the solid and liquid states is not the same for
both kinds of products: For identical irradiation times, a ratio of 4
is obtained for photoproduct(s) corresponding to 1770 and
820 cm�1 and a ratio of 7 for photoproduct(s) at 985, 785, and
1060 cm�1. This observation also reflects the difference in stoi-
chiometry for the formation of product(s) at 1770 and 820 cm�1

and product(s) at 785, 985, and 1060 cm�1, depending on the
solid state and the aqueous solution.
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3.4. SEC analysis

A decrease of PVP solubility in water resulting from irradiation
was observed. After only 40 h of irradiation, 70% of the PVP samples
became insoluble.

3.4.1. SEC analysis of PVP in an aqueous solution
Modifications to the molar weight distribution of irradiated PVP

in aqueous solutions were characterized by SEC, which provided
the evolution of the intrinsic viscosity of PVP in aqueous solutions.
Measurements were carried out on PVP in aqueous solutions at two
different concentrations: 12.5 mg mL�1 and 62.5 mg mL�1 (Fig. 5a).

Chromatograms obtained by SEC analysis for irradiated PVP in
aqueous solutions show that the polymer retains a monomodal
distribution with a decrease in the molar weight distribution and
a significant narrowing of the initial distribution. The average molar
weight (Mw) decreases by about 80% after 27 h of irradiation. The
intrinsic viscosity of the solution (IV) (Fig. 5b) shows a dramatic
decrease. Furthermore, the polydispersity index decreases: The Ip
(¼ Mw/Mn) value for PVP was 6.3 before irradiation, and decreased
to 3.7 after 260 h of irradiation.

Computer models of degradation have been reported by Emsley
et al. [17]. It is shown that Ip changes differently during aging,
according to the processes that occur (random or systematic). In the
case of the photooxidation of PVP in solution, the Mw/Mn ratio
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Fig. 5. a: Evolution of molar weight (Mw) as a function of irradiation time for PVP in
aqueous solutions ([PVP] ¼ 62.5 and 12.5 mg mL�1). b: Evolution of intrinsic viscosity
as a function of irradiation time for PVP in an aqueous solution (concentration of PVP
12.5 mg mL�1).
decreases. This indicates that chain scissions are predominant and
the macromolecular chains retain similar molecular weights.
Viebke [18] has shown that the preferential scission of the longest
chain leads to movement of the peak towards lower molar weights.

Our results indicate that the mechanism of photooxidation of
PVP implies chain scission, as the molar weight and the viscosity of
the solution dramatically decrease upon aging.

3.5. Analysis of the volatile products

UV-light-induced degradation of polymers produces a large
variety of products. Most of the resultant products are trapped in
the solid polymeric matrix. These products can be detected and
easily identified by IR analysis of the polymer film. The situation is
different in the case of low molecular weight products that result
from multiple chain scissions, which are likely to migrate from the
polymer matrix towards the atmosphere. Identification of these
products requires the analysis of the gas phase that surrounds the
exposed samples. This can be achieved through several techniques
[19]. A simple method that can be used is solid-phase micro-
extraction (SPME). This method consists of trapping the volatile
products resulting from photooxidation with an SPME fibre, which
is then analyzed by GC/MS [20,21]. In the case of PVP, the identi-
fication of the low molecular weight products in the gas phase was
particularly necessary since one could suspect that photooxidation
could provoke the formation of N-pyrrolidone. It was not possible
to observe this product by IR analysis of PVP films, since it presents
the same infrared characteristics as PVP. SPME analysis of the gas
phase after irradiation revealed a peak at 85 that is characteristic of
the mass spectrum of N-pyrrolidone (Fig. 6). This result indicates
the release of molecular pyrrolidone, which confirmed that scis-
sions of the C–N bond between the backbone and pyrrolidone
group occurred during the irradiation of PVP in conditions of
photooxidation.

3.6. Mechanism

Despite the fact that PVP does not absorb radiation of wave-
lengths longer than 300 nm, this polymer appears to be very
sensitive to photooxidative degradation. Both in the solid state and
in aqueous solution, photooxidation can be initiated by chromo-
phoric impurities that absorb the UV-light and produce radicals
that can react further with the polymer [22]. Based on commonly
agreed upon photooxidation mechanisms, this first step is followed
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Fig. 6. Mass spectrum of N-pyrrolidone.
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by hydrogen abstraction on the polymeric backbone by radicals.
Macroradicals are then formed and react with oxygen, leading to
peroxy radicals that give hydroperoxides by abstraction of a labile
hydrogen atom, which then propagates the oxidation.

In the case of polyamides, photooxidation has been shown to
result from an attack on the carbon atoms in the a-position of the
amide group [14]. In the case of PVP, there are two carbon atoms in
the a-position of the nitrogen atom, either a secondary carbon atom
(A) or a tertiary one (B).

)nCH2 CH(

C
N

O

(B)

(A)

Two different routes can be proposed, which lead to the
formation of two different hydroperoxides, as shown in Scheme 3.
Hydroperoxides are thermally and photochemically unstable. The
decompositions of these hydroperoxides occur through the
homolysis of the peroxide bond and give hydroxyl radicals with
either a secondary alkoxy radical (A0) or a tertiary one (B0).

1) Evolution of alkoxy radical (A0)
a) It has been shown in the case of aliphatic polyamides

that the main route of evolution of an alkoxy radical (A0)
is hydrogen abstraction by the hydroxyl radical leading to
imide group [14]. This reaction also produces water. In
the case of PVP, the formation of imides would account
for the increase of absorbance observed at 820 and
1770 cm�1.
CH CH2 CH CH2 + H2O
N
OO

H

N
OO

.
OH

.

IR : 820/1770 cm-1

Imide

Imide groups are sensitive to hydrolysis and are likely to react
with water formed in situ in close vicinity, which gives secondary
amides. The absorption band at 1540 cm�1 that grows upon irra-
diation of PVP films can be attributed to the bending vibration of
the N–H bond of the secondary amides coming from this reaction.
This reaction involves a ring opening [23]. The stretching vibration
of the N–H bond that should appear at 3340 cm�1 is masked by the
broad hydroxyl absorption band.

N
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CH CH2

O O
N
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HO

CH CH2

H2O

Secondary amide
IR : 1540 cm-1

b) N-1-hydroxy groups could be formed through hydrogen
abstraction by radical A0 , but this would be a minor route of
evolution. There is no direct experimental evidence for the
formation of these products. It should also be recalled that,
if formed, N-1-hydroxy groups readily decompose above
60 �C [14].
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2) Evolution of alkoxy radical (B0)
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a) The evolution of the alkoxy radical B0 by b-scission of the
main chain produces imide groups (1735 cm�1) and
a primary alkyl radical (C). Reaction of this radical with
oxygen leads to the formation of carboxylic acids.

Carboxylic acids are also obtained as end groups by hydrolysis of
the non-cyclic imides. This reaction results in either the formation
of 2-pyrrolidone or the ring opening of the pyrrolidone group.
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There is another possible route concerning the tertiary alkyl
radical (C), which could explain the formation of unsaturated
products. As proposed in Scheme 4, the alkyl radical can indeed
decompose through three different b-scission processes:

3) (C–N) (Route 1) giving a vinyl group and releasing
2-pyrrolidone.

4) (C–C) (Route 2) releasing molecules of N-vinylpyrrolidone.
5) (C–H) (Route 3) giving rise to macromolecular vinylidenes (this

route might be unlikely due to the higher bond energy)
b) A second route of evolution for the radical (B0) is b-scission
through the C–N bond, which leads to the formation of
a macromolecular ketone and the release of 2-pyrrolidone.
Ketones are photochemically unstable and can decompose via
Norrish I or Norrish II reactions. The Norrish I reaction leads to the

formation of carboxylic acids, while the Norrish II reaction leads to
the formation of the end-chain ketones and unsaturation
(Scheme 5) detected at 985 cm�1.

3.7. Influence of the physical state: solid vs. solution

The results reported above show that the reactions of PVP
photooxidation strongly depend on the physical state of the poly-
mer. The same photoproducts are formed in the solid state as in
aqueous solution, but their relative concentrations are different.
Photooxidation of PVP in the solid state leads to 70% of insoluble
fractions, whereas, in aqueous solution, photooxidation primarily
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produces chain scissions. Moreover, in the solid state, the relative
rate of formation of the unsaturated photoproducts is more
important than in aqueous solution, and the ratio of cyclic unsa-
turation vs. imides is higher (Table 2). This influence of the medium
on the mechanism of PVP photooxidation can be explained by the
differences between the mobility of the macromolecular chains in
the solid state vs. in an aqueous solution. Moreover, the stationary
concentration of oxygen is different in both media and oxygen
diffusion is easier in the solution, which favours the formation of
oxidation products in this case.
4. Conclusions

The results reported in this article show that PVP is very
sensitive to photooxidation. UV-light-induced oxidation of PVP can
be described as a succession of reactions that can occur in
a concerted manner, and start with a radical attack on the carbon
atom in the a-position of the nitrogen atom.

Two different alkoxy radicals can be formed: Secondary (A) and
tertiary (B) radicals. The oxidation routes that involve the tertiary
alkoxy radical (B) lead to macromolecular chain scissions, whereas
the routes involving the secondary alkoxy radical (A) produce only
bond scissions in the pyrrolidone ring and not in the macromo-
lecular backbone.

Our results show that the degradation mechanisms of solid state
PVP and PVP in an aqueous solution are significantly different. The
main difference between the photoproducts formed under condi-
tions of photooxidation for PVP in the solid state and in aqueous
solution concerns the ratio of unsaturated products and cyclic
imides. In addition, water was not observed to react with inter-
mediate species or final products Moreover, there was no evidence
for the contribution of an ionic mechanism.

These conclusions concerning the photooxidation of PVP are
different from those reported in a previous study investigating the
photooxidation of poly(ethylene oxide) (PEO), which is also
a water-soluble polymer [24]. In the case of PEO, the photoproducts
formed in the solid state were shown to react with water,
producing different final photoproducts when PEO was oxidized in
an aqueous medium. The comparison of these two polymers shows
that, from a general point of view related to the photodegradation
of water-soluble polymers in an aqueous solution, no universal
rules and conclusions can be drawn, and each water-soluble poly-
mer needs to be individually investigated.
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a b s t r a c t

This article reports on the effect of UV–vis radiation (� ≥ 300 nm) on the degradation of poly(N-
vinylpyrrolidone) PVP photoinduced by Fe(III) in aqueous solution and in the presence of oxygen. The
formation of oxidation products was followed by infrared analysis of deposits obtained after evapora-
tion of water and by UV–vis analysis of the irradiated polymer solutions. Size exclusion chromatography
(SEC) was used for monitoring the variations of molar weight and intrinsic viscosity with irradiation time.
Total organic carbon (TOC) measurements were performed with the aim of checking the mineralisation
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of aqueous solutions.
Depending on the concentration of Fe(III), the concentration of PVP and the pH of the solution, we were

able to show that the photooxidation of PVP leads to a chain scission and to a cross-linking mechanism,
contrary to photooxidation of PVP in the absence of Fe(III) which only involves a mechanism of chain
scission. A mechanism of PVP photooxidation until its possible mineralisation is proposed, taking into

n of F
ydrogel
ineralisation

account the concentratio

. Introduction

Because of its unique chemical and physical properties,
oly(N-vinylpyrrolidone) (PVP) has found significant use in phar-
aceuticals, cosmetics (hairsprays), medicine (blood plasma

xtender), construction industry (in plywood, sealing composites,
tc.), textiles, paper, detergents, etc. [1,2]. After use, depending on
ts domain of application, this polymer can be discharged as dilute
queous solutions or into solid waste disposal systems. Effluents
ntering aqueous wastewater streams may enter the environment
irectly. Like the majority of synthetic polymers, PVP is not sensi-
ive to biodegradation [3] so its fate in the environment is uncertain.

oreover, due to its water solubility, PVP has received less atten-
ion in the media than packaging plastics, which visibly litter the
ountryside and contribute to landfill overload.
The degradation of PVP in the environment may take place
hrough several paths. Among the different abiotic degradation
rocesses, solar irradiation is one of the main factors responsible
or pollutant degradation in the aquatic environment. In a recent
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010-6030/$ – see front matter © 2011 Elsevier B.V. All rights reserved.
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e(III) in the solution.
© 2011 Elsevier B.V. All rights reserved.

paper [4], we reported work on the photooxidation of poly(N-
vinylpyrrolidone) (PVP) under long wavelengths (� ≥ 300 nm) in
solid state and in aqueous solution. Based on the results of photoox-
idation, a mechanism accounting for the main routes of oxidation
can be proposed.

The photochemical evolution of PVP under oxidative condi-
tions under long wavelengths (� ≥ 300 nm) involves two types
of hydroperoxides. The oxidation path, leading to scission of
the macromolecular chain, involves the formation of a tertiary
hydroperoxide, whereas in the path involving the formation of
a secondary product, the decomposition of these hydroperoxides
leads only to bond scission of the pyrrolidone ring.

If we examine the role of water in the orientation of the pho-
tooxidation mechanism, we notice that in the solid state, the rate of
formed unsaturation is higher than in aqueous solution. The ratio
between unsaturations and cyclic imides is higher in the solid state.
There is thus a significant influence of the medium on the PVP
degradation mechanism.

In this paper, we have investigated the influence of Fe(III) salts,
which is a transition metal naturally present in the aquatic com-
partments, on the photochemical behaviour of PVP in aqueous
solution. The influence of Fe(III) chloride on the photodegradation

under 254 nm irradiation of PVP aqueous solution has been studied
by Kaczmarek et al. [5]. The efficiency of FeCl3 on the rate of pho-
tooxidation was compared with the effect caused by H2O2. It was
concluded that the photo-oxidative degradation of PVP was accel-
erated by either FeCl3 or H2O2. However, •OH and •OOH radicals,

dx.doi.org/10.1016/j.jphotochem.2011.01.007
http://www.sciencedirect.com/science/journal/10106030
http://www.elsevier.com/locate/jphotochem
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hich are generated from the decomposition of H2O2, were more
fficient accelerating agents than Cl• radicals. Moreover, the high
oncentration of carbonyl groups detected by IR spectroscopy is in
avour of efficient Norrish I and II type reactions leading to a fast
ecomposition of PVP. A relatively high amount of gel was formed

n PVP solution in the presence of H2O2, which points out that in
his case recombination of macroradicals dominates the dispropor-
ionation or reaction between small radicals and macroradicals. It
eems that in the presence of H2O2, the occurrence of ring opening
eaction in PVP is more likely and the macroradicals formed in this
rocess also take part in the termination of degradation. Interest-

ngly, both the competing and opposing reactions of chain scission
nd cross-linking are efficiently accelerated for PVP irradiated in
2O2 solution compared to pure PVP.

In previous works, the photodegradation of pollutants induced
y Fe(III) has been reported [6–8]. It has been revealed that the
ttack by •OH radicals arising from Fe(III) species in the excited
tate is a very efficient process. Indeed, Fe(III) aquacomplexes
an absorb solar light and undergo a photoredox process giv-
ng rise to Fe(II) and hydroxyl radicals [9,10]. Among the Fe(III)
quo-complexes, Fe(OH)2+ (which refers to [Fe(H2O)5(OH)]2+) is
hotolysed with the highest quantum yield [10] according to the
ollowing reaction:

e(OH)2+ hv−→
H2O

Fe2+ + •OH (1)

ydroxyl radicals are known to be very reactive species, reacting
ith most organic substrates with rate constants that are limited

y diffusion. The photodegradation of pollutants induced by Fe(III)
11,12] has been previously investigated and in all cases, it has
een concluded that it was a useful process for the elimination of
ollutants in water.

The present work deals with the photodegradation of PVP in
queous solution induced by Fe(III) aquacomplexes until it is com-
letely mineralised. The role of Fe(III) species is discussed and a
echanism of PVP degradation is proposed.

. Materials and methods

.1. Materials

All reagents were of the purest grade commercially available
nd were used without further purification.

Poly(N-vinylpyrrolidone) (PVP) sample was supplied by Sci-
ntific Polymer Products. The average molar weight of the
olymer was 360,000 g mol−1. Ferric perchlorate nonahydrate
Fe(ClO4)3·9H2O; >97%) was a Fluka product kept in a dessicator.
ydroxylamine chlorhydrate and ferrozine (3-(2-pyridyl)-5,6-
iphenyl-1,2,4-triazine-4,4′-disulfonic acid, sodium salt, 97%) were
urchased from Aldrich.

Water was purified by a Millipore Ultra-Pure System
� = 18.2 M� cm). PVP solutions of 6.25% (62.5 mg mL−1), 1.25%
12.5 mg mL−1) and 0.1% (1.0 mg mL−1) of wt.% were prepared by
issolving PVP into deionised water with mild stirring overnight
t room temperature. The natural pH of aqueous solutions of PVP
as around 4.2. Acidified solution (pH 3.1) was obtained by adding
rops of diluted HClO4. HClO4 was chosen for acidifying the aque-
us solution because ClO4

− is far less reactive and photosensitizer
han Cl−, and is the counter anion of the ferric salt used. No buffer
as used in order to avoid any contamination of the solution and

ny interaction with iron.

Public
Solutions with iron were prepared by dissolving Fe(ClO4)3 in
VP aqueous solutions. The pH of the solution changed from 4.2
o 3.1 or 4.2 to 2.95 after the addition to PVP aqueous solu-
ion ([PVP] = 62.5 mg mL−1) of Fe(ClO4)3 at a concentration of
× 10−4 mol L−1 or 1.2 × 10−3 mol L−1, respectively. Solutions with
otobiology A: Chemistry 218 (2011) 239–246

hydrogen peroxide were prepared by adding different concentra-
tions of H2O2 (10−1, 10−2, 10−3, 1.2 × 10−3 and 6 × 10−4 mol L−1)
into PVP aqueous solutions ([PVP] = 62.5 mg mL−1).

Relatively concentrated polymer solution (6.25%) was chosen in
order to follow the chemical modifications of the irradiated solu-
tions by IR analysis of deposits on ZnSe windows. FTIR transmission
spectra were recorded for thin deposits of oxidised samples of PVP,
which were obtained by evaporation of aliquots of irradiated aque-
ous solution of PVP. The samples were dried at room temperature
for 24 h.

Unless otherwise noted, our experiments were performed with
[PVP] = 62.5 mg mL−1 (6.25%) and [Fe(III)] = 6 × 10−4 mol L−1.

2.2. Irradiation

PVP aqueous solutions were irradiated in a SEPAP 14/24 unit
at 20 ◦C. The chamber is an elliptical reactor equipped with one
medium-pressure mercury lamp (Mazda MA 400) in vertical posi-
tion at one focal axis of the chamber. Wavelengths below 300 nm
were filtered by a glass envelope. At the second focal axis of the
chamber, the aqueous solution of PVP was placed in a Pyrex reac-
tor cooled by water circulation. The temperature of the solution
was maintained at 20 ◦C in order to avoid water evaporation.

2.3. Chemical and spectrophotometric analysis

Fe(II) concentration was determined by complexometry with
ortho-phenanthroline, using ε510 = 1.118 × 104 L mol−1 cm−1 for
Fe(II)-phenanthroline complex [13]. Total iron concentration was
determined after reduction of Fe(III) species with a solution of
hydroxylamine chlorhydrate (3 mol L−1) prepared by dissolution
of 104.25 mg in a 500 mL flask into 200 mL 32% HCl and then
completed with distilled water. Ferrozine forms a strong coloured
complex with Fe(II). In a 5 mL flask were added 0.25 mL sample,
1.5 mL water and 0.5 mL of hydroxylamine solution (3 mol L−1).
After stirring vigorously and waiting for 10 min, it was added 0.5 mL
of ferrozine (0.02 mol L−1), 1 mL ammonium acetate buffer 0.1 N
and water to complete to 5 mL. After stirring, absorbance was mea-
sured at 562 nm. The accuracy of the method is ±0.1 �mol L−1.

Infrared spectra were recorded with a Nicolet 760-FTIR spec-
trometer, working with OMNIC Software. Spectra were obtained
using 32 scans summation and 4 cm−1 resolution. The thickness (e,
in �m) of the non-photooxidised samples was calibrated by mea-
suring the absorbance (OD) at 1370 cm−1, which corresponds to a
vibrational band of (C–H) bending mode. The thickness dependence
of the absorbance obeyed the equation OD = 0.0175 × e. UV–vis
spectra of solutions were recorded on a Cary 3 double beam spec-
trophotometer (Varian).

The variations of molar weight, viscosity and molar weight
distribution (polydispersity index, Mw/Mn) were measured by size
exclusion chromatography (SEC) using a Viscotek chromatograph
working with a differential refractometer detection (Viscotek VE
3580), a viscometer detector (Viscotek TriSec Model 270) and a
linear column (TSK/Ref: GMPWXL). The analyses were performed
with NaNO3 0.1 mol L−1/CH3CN (80/20) as eluent at a flow rate
of 0.7 mL min−1. The equipment was calibrated with PEO stan-
dards. Molar weight distributions were calculated with OMNISEC
Software.

Total organic carbon (TOC) in aqueous solution was measured
using a Total Organic Carbon analyzer Shimadzu model TOC-5050A.
The Shimadzu TOC-5050A is capable of performing total carbon
(TC) analyses by combustion and inorganic carbon (IC) analyses

n 5/25
by oxidation in 25% H3PO4 solution. TOC measurements were
obtained by calculating the difference between TC and IC measure-
ments. Calibration curves within the range of 0–500 mg L−1 for
TC and 0–100 mg L−1 for IC were obtained using potassium
hydrogen phthalate for total carbon and sodium hydro-
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Irradiation time (h)

ig. 1. (a) Evolution of absorbance at 1770, and 985 cm−1, of PVP aqueous solutions
f PVP molar weight (Mw) as a function of irradiation time for PVP aqueous solutio

en carbonate with potassium carbonate for inorganic
arbon.

The insoluble fraction of the samples was evaluated by gravi-
etric measurements for different times of irradiation. After each

xposure time of PVP aqueous solution, the solutions were fil-
ered and the insoluble fractions were dried outdoors. The films
btained were then put into a glass phial with water, a sol-
ent of PVP. The amount of water was adjusted in order to
btain the same specific concentration for all the mixtures; typi-
ally Mtotal/Vwater = 3.5 mg mL−1. The phials were then hermetically
ealed and hidden from the daylight for 96 h. The gel obtained was
ried until constant weight. The gel fraction is defined as the ratio
etween the weight of the dry gel (Minsoluble) and the weight of PVP
Mtotal).

el fraction (Gf) = [Minsoluble]
[Mtotal]

. Results and discussion

Firstly, before approaching the study of the photooxidation of
VP aqueous solution in presence of Fe(III) (pH 3.1), the PVP pho-
ooxidation was studied at the same pH but without Fe(III). The
olution was acidified with HClO4 in order to study the effect of the
H on the photooxidation of PVP aqueous solution before inves-

igating the effect of the Fe(III). Indeed, during the dissolution of
e(ClO4)3, perchloric acid is formed in the aqueous solution. More-
ver, a dark experiment at room temperature with PVP and Fe(III)
n aqueous solution was performed. No degradation of PVP and no
nteraction between PVP and Fe(III) were observed after few days.
nction of irradiation time, pH initial = 4.2 and 3.1, [PVP] = 62.5 mg mL−1. (b) Evolution
H 4.2 and 3.1, [PVP] = 62.5 mg mL−1.

3.1. Photooxidation of PVP aqueous solution at pH initial = 3.1

3.1.1. PVP aqueous solution in the presence of perchloric acid
The IR spectrum of PVP deposit obtained from aqueous solution

in presence of HClO4 shows two new absorption bands at 1095
and 620 cm−1 compared to IR spectrum of natural PVP aqueous
solution. The intensity of these two bands increases with the con-
centration of HClO4. The same bands were observed in the spectrum
of HClO4. These two bands are thus part from ClO4

− vibrations.

3.1.2. Photooxidation process
During photooxidation of PVP aqueous solution in presence of

oxygen at 20 ◦C (pH 3.1), chemical modifications of PVP were fol-
lowed by IR analysis. Deposits, of about 20 �m, were obtained by
casting from aqueous irradiated solutions onto ZnSe wafers. After
evaporation of water, the thickness of the deposits was determined
by IR. The general evolution of the IR spectra of PVP upon irradi-
ation at pH 3.1 in aqueous solution is comparable to that of PVP
aqueous solution at pH 4.2 [4]. Furthermore, the stoechiometries
of the different photoproducts are identical. The pH of the solution
decreased weakly during irradiation, from 3.1 to 3.0 after 300 h.

Kinetics of photoproducts formation at pH 4.2 and 3.1 were
compared by studying the evolution of the absorbance measured

at 1770 cm−1 (succinimide rings), and 985 cm−1 (unsaturations)
(Fig. 1a). These rates are slower at pH 3.1 than at pH 4.2. At pH 3.1,
an induction period of around 50 h is observed before the detection
of photoproducts. This indicates that the rate of photooxidation of
PVP decreases in the presence of HClO4.
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cheme 1. Possible hydrogen bonds to be formed between PVP chains in acidic
olution (pH 3.1).

The evolution of average molar weights of PVP in aqueous
olution (pH 3.1) during the photooxidation was characterized by
EC and compared with the trend observed at pH 4.2 (Fig. 1b). A
ecrease of the molar weight was observed during the irradiation,
hich implies a mechanism of chain scission, but the decrease of
olar weight was faster when the initial pH of the solution was 4.2

ather than 3.1. This means that the mechanism of chain scissions
lowed down in the presence of HClO4. This result is in agreement
ith the evolution of IR spectra commented previously.

One explanation of the slower photooxidation of PVP in pres-
nce of HClO4 is that in relatively acidic solution, protonation of
VP takes place on the oxygen atom, whereas protonation on the
itrogen atom would destroy the conjugation [14]. Indeed, PVP can
e considered as a Lewis polybase [15] and the electronic configu-
ation of the polymer after protonation is consequently modified.
nteractions by hydrogen bonding can take place between PVP

acromolecular chains. The same behaviour was observed when
arboxylic acids or polyacids were added to the PVP aqueous solu-
ion [15–17] (Scheme 1).

.2. Photooxidation of PVP aqueous solution in the presence of
e(III)

.2.1. IR analysis
After dissolution of Fe(III) in PVP aqueous solution, the pH of

he solution decreased from 4.2 to 3.2. Irradiation of this solution
ed to important modifications of IR spectra obtained on deposits
f aliquots of the polymer aqueous solution on ZnSe plate.

Several absorption bands were observed from the beginning of
rradiation (Fig. 2). Absorption bands corresponding to succinimide
ing (1770 and 820 cm−1) appeared from the first 8 h of irradiation
hile absorption bands corresponding to unsaturations (1060, 985

nd 785 cm−1) were observed after an induction period of 25 h.
hese absorption bands are similar to those observed during the
hotooxidation of PVP aqueous solution in absence of Fe(III), which

ndicates that the oxidation products are identical. Furthermore,
he photoproducts of PVP in water in presence and in absence of
e(III) represent the same percentage as a function of degraded PVP.
s a contrary, it is important to note that the pH increased from 3.2
o 3.4 after 400 h of photoageing and reached the value of 3.8 after
00 h. The pH of the aqueous solution PVP/Fe(III) tends to increase
uring the irradiation contrary to the behaviour under irradiation
f the PVP aqueous solution in absence of Fe(III). This observation
as an important consequence on the speciation of iron species
resent in aqueous solution.
Fig. 2. FTIR spectra of deposits obtained from a PVP aqueous solution in
the presence of Fe(III) during photooxidation (pH 3.2, [PVP] = 62.5 mg mL−1,
[Fe(III)] = 6 × 10−4 mol L−1).

3.2.2. Kinetics of photooxidation
The variations of absorbance at 1770 and 985 cm−1 as a func-

tion of irradiation time of PVP aqueous solution are plotted in
Fig. 3. These results show that in the presence of Fe(III), the rate
of formation of the photoproducts is faster during the first hours of
irradiation. The degradation kinetics in the presence of Fe(III) allow
confirming the correlations of the absorption bands at 1770 and
820 cm−1 assigned to succinimide rings [4] as well as unsaturations
at 785 and 985 cm−1. Indeed, oxidation products corresponding
to the unsaturations appear after an induction period of 25 h and
the oxidation products corresponding to the succinimide rings are
detected from the beginning of the irradiation. In the absence of
Fe(III), the different photoproducts can be observed beginning after
50–80 h of irradiation. In presence of Fe(III), during the first hours
of irradiation, the rate of formation of the photoproducts is signifi-
cant. Indeed, as shown in a previous article devoted to the influence
of Fe(III) on the photodegradation of PEO [18], the monomeric
species Fe(OH)2+ are predominant in aqueous solution at pHs
between 2.5 and 5.0, and can be considered as the most important
source of •OH radicals production (reaction 1) under exposure to
light.

The concentration of Fe(II) was also measured all along the irra-
diation. The results show a very fast increase in the concentration
of Fe(II) at the beginning of the irradiation, which mainly results
from the photoredox process of Fe(OH)2+ species. Fe(III) is mainly

transformed into Fe(II) and the formation of •OH is maximum.
Then, Fe(II) concentration reaches a constant value corresponding
to a photostationary equilibrium between Fe(III) and Fe(II) in the
presence of organic compounds ([Fe(II)] ≈ 5.5 × 10−4 mol L−1 at the
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ig. 3. Evolution of absorbance at 1770 and 985 cm−1, of PVP aqueous solution as a
unction of irradiation time in presence of Fe(III) (pH initial = 3.1, [PVP] = 62.5 mg mL−1,
Fe(III)] = 6 × 10−4 mol L−1).

lateau), as reported in a previous study on PEO photodegradation
18]. This photostationary equilibrium can be explained by a pho-
ocatalytic cycle between Fe(III) and Fe(II) species [18].

The second phase of the kinetic curves of the photooxidation
f PVP aqueous solution in presence of Fe(III) (between 100 h and
00 h) (Fig. 3) corresponds to a slowing down of the rate of forma-
ion of the photoproducts. This can be explained by the presence,
fter the first period where Fe(OH)2+ is photodegraded, of a pho-
ocatalytic cycle of Fe(III)/Fe(II) in which radical species (•OH)
re formed regularly in much smaller amount. This second phase
an correspond also to the induction observed in the experiment
ithout iron. After 350 h, the formation rate of the photoproducts

ncreases again and resembles the kinetics obtained in the absence
f iron. Iron has no more photochemical impact in the phototrans-
ormation of PVP.

.2.3. SEC analysis
The changes provoked by the irradiation of PVP aqueous solu-

ion in the presence of Fe(III) (Fig. 4) can be characterized by the
ecrease in average molar weights, which implies several chain
cissions. The decrease of molar weights is faster during the first
ours of irradiation in presence of Fe(III). This result clearly shows
he photoinductive effect of Fe(III) due to the production of •OH
nder irradiation. The mechanism of chain scissions is thus accel-
rated in presence of Fe(III). Between 8 and 100 h of irradiation,

he average molar weight is almost constant. The invariance of
he average molar weight can be correlated with the kinetics of
ormation of the photoproducts which show the same slow-down
fter 8 h of irradiation. This phenomenon can be attributed to the
trong decrease of •OH hydroxyl radical production and/or to the
Fig. 4. Evolution of PVP molar weight (Mw) as a function of irradiation
time in the presence and in the absence of iron ([Fe(III)] = 6 × 10−4 mol L−1,
[PVP] = 62.5 mg mL−1).

competition between a mechanism of chain scissions and cross-
linking in which an equilibrium is established.

3.3. Influence of Fe(III) concentration

The influence of Fe(III) concentration on the photooxidation of
PVP in water was followed by IR spectroscopy, UV–vis spectropho-
tometry and by SEC analyses for two concentrations of Fe(III):
6 × 10−4 and 1.2 × 10−3 mol L−1. The increase of Fe(III) concentra-
tion from 6 × 10−4 to 1.2 × 10−3 mol L−1 in PVP aqueous solution
([PVP] = 62.5 mg mL−1) leads to the formation of hydrogel after
350 h of irradiation. This hydrogel was not observed for concen-
tration of Fe(III) equal to 6 × 10−4 mol L−1.

3.3.1. IR analysis
The presence of Fe(III) at a concentration of 1.2 × 10−3 mol L−1

in PVP aqueous solution leads to the decrease of the pH of the solu-
tion from 4.2 to 2.9. IR analysis did not show any evolution of PVP
between 0 and 300 h of irradiation, which means that the pres-
ence of iron with higher concentration slows down considerably
the appearance of the photoproducts as imides and unsaturations.
It is important to note that after 350 h of photoageing, the solution
became a hydrogel. The pH of the solution evolved during the pho-
tooxidation, it increased from 2.9 to 3.2 after 400 h of irradiation.

3.3.2. UV–vis analysis
The UV–vis spectra of PVP aqueous solution irradiated in the

presence of Fe(III) (1.2 × 10−3 mol L−1) showed mainly the disap-
pearance of the absorption band at 297 nm corresponding to the
transformation of Fe(III) to Fe(II). There were no significant changes
in the absorption spectra of PVP in aqueous solution during 350 h of
irradiation. After 350 h, the polymer in solution was a hydrogel and
consequently it was not possible to continue its characterization by
UV–vis spectrophotometry.

3.3.3. Hydrogel characterization
The cross-linking of PVP in aqueous solution was investigated

by monitoring the insoluble fraction generated during irradiation.
The nature of the hydrogel formed was also determined, namely

reversible or permanent. The evolution of the insoluble fraction
upon irradiation is represented in Fig. 5. During the first 200 h of
irradiation, no insoluble fraction was measured. After that, an insol-
uble network of polymer appeared. The ratio of the insoluble part
increased up to a plateau corresponding to 45% of insoluble fraction.
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ig. 5. Evolution of the insoluble fraction as a function of irradiation time
[PVP] = 62.5 mg mL−1, [Fe(III)] = 1.2 × 10−3 mol L−1, pH initial = 2.9).

In order to determine the nature of the insoluble fraction, sev-
ral tests were carried out. Indeed, several types of interactions
an be at the origin of the formation of hydrogels. The cross-linking
an proceed through the formation of covalent bonds involving the
acroradical reactivity, through the formation of hydrogen bonds

etween the molecules of polymer or through iron chelation by
he polymeric matrix. To elucidate the nature of the PVP cross-
inking and the eventual involvement of iron species, three tests

ere performed: heating test, ferrozine test and the effect of H2O2.

.3.4. Heating test
Heating a reversible hydrogel leads to the breaking of hydrogen

onds and consequently makes the polymer soluble, which con-
titutes a simple test. For that purpose, 0.81 g of the hydrogel was
laced in 10 mL of ultra-pure water. The mixture was warmed at
0 ◦C hermetically during 10 h. After filtration of the mixture, the
otality of the insoluble fraction was recovered. This result shows
hat the hydrogen bonds are not at the origin of the hydrogel for-

ation.

.3.5. Ferrozine test
The hypothesis according to which Fe(III) or Fe(II) was in inter-

ction with photooxidized PVP leading to the formation of the
eversible hydrogel was not dismissed even though this hypoth-
sis remains not very probable. Indeed, UV–vis spectra recorded
t various extents of the photochemical ageing did not show any
bsorption band which could correspond to the formation of a com-
lex between iron and photooxidized PVP. Furthermore, chemical
unctions such as carboxylates or alcoholates susceptible to chelate
ron were not observed by IR.

Nevertheless, a test that could allow us to definitively throw
ack the hypothesis of possible interaction of the photooxidised
VP with Fe(II) or Fe(III) was performed. This test consisted in a
uantitative determination of the total iron using ferrozine, a very
trong complexing agent of iron, in the hydrogel obtained after
00 h of irradiation. Indeed, if iron was responsible for the forma-
ion of the hydrogel by interaction with photooxidized PVP, the
errozine would make PVP soluble again in water, since it can com-
lex iron. However, the totality of the iron was recovered after this
uantitative determination (1.2 × 10−3 mol L−1) and the hydrogel

as not dissolved in the aqueous solution in spite of drastic condi-

ions of pH used in this titration of iron.
The two tests described above have shown that the hydrogel

ormed after irradiation of PVP aqueous solution in the pres-
nce of Fe(III) (1.2 × 10−3 mol L−1) was not reversible. Neither the
otobiology A: Chemistry 218 (2011) 239–246

hydrogen bonds nor the iron were responsible for the cross-linking
of the polymer. This suggests that the formation of an hydrogel
in presence of Fe(III) was probably due to intermolecular covalent
bonds. Indeed, Fe(OH)2+ were the dominant species in moderately
acidic aqueous solution (pH 2.9). The production of hydroxyl rad-
icals •OH during initial periods of irradiation was very important
as the concentration of Fe(III) was very high (1.2 × 10−3 mol L−1).
In PVP aqueous solution, hydroxyl radicals lead to the formation
of macroalkyl radicals by the abstraction of hydrogen atom from
macromolecules at backbone or on the pyrrolidone ring [4]. The
macroradicals are likely to form covalent bond in an intermolecu-
lar cross-linking process, which involves recombination of radicals
coming from two different macromolecules [19]. So, according to
Fig. 5, the insoluble fraction for this concentration of Fe(III) during
the first 200 h of irradiation is not observed. After that, the insoluble
fraction increases very quickly and reaches a limit value corre-
sponding to maximal insolubility, which suggests the presence of
a cross-linked network in the polymeric matrix.

The photooxidation of PVP aqueous solution with two dif-
ferent concentrations of iron gives an evidence of the influence
of the Fe(III) concentration. When the concentration of Fe(III)
is more important (1.2 × 10−3 mol L−1), the photoageing leads to
the formation of a hydrogel while for a Fe(III) concentration of
6 × 10−4 mol L−1, a mechanism of PVP degradation by chain scis-
sions is predominant. In order to confirm the intervention of
hydroxyl radicals (•OH) formed by direct photolyse of Fe(OH)2+ in
the process of cross-linking of the polymer, aqueous solutions of
PVP were irradiated in the presence of H2O2, which can be consid-
ered as another photochemical source of hydroxyl radicals.

3.3.6. Effect of H2O2
The photooxidation of PVP aqueous solution in the pres-

ence of H2O2 at different concentrations (10−1, 10−2, 10−3,
6 × 10−4 mol L−1) was investigated. Irradiation of PVP aqueous
solution in presence of 10−1 mol L−1 of H2O2 led to the appearance
of three absorption bands, 785, 985 and 1060 cm−1 after only 10 h
of irradiation. The absorption bands corresponding to succinimide
rings (820 and 1770 cm−1) were not observed. After 10 h of irradia-
tion, a hydrogel was formed. A deposit could be obtained by drying
this hydrogel, but the IR spectra of the sample was too noisy. To
obtain IR spectra of the hydrogel, the dry hydrogel was immersed
in liquid nitrogen and crushed in a mortar to reduce it into pow-
der. From this powder, KBr pellets were prepared. The IR spectra
obtained from these pellets showed the absorption bands at 785,
985 and 1060 cm−1, while the bands at 820 and 1770 cm−1 were
very weak.

UV–vis analysis did not show any evolution during the irradia-
tion, which can be explained by the fact that the accumulation of
unsaturated products is not significant. The pH of the aqueous solu-
tion remained constant during the first 10 h of irradiation. These
experimental results (IR, UV–vis, pH measures) can be correlated.
They show that the process leading to the formation of oxidation
products is minor although photoproducts were observed by IR
analysis.

The characterization of the hydrogel by measurement of the
insoluble fraction as a function of irradiation time is presented in
Fig. 6. At the highest concentration of H2O2 (10−1 mol L−1) and after
only 10 h of irradiation, 46% of the polymer became insoluble. After
13 h, the rate of insoluble fraction was maximal (67%) while from
100 h of irradiation a beginning of dissolution of the hydrogel was
observed. At lower concentration of H2O2 (10−2 mol L−1), the insol-

n 5/25
uble fraction of the polymer did not represent more than 20% and a
complete dissolution was observed after 60 h of irradiation. When
the concentration of H2O2 was divided by 10, the maximal rate of
insoluble fraction decreased from 67% to 18%. Indeed, when the
concentration of H2O2 decreased, the quantity of hydroxyl radicals
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ig. 6. Evolution of the insoluble fraction as a function of irradiation time
[PVP] = 62.5 mg mL−1, [H2O2] = 10−1 and 10−2 mol L−1).

ormed by direct photolysis of H2O2 also decreased. These results
uggest that hydroxyl radicals are responsible for the formation
f the hydrogel. Furthermore, photoproducts previously observed
uring the irradiation of PVP in the water are not formed in a sig-
ificant manner.

In the case where the concentration of H2O2 was between 10−3

nd 6 × 10−4 mol L−1, no hydrogel was formed during the irradia-
ion. It was observed throughout the photooxidation course that
o UV–vis absorption band appeared. Also, no bands correspond-

ng to photoproducts were detected by IR over a period of 475 h. In
ddition, the pH of the solution remained constant and the average
olar weight decreased only by 10% after 475 h.
As shown by the IR, UV–vis and SEC analysis, the presence of

2O2 at relatively low concentrations (≤10−3 mol L−1) in PVP aque-
us solution leads to a considerable decrease of the oxidation rate
f the polymer. This indicates that H2O2 acts as a stabilizer at low
oncentration. A recent study showed that PVP is capable of form-
ng a stable cyclic complex (during several months) with H2O2 by
ydrogen bonds [20]. The formation of this complex when the con-
entration of H2O2 is lower could protect the polymer from the
hotochemical oxidation.

The immediate conclusions from these different experimental
esults concern the role of hydroxyl radicals in the formation of
he hydrogel. Indeed, during the photooxidation of the PVP aque-
us solution in the presence of relatively high concentration of
2O2 there is an important production of hydroxyl radicals gen-
rated by direct photolysis of H2O2. They abstract hydrogen atoms
rom macromolecules, thus macroradicals are formed. The most
mportant reaction of macroalkyl radicals is the intermolecular
ross-linking. Moreover, it is well known that only a small propor-
ion of these radicals seems to evolve according to a mechanism of
hain scissions [4].

.4. Total organic carbon (TOC) concentration

TOC experiments were undertaken to prove the efficiency of
e(III) salts in the elimination of PVP from the aqueous solution.
elatively diluted polymer solutions (0.1 mg mL−1) were chosen in
rder to highlight the mineralisation process of the polymer. The
volution of organic carbon concentration in PVP aqueous solutions
n the absence or in the presence of Fe(III) is illustrated in Fig. 7. In

he presence of Fe(III) (pH 3.1), 70% of the TOC quickly disappeared
uring the first 40 h of irradiation but the total mineralisation of the
olymer was not reached. Indeed, 13% of the organic carbon still
emained in the aqueous solution after 118 h of irradiation. The
Irradiation time (h)

Fig. 7. TOC evolution of PVP aqueous solution during the irradiation,
[PVP] = 0.1 mg mL−1, [(Fe(III)] = 6 × 10−4 mol L−1, pH 3.1.

degradation products accumulated after 40 h are probably not or
weakly photodegradable. On the contrary, in the absence of Fe(III),
no decrease of the TOC was noticed after 270 h of irradiation. There-
fore, the important mineralisation (87%) of PVP in presence of Fe(III)
can be explained by the photoinductor effect of iron leading to the
formation of hydroxyl radicals. In our experimental conditions, the
presence of iron in PVP solutions gave an important mineralisation
of PVP during photooxidation.

4. Conclusions

The present work illustrates the efficiency of PVP degradation
in aqueous solution photoinduced by Fe(III). Through our study, we
demonstrate that a couple Fe(III)- solar light can play an important
role in the fate of PVP in water. According to the concentration of
Fe(III), the concentration of PVP and the pH of the medium, pho-
tooxidation of PVP leads to a chain scission or to a cross-linking
mechanism contrary to the photooxidation of PVP in the absence
of Fe(III) where only the mechanism of chain scission was observed.
Indeed, the influence of the presence of Fe(III) on the mechanism of
photooxidation of PVP in relatively concentrated aqueous solution
([PVP] = 62.5 mg mL−1) shows that:

• When Fe(III) is added at a concentration of 6 × 10−4 mol L−1, iron
is mainly present in the form of Fe(OH)2+, which is the most pho-
toreactive species in terms of •OH radicals formation. In this case,
hydroxyl radicals provoke the acceleration of the degradation
process of the polymer by chain scissions.

• When the concentration of the Fe(III) is two times higher
(1.2 × 10−3 mol L−1), the same iron species (Fe(OH)2+) is present
in aqueous solution but at higher concentration. In this case, the
concentration of macroradical is also increased. So, the mech-
anism of cross-linking of the polymer is strongly favoured and
the formation of a permanent hydrogel is observed. Effectively,
the production of hydroxyl radicals is much more important
during the first times of irradiation since the concentration of
Fe(III) is higher. These radicals react with PVP macromolecular
chains to give macroalkyl radicals that lead to the generation of
cross-linked network. The formation of the hydrogel, therefore,
is attributed to the recombination of macroalkyl radicals.
2 2
showed clearly the role of hydroxyl radicals in the formation
of the hydrogel. The presence of H2O2 at high concentrations
(10−1 mol L−1), which is also a photochemical source of hydroxyl
radicals leads to the formation of a hydrogel.
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During this work, we also demonstrated that iron species
resent in aqueous solution can oxidise the PVP until its partial
ineralisation. The addition of Fe(III) (6 × 10−4 mol L−1) into PVP

iluted aqueous solution (0.1 mg mL−1) leads to a high mineralisa-
ion (87%) of the polymer.

The mechanism of photooxidation of PVP in aqueous solution
n the presence of Fe(III) depends strongly on the ratio between
he concentrations of PVP and of Fe(III). At lower concentration of
e(III), the presence of iron accelerates the photooxidation of PVP by
mechanism of chain scission identical to that observed in aqueous
olution without iron, showing mainly the formation of succin-
mide rings and unsaturations. At higher concentration of iron,
he photochemical reaction leads to a mechanism of polyconden-
ation of macromolecular chains until the formation of insoluble
ydrogel.
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Abstract

In this study, the effective thermal conductivity of a polymer/ZrO2 nanocomposite material has been calculated based on small-angle
X-ray scattering (SAXS) data. These SAXS results have been used to calculate statistical two-point correlation functions of the nano-
structure. A statistical continuum approach based on higher-order correlation functions has been utilized to estimate the effective thermal
conductivity of this zirconia-filled polymer. A strong-contrast formulation was used to predict the effective conductivity of the nanocom-
posite by means of two- and three-point statistical functions with an approximation of the three-point probability functions for a two-
phase media. The thermal conductivity of ZrO2 particles is estimated using a semi-inverse application of the strong contrast technique for
a buckypaper material sample. Comparison of the simulated results with our experimental results for polystyrene/ZrO2 nanocomposite
samples with different volume fractions shows satisfactory agreement. This supports the capability of our proposed methodology to
predict effective thermal conductivity of nanocomposites.
� 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Keywords: Nanocomposite; Small-angle X-ray scattering; Thermal conductivity; Analytical methods; Strong contrast statistical approach
1. Introduction

Statistical continuum theory correlates the morphology
of microstructures with the physical properties of heteroge-
neous materials through correlation functions. In this
framework, statistical n-point correlation functions provide
a mathematical representation of the morphology of heter-
ogeneous materials [1]. In particular, one-point correlation
functions give information about the volume fraction of
each constituent (phase) of the heterogeneous material
[1]. The distribution, orientation and shape of the heteroge-
1359-6454/$36.00 � 2011 Acta Materialia Inc. Published by Elsevier Ltd. All
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neous material phases are described by two-point or
higher-order correlation functions, which can in general
be determined from appropriate microstructure measure-
ments [2]. These measurements must be representative of
the material morphology, i.e. the experimental information
must reflect all the variations of phase distribution within
the material. The heterogeneity, introduced through the
polymer-based nanocomposites, can be represented by:
(i) the overall distribution of the nanoparticles within the
polymer matrix; and (ii) the local heterogeneity of the
nanoparticles, which is called the dispersion state [3]. What
dictates the material properties is actually the dispersion
state of the nanoparticles. We therefore consider that the
dispersion of the nanoparticles within the polymer matrix
is the key distribution parameter to take into account in
the statistical theory.
rights reserved.
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Transmission electron microscopy (TEM) or X-ray scat-
tering can be used to obtain information about nanoparti-
cle dispersion [4]. However, TEM images are only relevant
when the entire dispersion gradients of the nanoparticles
are represented [5]. In fact, uniform nanoparticle dispersion
is not usually achieved, but rather a mixture of single par-
ticles and aggregates containing more than one particle
(aggregation) exist. Note that the aggregate size of the
nanoparticles can reach several hundred nanometers
depending on the nanoparticle size, processing method
and the chemical interactions between the nanoparticle
and the matrix. Therefore, the calculated correlation func-
tions strongly depend on the magnification at which the
TEM images are recorded. Using a high magnification,
the correlation function will be dictated by the position
within the heterogeneous material where the microscopy
images are taken (e.g. whether the images are chosen to
include aggregates or not) [6]. In other words, the resolu-
tion can be high but the representative area (or volume)
is much larger than the selected image [7]. However, using
a low magnification, more representative information
about the dispersion of the nanoparticles will be obtained.
In this case, the statistics are high but the resolution is
low. As an alternative method, the dispersion state of
nanoparticles in polymer-based nanocomposites can be
characterized by small-angle X-ray scattering (SAXS) mea-
surement [8]. SAXS is an easy and fast method that is
applied to a volume of the order of several cubic millime-
ters (high statistics) without compromising the resolution.
The obtained scattering signal of the nanoparticles reflects
the size distribution and shape of the nanoparticles (form
factor) and their position with respect to each other (struc-
ture factor). For example, a high dispersion state of the
nanoparticles within a polymer matrix will be characterized
by an average particle size near that of a single particle and
eventually a homogeneous interparticle distance. The
SAXS signal can consequently be exploited to calculate
two-point correlation functions (TPCFs) with great accu-
racy since it produces a very accurate representation of
the material morphology [9–12].

The objective of this work is to estimate the thermal
properties of a polymer nanocomposite from two- and
three-point correlation functions. The selected material is
polystyrene (PS) filled with zirconium oxide (ZrO2) nano-
particles. The nanocomposite morphology was first exam-
ined by scanning transmission electron microscopy
(STEM) and SAXS. The TPCFs were then calculated from
SAXS measurements, while the three-point correlation
functions are deduced from TPCFs using an analytical
equation [13]. Our attention is focused on the effective ther-
mal conductivity of the nanocomposites which was experi-
mentally assessed by coupling different techniques. The
experimental values of thermal conductivity were com-
pared with predicted ones obtained using the strong con-
trast statistical continuum theory, where the morphology
description is represented by two-point and three-point
correlation functions.
2. Correlation between SAXS data and two-point correlation

functions

The SAXS technique relies on electron density scattered
from heterogeneities ranging from 1 to 1000 nm in size,
depending on the equipment configuration [14–16]. The
scattered intensity depends on the difference between the
local electronic density q from the scattered heterogeneities
and its surrounding, which can be represented by an aver-
age density �q. The local fluctuation g of the electronic den-
sity can be defined as follows:

g ¼ q� �q: ð1Þ
Assuming a statistically isotropic system with no long-

range order, a correlation function that considers the
amplitude of the density fluctuations can be defined as:

cðrÞhg2i ¼ hgAgBi; ð2Þ
where A and B are two distinct points in the medium rep-
resented by the vectors r1 and r2, and c(r) is the character-
istic or autocorrelation function depending on the position
r. c(r) can be defined as follows:

cðrÞ ¼ hgðr1Þgðr2Þi: ð3Þ
For a random distribution of heterogeneities, the auto-

correlation function c(r) satisfies the following conditions:
c(r = 0) = g2 and c(r!1) = 0. It is convenient to define
the auto-covariance of phase 1 for a statistically homoge-
neous media as [1]:

cðrÞ ¼ hgðr1Þgðr2Þi ¼ P 1
2ðrÞ � /2

1; ð4Þ
where /1 is the volume fraction of phase 1 (fillers) and
P 1

2ðrÞ is the two-point probability function. Recalling that
q(r) is the number of electrons per unit volume, a volume
element q(r) at position r will contain q(r) � dV electrons.

The intensity of the X-ray scattering I as a function of
the scattering vector ~h over the entire volume V is given
by the following Fourier integral [17]:

Ið~hÞ ¼
Z Z Z Z Z Z

dV 1dV 2qðr1Þqðr2Þe�ihr

¼
Z Z

V
qðr1Þqðr2Þe�ihrdr1dr2; ð5Þ

Summing all pairs with the same relative distance, then
integrating over all relative distances, seems to be a logical
course. An autocorrelation function can be defined as:

~q2ðrÞ ¼
Z Z Z

dV 1qðr1Þqðr2Þ; ð6Þ

which allows I(h) to be rewritten as:

Ið~hÞ ¼
Z Z Z

dV ~q2ðrÞe�ihr; ð7Þ

implying that the intensity distribution in h or reciprocal
space is uniquely determined by the structure of the density
field. Considering statistical isotropy, Debye et al. [10,11]
proved that
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he�ihri ¼ sinðhrÞ
hr

: ð8Þ

As a result, the average scattering intensity reduces to:

IðhÞ ¼
Z

4pr2dr � ~q2ðrÞ sinðhrÞ
hr

: ð9Þ

Recalling the autocorrelation function, c, the above
equation can be rewritten:

IðhÞ ¼ Vn2
0

Z
4pr2dr � cðrÞ sinðhrÞ

hr
; ð10Þ

where n0 is the mean density of electrons. Or,

cðrÞ ¼ 1

2p2Vn2
0

Z 1

0

IðhÞ sinðhrÞ
hr

h2dh; ð11Þ

Here, n0 is a constant. Using Eq. (4), the Eq. (11) can be
rewritten as follows:

cðrÞ ¼ P 1
2ðrÞ � /2

1 ¼
1

2p2Vn2
0

Z 1

0

IðhÞ sinðhrÞ
hr

h2dh; ð12Þ

where P 1
2ðrÞ represents the two-point probability correla-

tion function which measures the spatial distribution of
the heterogeneities (phase 1) in the matrix (phase 2).
P 1

2ðrÞ should verify the following condition:

P 1
2ðrÞ ¼ /1 when r ¼ 0 ð13Þ

P 1
2ðrÞ ¼ ð/1Þ

2 when r!1: ð14Þ

The second condition in Eq. (14) is an indicator of the
degree of homogeneity of the distribution of heterogene-
ities in the matrix (i.e. if the second condition is not veri-
fied, then the distribution of the heterogeneities is not
homogeneous in the matrix).
Fig. 1. STEM micrographs at two magnifications, 5000 (a, c, and e) and
50,000 (b, d, and f), of the composites PS + 1 wt.% ZrO2 (a and b), PS + 3
wt.% ZrO2 (c and d), and PS + 5 wt.% ZrO2 (e and f).
3. Structural characterization

3.1. Materials

The polymer matrix of the studied nanocomposite, PS,
was supplied by Scientific Polymer Products Inc. It has a
molecular weight of about 120,000 g mol�1. The ZrO2 nano-
filler was provided by Sigma Aldrich under the reference
#544760 (average particle size <100 nm according to the
datasheet). The specific surface area (measured by the
Brunauer–Emmett– Teller method) and the density of
ZrO2 were 25 m2 g�1 and 5.89 g cm�3, respectively.

3.2. Preparation of the nanocomposites

All nanocomposites were prepared by melt mixing. The
following material systems were extruded by means of a
DSM microcompounder (reference Xplore 15 ml): neat
PS, PS + 1 wt.% ZrO2, PS + 3 wt.% ZrO2, and
PS + 5 wt.% ZrO2. During this procedure, each system
was compounded for 5 min at 230 �C with a screw co-rotat-
ing speed of 200 rpm. To avoid oxidation phenomena, the
extrusion was carried out under argon gas. The produced
materials were extruded cylinders, 5 mm in diameter. Ther-
mogravimetric analysis was performed after the processing
step to measure the effective amount of nanoparticles
within PS. The results indicated that the amounts of nano-
particles used for the processing are preserved.

3.3. Scanning transmission electron microscopy

We performed a structural characterization of the nano-
composites by STEM to verify the presence of aggregates
within the polymer matrix. STEM analyses of the PS–
ZrO2 nanocomposites were carried out using a FEI Quanta
FEG 200 scanning electron microscope at 7 kV. The
STEM samples were ultra-thin films (70 nm thick) that
were prepared with a Leica EM FC6 cryo-ultramicrotome
at 25 �C using a trimming diamond blade.

Fig. 1 shows some tendency to aggregation irrespective
of the amount of filler. The size of the aggregates is much
less than 200 nm except for a very few cases for which
the size of the aggregates is in the micrometer range. The
tendency to aggregation can be explained by the fact that
the particles were not coated, which prevents an increase
in the interaction between the oxide particle and the poly-
mer matrix. It is also thought that the microcompounder
used does not enable optimal dispersion to be achieved.
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This can be explained by the geometry of the extrusion
screws that prevents an elongational flow high enough to
completely break up the aggregates into primary particles.
Moreover, the low beam energy of the scanning electron
microscope means that it is not possible to observe the
local distribution state of the nanoparticles, i.e. the disper-
sion state, with the transmission mode. To characterize this
local distribution of the particles, the SAXS technique was
used.

3.4. Small-angle X-ray scattering

SAXS tests were performed using a Panalytical X’Pert
Pro MPD device to study the scattering signal of the nano-
particles within the polymer matrix, and hence to obtain
physical and structural information. In particular, the anal-
ysis of the scattering signal enables the size and shape of
the particles (form factor) to be characterized as well as
their relative ordering (structure factor) [2]. The radiation
used, k = 1.54 Å (Cu K), was generated by an X-ray tube
operating at 40 kV and 45 mA. A focused parallel mirror
and a PIXcel detector were employed with specific slits in
order to obtain the highest resolution at small angles. In
addition, to analyze the strong signal from the nanoparti-
cles, the background noise from the SAXS curves, i.e. the
scattering curve of neat PS, was systematically subtracted.
The final treatment of the curves consisted of assessing the
intensity of the primary beam that passes through the
nanoparticles (absorption correction). The scattering inten-
sity I is plotted as a function of scattering vector h = (4p/k)
sin(h), where h is the scattering angle. Each SAXS test was
repeated on three specimens.

Fig. 2 shows the representative scattered intensity I(h) of
ZrO2 characterized both alone (as-received powder) and
within the PS matrix (3 and 5 wt.% ZrO2). A high repro-
ducibility of the I(h) curves was found for each material.
It should be noted that no scattering signal was obtained
for 1 wt.% of ZrO2 within PS, and hence the scattering
Fig. 2. The scattered intensity I as a function of scattering vector h for
ZrO2 nanopowder and PS–ZrO2 composites (3 and 5 wt.%) (background-
and absorption-corrected curves).
curve of this system is not plotted in Fig. 2. This is certainly
due to the resolution of the X-ray scattering equipment,
which is not capable of characterizing such a low content
of particles (1 wt.%) within a polymer matrix. For the other
investigated ZrO2 amounts, no long-range Bragg peak is
noted on the scattering curves, indicating no ordering of
ZrO2 nanoparticles and hence no interaction between the
particles as, for example, Van der Waals or hard-sphere
interactions. Consequently, the scattering signal of the
nanoparticles is only induced by the form factor. The initial
parts of the I(h) curves, below h = 0.07 nm�1, show a con-
tinuous decrease in intensity with h that suggests the pres-
ence of some large aggregates. This observation is in line
with the aggregation tendency noted on STEM images
(Fig. 1). It should be noted that in the case of a well-dis-
persed system, an initial “plateau” of scattering intensity
at very low h would have been noted, followed by a gradual
decrease in the intensity with h. Above h = 0.07 nm�1, the
presence of some oscillation indicates the presence of scat-
tering objects that have a relatively uniform size. These
objects are most probably single particles and small aggre-
gates constituted of a few single particles. By means of a
Guinier plot (ln I as a function of h2), we found a radius
of gyration Rg (deduced from the slope of the ln(I)–h2

curve) of about 13.5 nm for as-received ZrO2, 5 wt.%
ZrO2 in PS and 3 wt.% of ZrO2 in PS. Considering ZrO2

nanoparticles as having a spherical shape, the average par-
ticle size (diameter), deduced from the relationship
2 � Rg � (5/3)0.5, is equal to 34.8 nm. Despite the presence
of some large aggregates in the micrometer range (Fig. 1),
we considered that the most representative information
about the distribution of the particles is provided by SAXS.
I(h) curves (Fig. 2) are hence used for the calculation of the
TPCFs.

The two-point probability functions representing the
distribution of the ZrO2 nanoparticles within the PS matrix
are calculated using Eq. (12) and reported in Fig. 3. Note
that since the SAXS diagram of 1 wt.% ZrO2 in PS does
not show any signal from the nanoparticles, the P 1

2ðrÞ curve
presents negative values and does not verify the second
Fig. 3. TPCFs for PS–ZrO2 composites (3 and 5 wt.% ZrO2).



Fig. 4. Experimental thermal diffusivity a of two-phase composite as a
function of temperature T for neat PS and its composites with ZrO2 (1, 3
and 5 wt.%).

Fig. 5. Experimental thermal conductivity k of two-phase composite as a
function of temperature T for neat PS and its composites with ZrO2 (1, 3
and 5 wt.%).
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condition in Eq. (14). Therefore P 1
2ðrÞ for 1 wt.% ZrO2 can-

not be exploited to calculate the physical properties of the
nanocomposite. However, the two-point probability func-
tion, P 1

2ðrÞ, for 3 and 5 wt.% ZrO2 (see Fig. 3) confirm
the limits given in Eq. (14).

4. SAXS structural-based calculation of the thermal

conductivity of PS–ZrO2 nanocomposites

The thermal conductivity of PS–ZrO2 nanocomposites is
calculated using the SAXS-based probability function in
conjunction with the strong-contrast formulation of the
statistical continuum theory [18]. The predicted results
are compared with the experimental thermal conductivity
kðT Þ, which is deduced from the thermal diffusivity a(T),
the specific heat Cp(T) and the bulk density qs(T) according
to the following equation:

kðT Þ ¼ qsðT Þ � CpðT Þ � aðT Þ: ð15Þ
A short description of the experimental procedures used

to measure the physical properties qs(T), Cp(T) and a(T) is
summarized below.

4.1. Thermal diffusivity

The thermal diffusivity a(T) of the studied materials was
measured by the laser flash method. This technique entails
heating the front side of a small, usually disk-shaped plane-
parallel sample by a short laser pulse (61 ms). The temper-
ature rise on the rear surface is measured vs. time using an
infrared detector. The samples in the shape of discs, 12 mm
in diameter and 1 mm thick, were prepared by compression
molding. All samples were coated, on both faces, with a
very thin layer of colloidal graphite. The measurements
were carried out from room temperature to 140 �C under
an argon flow. Three samples were tested for each systems
and the uncertainty in the determination of the thermal dif-
fusivity was evaluated at ±3%. Fig. 4 shows the thermal
diffusivity as a function of the temperature for the investi-
gated materials. It can be seen that, as expected, the ther-
mal diffusivity increases with the amount of filler and
decreases with increasing temperature.

4.2. Specific density

The specific density q of the nanocomposite materials
was determined using Archimedes’ principle, where the vol-
ume is measured from the buoyancy in a fluid of known
density. The weight and buoyancy measurements were per-
formed with an electronic densimeter (X22B Wallace). Pure
water was chosen as the fluid. The density measurement
resolution is 0.001 g cm�3.

4.3. Differential scanning calorimetry

Specific heat Cp measurements were performed using a
differential scanning calorimeter (Netzsch 204 F1).
Measurements were carried out in the temperature range
from 25 to 200 �C under a nitrogen flow and with a heating
rate of 10 �C min�1. The calorimeter was calibrated in the
same temperature region before experiments, using a sap-
phire sample as standard, with a well-known specific heat.
The deviation between the individual measurement results
is generally less than ±2%. The thermal conductivity k of
the materials, assessed using Eq. (15), is shown in Fig. 5.
It can be seen that k significantly increases with the amount
of ZrO2 in the studied temperature range.

4.4. Effective thermal conductivity of the polymer

nanocomposite

The strong-contrast approach in statistical continuum
theory is used in this work to predict the effective thermal
conductivity of the two-phase isotropic media based on
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the work of Torquato [1], where the individual properties
of phases are highly dissimilar. Assuming isotropic proper-
ties of the PS matrix and ZrO2 nanoparticles, the effective
conductivity tensor ke of the PS–ZrO2 nanocomposites is
determined using the strong-contrast formulation of the
statistical continuum theory [1,18]:

fke � kRIdg�1fke þ ðd � 1ÞkRIdg ¼
1

bSRP S
1ðxÞ

Id � kRd

�
Z

P S
2ðx; x0Þ � P S

1ðxÞP S
1ðx0Þ

P S
1ðxÞP S

1ðx0Þ

� �
H Rðx� x0Þdx0 � k2

Rd2bSR

�
Z Z

P S
3ðx; x0; x00Þ

P S
1ðxÞP S

1ðx0Þ
� P S

2ðx; x0ÞP S
2ðx0; x00Þ

P S
1ðxÞP S

1ðx0ÞP S
1ðx00Þ

� �
H Rðx� x0Þ

� HRðx0 � x00Þdx0dx00 � . . . ; ð16Þ
Fig. 6. TPCFs for the ZrO2 nanopowder.

Fig. 7. Comparison of results between experimental and simulated
thermal conductivity k of two-phase composites as a function of
temperature T, in the case of PS–ZrO2 composites (3 and 5 wt.%).
where Id is the second-order identity tensor, bSR is the
polarizability, kR is the reference conductivity, and
HR(x � x0) is a second-order tensor, defined below. The
subscript R stands for the reference phase, which is chosen
here to be the PS matrix, and the subscript/superscript S

stands for the ZrO2 phase.
The polarizability bSR is expressed by:

bSR ¼
kS � kR

kS þ ðd � 1ÞkR
: ð17Þ

The second-order tensor HR(x � x0) is defined by:

H Rðx� x0Þ ¼ 1

X kR

d nn� Id

ðjx� x0jÞd
; ð18Þ

where X is the total solid angle contained in a d-dimen-
sional sphere and n = (x � x0)/|x � x0|. P S

1ðxÞ, P S
2ðx; x0Þ

and P S
3ðx; x0; x00Þ are the probability functions that contain

all the microstructure information. The one-point proba-
bility function, P S

1ðxÞ, is the volume fraction of the nano-
particles. The two-point probability function, P S

2ðx; x0Þ, is
calculated from the SAXS measurements. The three-point
probability function, P S

3ðx; x0; x00Þ, is calculated from
P S

2ðx; x0Þ using an analytical approximation [13]. It should
be noted that the calculated effective properties will de-
pend significantly on the profile of the probability func-
tions. In this context, we recently proved that electrical
conductivity of fiber-filled polymer is markedly influenced
by the TPCF profile [19]. In particular, TPCFs have been
simulated for different orientations of generated media.
The computed results showed that the directional TPCFs
were related to fiber orientation direction and therefore
the calculated effective conductivity showed high contrast
between the directions parallel and perpendicular to the
fiber axis [19]. These previous results indicate a high sen-
sitivity of conductivity to the TPCF profile. Nevertheless,
any approximation used should verify the limits and
should reproduce the profile in an acceptable way, which
is the case for our approximation for the three-point
probability function [13,18,19].
4.5. Semi-inverse calculation of the effective thermal

conductivity of ZrO2

The physical parameters needed for the computation of
the effective conductivity are the individual conductivities
of the PS matrix kR and the ZrO2 nanoparticles kS . The
conductivity of the PS matrix is deduced from the experi-
mental thermal diffusivity using Eq. (15). The conductivity
of the ZrO2 nanoparticles is calculated from experimental
conductivity of bucky ZrO2 samples, using the strong-con-
trast formulation of the statistical continuum theory (Eq.
(16)). These values are kS ¼ 4:13 W K�1 m�1 and
kR ¼ 2 W K�1 m�1. The correlation functions needed in
Eq. (16) are calculated from the SAXS data (Fig. 2) and
reported in Fig. 6. Knowing the experimental thermal con-
ductivity of the bucky ZrO2 sample, the individual thermal
conductivity of ZrO2 nanoparticles is adjusted to obtain a
predicted effective conductivity that is the same as the
experimental values.
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The temperature dependence of the predicted effective
thermal conductivity is compared to the experimental value
and reported in Fig. 7. The predicted effective conductivity
for both 3 and 5 wt.% ZrO2 (Fig. 7) shows a good agree-
ment with the experimental data.

5. Conclusions

PS nanocomposites were produced by the melt mixing
technique using ZrO2 as filler. The spatial dispersion of
nanoparticles within the polymer matrix was characterized
by STEM and SAXS measurements. A non-uniform disper-
sion of the nanoparticles within the polymer matrix with a
tendency to aggregation is obtained. The SAXS signals are
used to calculate the correlation functions that represent
the spatial dispersion of the nanoparticles, which is consid-
ered to be the key distribution parameter in these heteroge-
neous materials. The calculated correlation functions were
used in conjunction with the strong contrast version of the
statistical continuum theory to predict the effective conduc-
tivity for both 3 and 5 wt.% ZrO2. The predicted results are
compared with the experimental results and a fairly good
agreement is found. To improve this agreement, the model-
ing could be based on experimental data reflecting a wider
range of sizes, which could be achieved by the combination
of different techniques, e.g. SAXS and ultra-SAXS
(USAXS). This agreement could be also improved if one
takes into account the temperature effects on the thermal
conductivity of the fillers. This effect is very difficult to char-
acterize and may be evaluated by using molecular dynamics
simulations, which is beyond the scope of the present work.
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In this work, new ways of plasticizing polylactide (PLA) with low molecular poly(ethylene
glycol) (PEG) were developed to improve the ductility of PLA while maintaining the plas-
ticizer content at maximum 20 wt.% PLA. To this end, a reactive blending of anhydride-
grafted PLA (MAG-PLA) copolymer with PEG, with chains terminated with hydroxyl groups,
was performed. During the melt-processing, a fraction of PEG was grafted into the anhy-
dride-functionalized PLA chains. The role of the grafted fraction was to improve the com-
patibility between PLA and PEG. Reactive extrusion and melt-blending of neat and
modified PLA with PEG did not induce any dramatic drop of PLA molecular weight. The
in situ reactive grafting of PEG into the modified PLA in PLA/PEG blends showed a clear
effect on the thermal properties of PLA. It was demonstrated by DSC that the mobility
gained by PLA chains in the plasticized blends yielded crystallization. The grafting of a frac-
tion of PEG into PLA did not affect this process. However, DSC results obtained after the sec-
ond heating showed an interesting effect on the Tg when 20 wt.% PEG were melt blended
with neat PLA or 10 wt.% MAG-PLA. In the latter case, the Tg displayed by the reactive blend
was shifted to even lower temperatures at around 14 �C, while the Tg of neat PLA and PLA
blended with 20 wt.% PEG was around 60 and 23 �C, respectively. Regarding viscoelastic
and viscoplastic properties, the presence of MAG-PLA does not significantly influence the
behavior of plasticized PLA. Indeed, with or without MAG-PLA, elastic modulus and yield
stress decrease, while ultimate strain increases with the addition of PEG into PLA.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

In recent years, the increase in fossil energy costs and
the environmental concerns result in new opportunities
for the industrial production of biodegradable polymers
based on renewable resources. The application of these
biopolymeric materials is therefore growing very fast
[1–4].

Aliphatic polyesters represent an important family of
biodegradable polymers [3]. Poly(lactide) (PLA) is the best
. All rights reserved.

ssouna).
known polymer of this family [3,5,6]. Until the last decade,
the main uses of PLA have been limited to medical applica-
tions such as implant devices, tissue scaffolds, and internal
sutures, because of its high cost, low availability and lim-
ited molecular weight. Recently, new techniques, which al-
low economical production of high molecular weight PLA
polymer, have broadened its uses [1,6,7]. Its low toxicity,
along with its environmentally benign characteristics, has
made PLA an ideal material for food packaging and film
wrap and for other consumer products [4,8,9]. PLA is char-
acterized by excellent optical properties and high tensile-
strength but unfortunately, it is rigid and brittle at room
temperature due to its glass transition temperature (Tg)

http://dx.doi.org/10.1016/j.eurpolymj.2011.08.001
mailto:fatima.hassouna@tudor.lu
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close to ca. 55 �C [6]. Previous work suggested that the
brittleness of PLA is due to the low entanglement density
(Ve) and the high value of characteristic ratio (C1), a
measure of chain stiffness [10,11], limiting its use and
melt-processability for food packaging. Indeed, developing
packaging materials requires high flexibility at room
temperature and thus, there is no tolerance for the poly-
mer film tearing or cracking when subjected to stresses
during package manufacturing or use [6,12]. Other require-
ments include transparency and low crystallinity.

To improve the ductility of PLA-based materials, a large
number of investigations have been made to modify PLA
properties via plasticization. However, a great number of
variables, i.e. nature of PLA matrix, type, and optimal per-
centage of plasticizer, thermal stability at the processing
temperature, etc. must be considered. Unfortunately, poor
mechanical properties are often reported or the relation-
ship between the thermo-mechanical properties and
molecular parameters has not been considered enough.
Therefore, the choice of an adequate plasticizer is essential.

Rather than lactide, many kinds of ester-like plasticizers
for PLA have been studied such as bishydroxymethyl mal-
onate (DBM) [13], glucose monoesters and partial fatty
acid esters, and citrates [14]. However, the low molecular
weight plasticizers have the problem of migrating, owing
to their high mobility within the PLA matrix. Therefore,
plasticizers with rather high molecular weight and low
mobility are necessary.

At least five kinds of plasticizers with high molecular
weight and being miscible to PLA without any compatibiliz-
er have been reported so far, i.e. polyethylene glycol (PEG)
[14–16], poly(propylene glycol) (PPG) [17], atactic poly
(3-hydroxybutyrate) (a-PHB) [18,19], polyester diol (PED)
as poly(diethylene adipate) (PDEA) [20], tributyl citrate-oli-
goester (TbC-oligoesters), diethyl bishydroxymethyl mal-
onate oligoester (DBM-oligoester) and oligoesteramide
(DBM-oligoesteramide) [13,21,22].

On the other hand, the choice of plasticizer used as a
modifier for PLA is limited by the legislative or technical
requirements of the application, and in this context, its
selection becomes more difficult [13,22]. In fact, the plasti-
cizer used for PLA has to be biodegradable, non-toxic for
food contact (for packaging) and/or biocompatible (for bio-
medical applications).

Typically, amounts ranging from 10 to 20 wt.% of plast-
icizers are required to provide both a substantial reduction
of Tg of PLA matrix and adequate mechanical properties. In
sustainable issues, the preferred plasticizer for PLA is bio-
degradable/bioresorbable, sufficiently non-volatile, with a
relatively low molecular weight to produce the desired de-
crease of the Young’s modulus value and increase of the
impact strength. Moreover, the addition of more that 20–
30% (depending on the plasticizer) of plasticizers into PLA
matrix leads to a phase separation. The plasticization is
thus limited by the amount of plasticizer to be blended
with PLA.

Hydroxy-terminated PEG (400 g mol�1) chosen as plas-
ticizing agent for PLA in this study fulfills all these require-
ments. According to the literature, PEG had previously
displayed excellent plasticizing abilities when blended
with PLA the amount introduced in PLA has to be lower
or equal to 20 wt.% in each to avoid phase separation. This
latter limitation reduces the possible impact of PEG on the
PLA’s Tg.

The objectives of the present work were hence to devel-
op new means of plasticizing PLA with low molecular PEG
in order to further improve PLA’s ductility compared to
what is done so far, while maintaining the plasticizer con-
tent at maximum 20 wt.% (to avoid phase separation). The
strategy chosen consists in grafting a fraction of hydroxyl-
functionalized PEG plasticizer onto a PLA backbone by
reactive extrusion in order to create more interactions be-
tween the so-functionalized polyester matrix and the
remaining fraction of non-grafted plasticizer. To this end,
a reactive blending of maleic anhydride-grafted PLA
(MAG-PLA) copolymer with hydroxyl-functionalized PEG
was performed. Physico-chemical, thermal and mechanical
properties of the extruded blends were studied in order to
assess the compatibility of the plasticizer with the PLA ma-
trix, the morphological stability of the plasticized material
and the prevention/limitation of the plasticizer migrating
from the bulk.
2. Experimental part

2.1. Materials

Poly(lactide) (PLA) (4042D) was provided by Nature-
Works LLC. 2,5-Dimethyl-2,5-di-(tert-butylperoxy)hexane
organic peroxide (Lupersol 101), Maleic anhydride (MA)
and Poly(ethylene glycol) (PEG, Mn = 380–400 g/mol) were
purchased from Sigma–Aldrich.
2.2. Processing

All melt (reactive) blending were performed on a Leist-
ritz corotating intermeshing twin-screw extruder (L/
D = 45). The die was two 3-mm-diameter holes. The tem-
perature profile was 160/180/180/180/180/180/180/180/
180/180 from the feed throat to the die, and the melt tem-
perature was 181 �C. The screw speed employed was
80 rpm. A two-hole filament die of 3 mm in diameter, with
a cooling sleeve was assembled to the extruder. PLA was
dried overnight at 40 �C in a vacuum oven before process-
ing. Dry PEG was used with any particular caution.

The maleation of polylactide (MAG-PLA) was carried
out by reactive extrusion. PLA, MA and Lupersol 101
(L101) were hand-mixed together before extrusion.

The percentage of Lupersol added was on a PLA weight
basis (0.5 wt.%), and 2 wt.% MA (PLA basis) chosen for this
maleation study according to the literature [23]. Neat PLA
and PLA + 10 wt.% MAG-PLA were mixed with poly(ethyl-
ene glycol) (PEG) plasticizer and submitted to extrusion
in similar conditions as for the maleic anhydride grafting
step. The contents of plasticizer were chosen to be: 10
and 20 wt.%. Table 1 summarizes the composition of each
formulation.

For the mechanical study (tensile tests and dynamical
mechanical analyses), 110 � 110 � 5 mm3 plates of PLA
each sample were compression-molded using a Carver
press and a specific mold. The procedure was as follows:



Table 1
Summary of (reactive) blending composition in wt.%.

PLA Maleic anhydride (MA) Lupersol (L101)

Anhydride-grafted PLA (MAG-PLA) 97.5 2 0.5

PLA MAG-PLA PEG
PLA + PEG 90 10

80 20
PLA + MAG-PLA + PEG 80 10 10

70 10 20

% In weight.
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(i) extruded sample pellets were introduced within the
mold, (ii) PLA was heated at 190 �C for 3 min, (iii) the sam-
ple was compressed for 30 s with a pressure of 15 MPa, and
(iv) under the same pressure (15 MPa) and then cooled by
means of a room temperature water circulation.

2.3. Characterizations

Fourier transform infrared (FTIR), Nuclear Magnetic
Resonance (NMR), potentiometric titration and soxhlet
extraction are used to characterize the efficiency of the
grafting reaction.

2.3.1. Fourier transform infrared (FTIR)
Chemical structure modification of PLA is evaluated by

FTIR spectroscopy in transmission from 400 to 4000 cm�1

with a Bruker Optics Tensor 27 spectrometer. Films of
�100 lm thickness were obtained by compression-mold-
ing around 20 mg samples between poly(tetrafluoroethyl-
ene) (PTFE) Teflon� films by using a Carver press
(Temperature: 180 �C, pressure: 5 MPa).

2.3.2. Potentiometric titration
The extent of maleation for samples grafted with MA

has been determined by titration [23]. Since the initial per-
cent of reacted MA is quite low (2 wt.%), it can be assumed
that the actual percent of MA grafted onto the PLA back-
bone is very small. A direct titration of these samples
would probably be inaccurate as a small discrepancy such
as a contaminant could result in a large error; therefore, a
back titration of the sample is necessary. A back titration
consists of adding a known excess of base and then titrat-
ing the base with acid. The base reacts with both the mal-
eated sample and the acid. The amount of anhydride
groups attached to the PLA backbone can then be
determined.

A potentiometric titration was done using a potentiom-
eter. A first-derivative analysis was used to determine the
equivalence point of the sample by the following method:
(1) remove unreacted MA by drying in a vacuum oven at
80 �C for 24 h; (2) dissolve 1 g of the sample (containing
a maximum of 2 wt.% MA) in 20 mL of CHCl3–MeOH
(5:1); (3) after 1 h, when the samples are completely dis-
solved, add 2.0 mL of morpholine solution (0.05 N in
MeOH); (4) let the mixture reacting for 10 min; and (5) ti-
trate the samples with 0.01 N HCl using the autotitrator.
The HCl solution was titrated against a known NaOH stan-
dard. The morpholine solution was then titrated against
the HCl to get a blank reading. The calculation for deter-
mining the quantity of grafted anhydride is as follows:

% Anhydride ¼ðVmorNmor � VHClNHClÞ �
98:06g=mol

Wsample
� 100
2.3.3. Size exclusion chromatography (SEC)
Size exclusion chromatography (SEC) used is an Agilent

Technologies series 1200 working with a differential
refractive index detection and a linear column (PLgel
Mixed-D 5 and 3 lm, 200 Da < Mw < 200 kDa in chloro-
form 1 mL min�1). SEC analyses were carried out to follow
the evolution of the molecular weight of PLA before and
after grafting and upon melt-blending with plasticizers.
They were run at room temperature (concentration
2 mg mL�1).
2.3.4. Tensile tests
Tensile behavior of PLA was investigated by means of a

servo-hydraulic testing machine MTS 810 equipped with
the optical extensometer ‘‘VidéoTraction’’ (7 markers
mode). This special extensometer provided the true stress
– true strain curve of the materials at constant strain rate.
Mechanical tests were performed at the temperature of
23 �C and at the strain rate of 0.001 s�1. Rectangular tensile
specimens were machined from the 4 mm-thick plates
using a computer-controlled milling machine (CharlyRobot
CRA4). The calibrated zone of tensile specimens was a par-
allelepiped of 34 � 7.6 � 4 mm3. Note that the median re-
gion of the calibrated zone had a reduced width of
6.8 mm and a local radius of curvature of 15 mm to localize
necking process in this zone. Seven black ink markers,
were carefully printed in the form of a cross on the front
flat face of the sample. More details about this method
are given in a previous paper [24].
2.3.5. Dynamic mechanical analyzer (DMA)
The influence of the plasticizer on viscoelastic proper-

ties of PLA was analyzed by means of a dynamic mechan-
ical analyzer (DMA) Netzsch DMA 242C. For this study,
we used 50 � 10 � 4 mm3 rectangular specimens ma-
chined from the compression-molded plates. They were
subjected to double cantilever mode of flexural loading
with a maximum displacement of 40 lm in the tempera-
ture range �60 to 120 �C (rate 10 �C/min) and a frequency
of 1 Hz.
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2.3.6. Differential scanning calorimeter (DSC)
DSC scans were recorded on a Differential scanning cal-

orimeter 204 F1 Phoenix� (Netzsch) in inert atmosphere
(nitrogen), with a heating rate of 10 K min�1. The samples
(10–20 mg) were placed into alumina crucibles. After the
first heating �100 �C to 200 �C, the samples were cooled
to �100 �C and subsequently heated again and thermo-
grams for second heating were recorded.

2.3.7. Thermogravimetric analyzer (TGA)
Thermogravimetric analyses were performed with a

Netzsch TG 409 PC Luxx� device operating in nitrogen
(80 mL mn�1) and oxygen (20 mL mn�1) environment in
alumina crucibles (150 mL) containing 20–25 mg of sam-
ple. The runs were carried out in dynamic conditions. They
were heated to 600 �C at the constant heating rate of
20 K min�1.

2.3.8. Soxhlet extraction
The plasticizer was extracted from plasticized PLA using

soxhlet to determine the amount and the nature of the ex-
tracted fraction. The samples were placed in a thimble-
holder that is gradually filled with condensed fresh solvent
(methanol) from a distillation flask. When the liquid
reaches the overflow level, a siphon aspirates the solute
from the thimble-holder and unloads it back into the distil-
lation flask, thus carrying the extracts into the bulk liquid.
This operation is repeated until extraction is complete. So-
lid fraction (PLA) was dried overnight at 60 �C and
weighed. Methanol was then evaporated from the solution
fraction and the obtained product was characterized by
FTIR and NMR.
3. Results and discussion

3.1. Reactive extrusion modification and plasticizing of PLA

Maleic anhydride (MA) grafting onto PLA was carried
out in an attempt to create functional groups [23] which
would react with a fraction of hydroxylated PEG, and will
be used here as the plasticizer, to improve the interfacial
adhesion between PLA and PEG and therefore improve
PLA ductility.

Grafting of MA into PLA by reactive extrusion was char-
acterized by FTIR and quantified by titration after elimina-
tion of the unreacted MA. FTIR showed the appearance of
additional peaks at 698 and 1850 cm�1 after PLA maleation
by reactive extrusion can be observed. The absorbance at
1850 cm�1 corresponds to the asymmetric stretching of
carbonyl band of the grafted anhydride and the absorbance
at 698 cm�1 is attributed to the out-of-plane bending
vibration of the C–H bands of the anhydride ring.

The amount of anhydride attached to the PLA backbone
was determined by back titration. The addition of 0.5 wt.%
of L101 and 2 wt.% of MA to PLA leads to the melt-grafting
of 0.6 wt.% of MA. Moreover, the addition of MA has a slight
negative effect on the molecular weight of PLA. It leads to a
slight decrease of the number average molecular weight
(Mn) from 77,320 to 66,950 g mol�1. Carlson et al attrib-
uted the decrease of the molecular weight to the b-scission
reactions mediated by free-radicals along the polyester
chains (which increase as the initiator concentration in-
creases) at 180 �C [23].

A mechanism of maleation reaction has been proposed
by Carlson et al [23]. The formation of the radical is the first
step in the maleation of PLA. Once the radical is formed,
hydrogen abstraction can occur producing a PLA which
may react with MA. Note that such an hydrogen abstrac-
tion on the PLA backbone was recently reported by Malin-
colino et al in the case of radical polymerization of butyl
acrylate in the presence of preformed PLA [25]. The result-
ing polymer radical may then combine with another radi-
cal (MA, peroxide, or polymer radicals or hydrogen) and
further undergo a b-scission as shown in Scheme 1. Chain
scission by either back-biting or thermohydrolysis may
also occur [23].

In order to react easily with the anhydride functions
grafted in the resulting PLA chains, to improve the compat-
ibility with PLA and to slow down the plasticizer from
migrating from the bulk, PEG chains terminated with hy-
droxyl groups were selected.

It was shown by FTIR that the melt-blending of PEG
(10% or 20%) with PLA + 10%MAG-PLA leads to the grafting
of a fraction of PEG onto the anhydride functions (Scheme
1). Indeed, a decrease of the absorption band intensity at
1850 cm�1 corresponding to anhydride functions evidenc-
ing the reaction between the anhydride functionalities and
hydroxyl terminated groups of PEG was noticed (Fig. 1).
The reaction between anhydride and hydroxyl groups by
esterification reaction is very used for compatibilizing
polymer blends [26].

3.2. Modification of PLA molecular characteristics

PLA, as most of polyesters, is sensitive to its environ-
ment during melt processing (particularly to water, tem-
perature and shear). In many cases the mixing of PLA
with plasticizers or additives leads to a high decrease of
the molecular weights, with negative impact on the ther-
mo-mechanical properties of the polymer material.

Size exclusion chromatography (SEC) analysis used to
estimate the apparent molecular weight (Mn and Mw) of
all samples according to polystyrene standards are sum-
marized in Table 2.

The grafting of maleic anhydride into PLA leads to a
slight decrease of the molecular weight as already noticed
above. Table 2 highlights also the effect of PEG on PLA
molecular weight during processing. In fact, the increase
of PEG amount from 10 to 20 wt.% showed a shift of Mn
and Mw toward lower molecular weights. PLA chain scis-
sions are however very limited. This might be attributed
to hydroxyl terminated groups of PEG and PLA ester func-
tions, acidity, catalysts or some impurities, etc [27].

The molecular weight characterization seems to evi-
dence, that under adequate processing conditions, melt
reactive extrusion and melt-blending of PLA with PEG
400 does not induce any dramatic drop of PLA molecular
weight by thermal degradation or hydrolysis of polyester
chains, while the polydispersity index is poorly affected
by the chemical modification of PLA and by the presence
of the plasticizer.



Scheme 1. Mechanism of PEG grafting onto MAG-PLA by reactive extrusion.

Fig. 1. Zoom over FTIR spectra of PLA films before and after reactive
blending with PEG.
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3.3. Thermal characterizations

3.3.1. Thermal stability
Thermal properties of PLA materials after extrusion

were investigated by means of differential scanning calo-
rimetry (DSC) and thermogravimetry analysis (TGA).
An issue not very often taken into account when study-
ing a plasticized polymer is the impact of the plasticizer on
the thermal stability of the polymeric matrix. To investigate
the influence of the presence of PEG on the thermal stability
of PLA matrix, TGA measurements were carried out on the
different formulations (Fig. 2a). Fig. 2a reveals that the ini-
tial decomposition temperature of PEG is lower compared
to neat PLA, while the kinetics of degradation is slower.
Fig. 2a also shows that the modified and plasticized PLAs
are stable within the range of interest (180 �C). However,
the decomposition onset temperature as well as the
decomposition temperature at 50% weight loss of PLA shifts
systematically to lower temperatures when PEG is added.
This shift is globally more important when the amount of
plasticizer is higher. For example, a shift from 350 to
307 �C and from 365 to 345 �C is observed for the decompo-
sition onset temperature and the decomposition tempera-
ture at 50% weight loss of the sample PLA/20% PEG,
respectively. The decrease of the PLA thermal stability is
mainly due to the presence of PEG as evidenced after
extracting the plasticizer from PLA matrix. It leads to a back
shift of the decomposition temperature from 345 to 365 �C,
i.e. recovering the thermal behavior of neat PLA (Fig. 2b).

DTG curves show that the thermal decomposition
mechanism of PLA is somehow modified in the presence



Table 2
Molecular weights (Mn and Mw) of all samples based PLA.

Sample Mn (g mol�1) Mw (g mol�1) Polydispersity index

PLA 77,300 94,350 1.2
PLA after extrusion 77,850 93,850 1.2
MAG-PLA 66,950 87,300 1.3
PLA + 10%MAG-PLA 73,600 90,550 1.2
PLA + 10%PEG 61,200 87,800 1.4
PLA + 10%MAG-PLA + 10%PEG 62,550 87,500 1.4
PLA + 20%PEG 59,950 78,900 1.3
PLA + 10%MAG-PLA + 20%PEG 56,650 79,450 1.4

Fig. 2. TGA under N2/O2 flow of: (a) PEG 400, neat, modified and plasticized PLA. (b) Neat PLA, PLA + 20% PEG and PLA + MAG-PLA + 20% PEG before and
after PEG extraction. (c) DTG curves for neat PLA, PEG 400 and PLA + 20% PEG.
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of PEG (Fig. 2c). Different assumptions can be pointed out
to explain the catalytic effect played by PEG to degrade
PLA. The products of PEG degradation generated when
the initial degradation temperature is reached (280 �C)
can promote PLA degradation. The reaction between hy-
droxyl terminated groups of PEG and PLA ester functions,
acidity, catalysts or some impurities could be the sources
of such degradation, as already mentioned above. How-
ever, globally, the addition of PEG plasticizer makes cer-
tainly PLA more sensitive to thermal stability but at
higher temperature ranges (higher than 300 �C) not
reached during the processing step. The grafting of PEG
into MAG-PLA does not influence that much the thermal
stability of the blend.

3.3.2. Thermal and morphology properties
Tables 3 and Fig. 3a and b summarize the thermal prop-

erties of neat, modified and blended PLA during the second
heating scan using a cycle from �100 to 200 �C. The second
heating removes the uncertainties that arise when the
behavior of the material may depend on the thermal his-
tory of the samples.



Table 3
Thermal data obtained by DSC measurements during the second heating at 10 �C min�1 (±1 �C) for films of neat, modified and plasticized PLA.

Material Tg (�C) PLA Tm (�C) DHm (J/g) Tcc (�C) DHc (J/g) dDH (J/g)

PLA after extrusion (reference) 60.0 154 �18 124 21 0
MAG-PLA 59.5 153.5 �21 124 24 0
PLA + 10%MAG-PLA 60.5 154.5 �21 126 24 0
PLA + 10%PEG 34.3 153 �25 86 25 0
PLA + 20%PEG 23.2 151 �33 73.5 21 12
PLA + 10%MAGPLA + 10%PEG 33.3 153 �27 86.5 26 0
PLA + 10%MAGPLA + 20%PEG 14.5 150 �29 63 20 9

Tg, glass transition temperature; Tm, melt temperature of PLA; Tcc, cold crystallization temperature of PLA; DHm, heat of melting of PLA; DHc, heat of cold
crystallization of PLA; dDH: heat of melting of PLA determined by subtracting heat of cold crystallization from heat of melting.

Fig. 3. DSC traces recorded for (a) PLA and modified PLA and (b) PLA blends during the second heating.
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DSC runs for the neat and modified PLA (Fig. 3a) show
that the grafting of 0.6 wt.% of anhydride functions into
PLA does not disturb significantly its thermal properties.
Both PLA and MAG-PLA thermograms display a shift in
the signal baseline related to the glass transition around
60 �C, an exothermic peak of cold crystallization at 124 �C
and an endothermic melting peak centered at 154 �C. The
slight increase of DHc from 21 to 24 J/g can be likely ex-
plained by the presence of higher amount of short chains
that contribute to the crystallization of PLA. The compari-
son of crystallization enthalpy and melting enthalpy for
neat and modified PLA after extrusion (Table 3) indicate
an amorphous morphology for all the specimens, excepted
for the materials containing 20% of PEG that contains a low
amount of crystals. Since the crystallinity of PLA + 20% PEG
and that of PLA + 10% MAG-PLA + 20% PEG are quite identi-
cal (same observation in the case of PLA + 10% PEG and
PLA + 10% MAG-PLA + 10% PEG), the maleation process
does not affect the thermal properties of the polymer itself.

The second heating curves (Fig. 3b and Table 3) of melt
blended PLA, PLA + 10%MAG-PLA with PEG (10% and 20%)
display only one glass transition temperature, stating the
full miscibility of the polymer and the plasticizer as re-
ported by Pillin et al. [28]. The Tg values obtained for the
whole blends are lower than in neat PLA. In terms of effi-
ciency, it has been observed that blends containing 20%
of plasticizer exhibit the lowest values. Indeed all PLA
and PLA + 10%MAG-PLA samples exhibit similar Tg value
around 34 �C when blended with 10%PEG. The plasticizer
grafting does not seem to have an impact on the Tg in this
case. The increase of the amount of PEG from 10% to 20% in
pristine PLA leads to a further decrease of Tg from 34 to
23 �C. More interesting, when 20% PEG are melt blended
with PLA + 10% MAG-PLA, the Tg of the blends are shifted
to even lower temperatures at around 14 �C (instead of
23 �C for PLA + 20%PEG). The supplementary decrease of
Tg when mixed with modified PLA can be explained by
the increase of PLA chain disentanglement due to presence
of PLA-g-PEG chains leading to the enlargement of the free
volume. The increase of PLA chain disentanglements could
be related to the conformation of PLA-g-PEG. Other mech-
anisms such as physical interactions between grafted and
free PEG could also be taken into account to explain the de-
crease of the Tg. Indeed, as shown above, the small amount
of anhydride grafted onto PLA backbone reacted with a
fraction of PEG, improving probably the interfacial adhe-
sion and compatibility in PLA blends and therefore the
plasticizing effect of PEG.

As already mentioned above, neat PLA exhibits an exo-
thermic broad peak of cold-crystallization Tcc,PLA from 105
to 145 �C and centered at 124 �C. For PLA/PEG blends, this
peak is shifted to lower temperatures. The shift to 86 �C is
observed for PLAs + 10% PEG blends. For blends containing
20% PEG, the shift is very much dependent on the presence
or not of grafted PEG in the blend. Indeed, the Tcc,PLA of
PLA + 20% PEG is about 73 �C and this value is even lower



Fig. 4. Temperature dependence of storage modulus E0 and loss factor tan d for neat PLA (a and b), PLA/PEG blends (a) and PLA/MAG-PLA/PEG blends (b)
(DMA tests performed at 1 Hz).

Table 4
Mechanical features of neat PLA and plasticized PLA measured by DMA and tensile tests.

Material Storage modulus E0 (MPa) at
23 �C

Yield stress ry
33

(MPa)

Yield strain
ey

33

Ultimate stress eu
33

(MPa)
Ultimate strain
eu

33

Neat PLA 2190 67.8 0.02 55.3 0.07
PLA + 10% PEG 1750 15.1 0.03 67.0 1.12
PLA + 20% PEG 1460 14.6 0.03 >64.5 >1.30
PLA + 10% MAG-PLA + 10%

PEG
1870 29.1 0.02 70.7 1.16

PLA + 10% MAG-PLA + 20%
PEG

1480 15.8 0.03 >55.1 >1.27
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in the presence of MAG-PLA, where Tcc,PLA is the lowest re-
corded at 63 �C. The trend of Tcc,PLA and Tg values as a func-
tion of PEG concentration and the presence or absence of
grafted PEG are correlated. This result is considered to be
directly related to the motion ability of the PLA chains. In-
deed, the increase of PLA chain motion due to the amount
of PEG (lower Tg) allows an easier rearrangement of polyes-
ter chains to crystallize. For instance, the higher the
amount of PEG, the higher the motion and the lower the
Tcc,PLA.

3.4. Mechanical properties

The effect of temperature on storage modulus, E0 and
loss factor, tan d, is shown in Fig. 4 for neat and plasticized
PLA. One can associate the glass transition temperature
(Tg) as the maximum of the loss modulus (tan d obtained
by DMA. Accordingly, neat PLA has a Tg equal to 60 �C
and, as expected, all the plasticized PLA display a lower
glass transition temperature compared to neat PLA. As al-
ready observed in DSC results, the presence of PEG chains
grafted onto PLA in the blend PLA/PEG does have a signif-
icant effect on the glass transition temperature of PLA.
These measurements of Tg are in line whose are obtained
by DSC. In the temperature-dependent tan d curves of
plasticized PLA, cold-crystallization processes are observed
after the glass transition relaxation. This is evidenced by
the presence of several low peaks between 65 and
120 �C. At the lowest investigated temperature, �60 �C,
the plasticized PLA have a storage modulus E’ between
2600 and 3030 MPa, while that of neat PLA is equal to
2500 MPa. With increasing temperature up to the onset
of glass transition relaxation, a 50% decrease of the storage
modulus of plasticized PLA is noted. In the same tempera-
ture range, a much less marked decrease in E0 occurs for
neat PLA (17%). The storage modulus E0 measured at room
temperature, 23 �C, is reported in Table 4 for the studied
materials. Neat PLA has a modulus E’ that is equal to
2190 MPa. As expected, when increasing the content of
PEG, the elastic modulus of the material measured at
23 �C markedly decreases from 2190 MPa to a minimum
of 1460 MPa for PLA + 20% PEG. We also note that the pres-
ence of MA-grafted PLA (MAG-PLA) has no significant ef-
fect on the elastic modulus when comparing PLA + 10%
PEG with PLA + 10% MAG-PLA + 10% PEG or PLA + 20%
PEG with PLA + 10% MAG-PLA + 20% PEG. After the glass
transition relaxation, bumps are observed in the curves
tan d – temperature for all the materials, while a weak
but significant increase of E0 occurs for plasticized PLA
grades. Regarding the evolution of loss modulus E00 with
temperature (curves not shown here), we observe the pres-
ence of a marked low temperature peak for PLA/PEG blends
ranging between �60 and 0 �C, and a broadening of the E00

peak associated to the glass transition in the case of PLA/
PEG and PLA/MAG-PLA/PEG blends with respect to neat
PLA.



Fig. 5. True axial stress r33 as a function of true axial strain e33 for neat PLA (a and c), PLA/PEG blends (a) and PLA/MAG-PLA/PEG blends (b) (tensile tests
performed at 23 �C and 10�3 s�1).

2142 F. Hassouna et al. / European Polymer Journal 47 (2011) 2134–2144

Publication 7/25
True tensile behavior of neat PLA and plasticized PLA is
collected in Fig. 5, while the measured characteristics
(yield stress dy

33, yield strain ey
33, ultimate stress ru

33 and
ultimate strain varepsilonu

33) are listed in Table 4. Neat
PLA is characterized by a high yield point (dy

33 = 67.8 MPa
and ey

33 = 0.02) and after this point is reached, a marked
stress drops occurs until the material breaks at an ultimate
strain of 0.07. As a result, neat PLA has a limited viscoplas-
tic stage. When compared to neat PLA, plasticized PLA
samples exhibit a lower yield stress, a higher yield strain
and a longer viscoplastic stage. Indeed, for plasticized
PLA, yield stress is comprised between 9.4 and 29.1 MPa,
yield strain is ranging between 0.02 and 0.03, and ultimate
strain is higher than 1.12. Moreover, the maximum elonga-
tion increases with the content of PEG for the blends PLA/
PEG and PLA/MAG-PLA/PEG. For materials containing 20%
PEG, it was not possible to deform the tensile specimen
above the axial strain 1.3 due to a destruction of the dots.
Furthermore, the yield stress and the stress drop occurring
after the yield point decrease with increasing the amount
of PEG. In this context, the material PLA + 10% MAG-
PLA + 20% PEG does not present a yield peak during the vis-
coelastic/viscoplastic stages transition. The true stress –
true strain curves of PLA/PEG blends (Fig. 5a) exhibit an
irregularity. Indeed, a marked increase of stress at the
beginning of viscoplastic stage followed by a gradual de-
crease of the slop until e33 = 0.20 is observed.

As shown by Figs. 4 and 5 and Table 4, the viscoelastic
and viscoplastic behavior of PLA are drastically influenced
by the plasticization methodology. To explain the visco-
elastic features of PLA blends, the material composition
and the intrinsic properties of each material component
must be considered. Plasticized PLA blends are composed
of (i) an amorphous phase with a rigidity dictated by the va-
lue of Tg, (ii) a PEG phase at liquid state to ensure a plastici-
zation effect of PLA amorphous phase, and (iii) eventually
rigid crystalline lamellae in the case of the material con-
taining 20% of PEG as shown by DSC measurements (Table
3). At room temperature, the storage modulus E0 is hence
supposed to decrease with decreasing the index of
crystallinity [29], increasing the amount of PEG [30], and
decreasing the glass transition temperature of PLA [30].
When 10% of PEG is added to PLA, the mechanisms (i) and
(ii) are active, and hence, lead to a decrease of E0. When
20% of PEG is added to PLA, these three mechanisms are ac-
tive, but the effect of the presence of crystalline lamellae
seems to be widely overcome by the effect of the decrease
of Tg and the presence of the PEG liquid phase on the elastic
modulus. However, at the lowest temperature (�60 �C),
neat PLA has a lower elastic modulus than all the plasti-
cized PLA, which is difficult to understand. The origin of this
phenomenon is unclear, but we hypothesize that is maybe
due to slight differences in the (i) specimen consolidation
state or (ii) specimen dimensions when comparing neat
and plasticized PLA grades. As indicated by Piorkowska
et al [31], the curve loss modulus E00 – temperature (not
shown here) provides information about the dispersion/
distribution of PEG within amorphous PLA phase. The pres-
ence of an additional low temperature peak in the plasti-
cized PLA grades suggests the formation of a PEG-rich
phase. Furthermore, a broadening of the width of the peak
reflecting the glass transition is due to a plasticizer concen-
tration gradient in all the PLA blends. Regarding the in-
crease of E0 with temperature and the presence of bumps
in the tan d – temperature curves after the glass transition,
they are due to a cold-crystallization process [32]. This re-
sult proves that our processing conditions do not enable
to achieve a complete crystallization of PLA. It is anticipated
that this cold-crystallization will influence the tensile
behavior of the PLA blends. Last, it is to be noted that the
presence of MA-grafted PLA (MAG-PLA) does not signifi-
cantly influence the viscoelastic properties of the materials.

The tensile behavior of the plasticized PLA developed in
this study is in good accordance with that reported in liter-
ature in terms of yield and elongation at break as a func-
tion of PEG content [30,31]. The viscoelastic deformation
is ascribed to an initial elastic expansion of the materials
influenced by the phenomena described above. Subse-
quently, the stresses are dissipated by conformational
changes of glassy amorphous PLA chains that lead to
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segmental orientation [33]. In glassy amorphous polymer
such as polycarbonate (PC) or polyvinyl chloride (PVC),
the activation of plasticity is induced by the development
of stable shear defects within amorphous matrix [34,35].
However, in the case of semi-crystalline polymers such
as high-density polyethylene (HDPE), the plasticity is in-
duced by the onset of shear mechanisms of crystalline
lamellae [36]. As mentioned by Kulinski and Piorkowska
[32], orientation also occurs in crystalline phase of PLA
proving that shear mechanisms of crystalline lamellae are
active in PLA. We hence conclude that activation of plastic-
ity in semi-crystalline PLA is ascribed to the development
of shear defects in amorphous phase and shear mecha-
nisms of crystalline lamellae. Since the crystallinity is
low in the present materials (0% of crystallinity for neat
PLA and PLA containing 10% of PEG, and 9–12% of crystal-
linity for the other materials, see Table 3) the former mech-
anisms are mainly responsible for plasticity. The presence
of plasticizer in the amorphous phase of PLA facilitates
the conformational changes of PLA, which leads to an eas-
ier activation of plasticity. Yield stress consequently de-
creases with the content of plasticizer (Table 4). The
yield drop is due to the multiplication of shear defects that
locally accelerate the deformation [37]. As a result, the
macroscopic stress decreases. The increase of the PEG
amount triggers a diminution of yield drop (Fig. 5). One
can suggest that the multiplication of shear defects is less
marked with increasing the content of PEG, this mecha-
nism being the less intense for PLA + 10% MAG-PLA + 20%
PEG (no yield peak). The viscoplastic stage can be divided
into cohesive mechanisms, as further deformation of amor-
phous network through the development of shear defects
and further shearing of lamellae, and non-cohesive mech-
anisms as crazing [24,32]. The ability of amorphous net-
work to the plastic deformation increases with the
content of PEG, which induces an increase of elongation
at break (Table 4). However, to ensure a high elongation,
non-cohesive mechanisms may be limited. The develop-
ment of crazes in amorphous layers is active in the PLA
blends studied in this work since whitening phenomena
were noted at macroscopic scale. Further investigations
are required to study the competition between cohesive
and non-cohesive mechanisms. This can be achieved
through real-time structural characterization by SEM and
XRD of PLA blends subjected to a tensile test. The irregular-
ity observed in tensile curves of PLA/PEG blends (Fig. 5a) is
probably due to the cold-crystallization process that in-
duces a significant increase of stress at the beginning of
viscoplastic stage. As indicated by DMA results, PLA/PEG
blends may contain PEG rich phases. This PEG phase may
be concentrated in interspherulitic regions, which can pro-
mote the development of non-cohesive mechanisms. We
also observe here that the addition of MAG-PLA has no sig-
nificant effect on the tensile behavior of PLA.
4. Conclusions

The in situ reactive grafting of hydroxy-terminated PEG
plasticizer onto the maleic anhydride modified PLA in PLA/
PEG blends:
– Does not lead to a dramatic drop of PLA molecular
weight by thermal degradation or hydrolysis of ester
chains.

– Lowers significantly the glass transition temperature
compared to the blends where no grafting could occur
(neat PLA + PEG).

– Has no significant effect on the viscoelastic and visco-
plastic mechanical behaviors of PLA that are only influ-
enced by the addition of PEG.

Future works on the ageing conditions will be carried
out in order to assess the grafting effect of PEG on the sta-
bility of the plasticized material and the prevention/limita-
tion of the plasticizer migrating from the bulk.
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a b s t r a c t

In the present study, the effects of nanoclay additives on the effective mechanical and thermal properties
of polymer/nanoclay composites have been investigated using experimental and simulation analyzes. In
this research, we propose the use of strong contrast statistical continuum theory to predict the effective
elastic and thermal properties. To validate our modeling approach, we conducted experimental measure-
ments of these properties for polyamide/nanoclay nanocomposites with concentrations of 1, 3 and 5 wt.%
of nanoclay particles. Three-dimensional isotropic nanocomposite samples with randomly oriented
monolayer nanoclays were computer generated and used to calculate the statistical correlation functions
of the realized model. These correlation functions have been exploited to calculate effective thermal and
elastic properties of the nanocomposite. The simulation results have shown that effective stiffness can be
increased significantly with small amounts of particle concentration for the exfoliated clay monolayers.
The predicted effective conductivity and elastic modulus have been compared to our experimental
results. Effective thermal conductivity shows satisfactory agreement with experimental data. However,
the predicted results for the elastic modulus overestimate the experimental data, which might be due
to the increasing intercalated structure for high concentration of nanofiller and to anisotropic properties
of the nanoclay.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

The improvement of mechanical, thermal, gas barrier and fire
resistance properties of organic polymer materials is a major con-
cern, particularly in the domains of transportation, building con-
struction, and electrical engineering. Polymer nanocomposites
often exhibit physical and chemical properties dramatically differ-
ent from the corresponding pure polymers. Numerous and recent
studies have shown the interest of the use of clay nanoparticles
(above all modified montmorillonites) as nanofillers for several
polymers [1,2]. The usual content of clay that has been used is in
the range of 5–10 wt.% organo-modified montmorillonite. The rea-
sons are the high aspect ratio (more than 1000), the high surface
area (more than 750 m2/g) and the high modulus of these lamellar
nanoparticles (176 GPa). Depending upon the processing condi-
tions and characteristics of both the polymer matrix and organo-
clay, the in situ dispersion of organoclay inside the host polymer
ll rights reserved.

g, IMFS, 2 Rue Boussingault,
fax: +33 (0)3 68 85 29 36.
by melt blending can be more or less achieved, leading to interca-
lated or exfoliated nanocomposites.

Recently most of the researches about layered silicates are fo-
cused especially on montmorillonites (MMT), as the reinforcing
phase due to availability and versatility of these types of nanofillers
[3]. Depending on the process conditions and on the polymer/nano-
filler affinity, the layered silicates dispersed into the polymer matrix
can be observed in different states of intercalation and/or exfoliation
[4]. The best performances are commonly achieved with the exfoli-
ated structures [5]. Besides that, the insertion of clay materials into a
polymer matrix led to a significant decrease of the diffusion coeffi-
cient of various gases into the composites [3,6]. Several homogeni-
zation methods have been used in the literature to predict
effective properties of nanocomposite properties. For instance, the
effective mechanical properties of such nanocomposites have been
investigated using inclusion-based theories which call for the
Eshelby solution for ellipsoidal inclusions in a homogeneous med-
ium [7–15]. For example, the generalized Mori-Tanka model has
been exploited to predict the effective elastic modulus of the
starch/clay nanobiocomposites [16]. Similarly, the effective thermal

http://dx.doi.org/10.1016/j.compscitech.2011.09.008
mailto:ahzi@unistra.fr
http://dx.doi.org/10.1016/j.compscitech.2011.09.008
http://www.sciencedirect.com/science/journal/02663538
http://www.elsevier.com/locate/compscitech
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conductivity of composites with ellipsoidal inclusions have been
widely considered using various micromechanical models in litera-
ture [17,18].

In this paper we used a strong contrast [19–22] multiscale sta-
tistical method to predict the overall modulus and thermal con-
ductivity of montmorillonite polymer based nanocomposites. To
take into account the geometrical information on inclusions and
their distribution in the matrix, a statistical continuum approach
has been developed based on statistical correlation functions
[22]. In this study two-point and three-point correlation functions
have been taken into account to describe the microstructure. Using
Monte Carlo simulation, two-point correlation functions of the
realized nanostructures have been extracted and in a following
step three point correlation functions have been estimated based
on the previously determined two point correlation functions
[23]. From the two-point and three-point correlation functions,
the effective thermal conductivity of the nanocomposites was cal-
culated using a strong contrast expansion. To validate our pro-
posed statistical approach, we conducted experimental tests to
measure both the elastic and thermal properties for polyamide/
MMT nanocomposites with 1, 3 and 5 wt.% of nanoparticles. We
then we compared our simulate results to the experimental one.
2. Experimental part

2.1. Materials

The polyamide (PA) resin (viscosity 35p, at 240 �C) was supplied
by Scientific Polymer. The PA density was 0.99 g cm�3 (at 23 �C).
The filler was a commercial organo-modified montmorillonite,
Cloisite 30B (OMMT) and was purchased from Southern Clay Co.
The modifier was methyl bis-2-hydroxyethyl tallow ammonium
and its concentration was 90 meq per 100 g of clay. This treatment
leads to a good dispersion in the polar polymer matrix and allows
preparing intercalated or exfoliated nanocomposites. The density
of organo-modified montmorillonite was 1.98 g cm�3 (at 23 �C).
We should note that the choice of the commercial organo-clay
(cloisite 30B) was based on the good compatibility of the organic
part of the cloisite 30B and the chemical structure of polyamide
to promote a good dispersion.

2.2. Nanocomposites preparation

PA and OMMT were first dried at 80 �C during 4 h. PA–OMMT
nanocomposites were then prepared by melt-mixing, the molten
PA pellets and the OMMT at different weight fractions of clay, using
a co-rotating twin-screw extruder (DSM Xplore), at 180 �C for
5 min, with a rotation speed of 150 rpm. The investigated weight
fractions of OMMT in PA nanocomposites were 0, 1, 3 and 5 wt.%.

2.3. Transmission electron microscopy

Transmission electron microscopy (TEM) analyzes of PA–OMMT
nanocomposites were carried out using a Carl Zeiss LEO 922
apparatus at 200 kV. The ultrathin films (70 nm thick) were
prepared with a LEICA EM FC6 cryo-ultramicrotome at 25 �C.

2.4. X-ray diffraction

Wide-angle X-ray scattering (WAXS) experiments were per-
formed in a PANalytical X0Pert Pro MPD equipment using Cu Ka
radiation (wavelength: 1.54 Å) generated at 45 kV and 40 mA.
Tests were conducted with the transmission mode of this equip-
ment and using a focus mirror (divergence slit 1/4�, anti-scatter slit
1/4�, soller slit 0.04 rad) as incident optics and PIXcel detector
(anti-scatter slit 1/32� and soller slit 0.04 rad) as secondary optics.
This specific configuration enables to obtain a high resolution in
the 2 theta range of interest (3–10�) providing information about
crystalline structure of the nanoclay.

2.5. Mechanical properties

The evaluation of the mechanical properties of PA and its nano-
composites was carried out using a Dynamic Mechanical Analyzer
(DMA 242C-Netzsch). Storage (E0) and loss (E00) modulus were mea-
sured as a function of temperature (�175 �C to +70 �C) with a dy-
namic temperature ramp sweep at 2 K min�1. Measurements were
performed using the single cantilever bending mode at a frequency
of 1 Hz. All DMA sample were hot-pressed and cut in the form of
9.70–10.40 mm-long, 1.15–1.47 mm-thick and 4.95–5.9 mm-wide
specimens. To check the reproducibility of the experimental data
and to ensure their consistency, three specimens were tested for
each formulation.

2.6. Laser flash

Thermal diffusivity and thermal conductivity of studied materi-
als were measured by the laser flash method. This technique en-
tails heating the front side of a small, usually disk-shaped plane-
parallel sample by a short (61 ms) laser pulse. The temperature
rise on the rear surface is measured versus time using an infrared
detector. All samples were coated on both faces with a very thin
layer of colloidal graphite. The thermal diffusivity a(T) values can
then be converted to thermal conductivity k(T) by using the spe-
cific heat Cp(T) and bulk density q(T) of studied material according
to:

kðTÞ ¼ qðTÞ � CpðTÞ � aðTÞ ð1Þ

The samples in the shape of disks, 12 mm in diameter and 1 mm
in thickness were prepared by hot-pressing. The measurements
were carried out from room temperature to 100 �C under an argon
flow. Three samples were tested for each system and the uncer-
tainty for the determination of thermal diffusivity was evaluated
to ±3%.
3. Computer generated model

In this research, three-dimensional isotropic virtual samples
with randomly oriented disks as mono-layer nanoclays are gener-
ated, using the soft-core approach, and used to calculate the statis-
tical two point correlation functions of the realized nanostructure.
These statistical correlation functions have been utilized as nano-
structure descriptor to approximate the strong contrast solution
for thermal and mechanical properties of nanocomposites. In this
solution, two point and three point correlation functions have been
used as input functions to solve the strong contrast equations for
the effective thermal and elastic properties [22]. In this study,
three point correlation functions have been approximated using
two point correlation functions [23,24].

3.1. Statistical correlation function calculation

In this work, the Monte Carlo estimation of two-point correla-
tion function are acquired by assigning a number of random
vectors within the generated microstructure and examining the
number fraction of the sets (of vectors) which satisfy the differ-
ent types of correlation states [24]. Fig. 1 shows two point
correlation functions for three composites with 1, 3 and 5 wt.%
of nanoclay.



Fig. 1. Two point correlation function.

Fig. 2. Representation of vectors in spherical coordinate.
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Similarly, three-point correlation functions for phase p can be
interpreted as the probability that three points at positions x1, x2,
x3 are found in phase p and this interpretation can be generalized
for N-point correlation functions [22].

3.2. Thermal conductivity

To evaluate the effective conductivity at macroscopically aniso-
tropic two-phase composites, the strong-contrast expansion ap-
proach has been further improved by establishing an integral
equation for the cavity intensity field [19,20,22]. The nth order ten-
sorial expansions are expressed in terms of integrals over products
of certain tensorial fields and a determinant of N-point statistical
correlation functions which make the integrals convergent for
the infinite volume limit. One of the salient aspects of this expan-
sion is that when truncated, at finite order, they give reasonably
accurate estimates at rather all concentrations even though the
contrast between the conductivities is high.

Assuming isotropic properties of the PA matrix and nanoclay
particles, the effective conductivity tensor ke of the nanocomposite
is determined using the strong-contrast formulation of the statisti-
cal continuum theory [22]:

fke�kRIg�1 � fkeþ2kRIg¼ 1
bSRSS

1ðxÞ
I�3kR

RR SS
2ð1;2Þ�SS

1ð1ÞS
S
1ð2Þ

SS
1ðxÞS

S
1ðx0 Þ

h i
MRð1;2Þd2

�k2
Rd2bSR

RR Ss
3ð1;2;3Þ

Ss
1ðxÞS

s
1ðx0 Þ
� Ss

2ð1;2ÞS
s
2ð1;2Þ

Ss
1ð1ÞS

s
1ð2ÞS

s
1ð3Þ

h i
MRð1;2Þ �MRð2;3Þd2d3� :::

ð2Þ

Here, we have adopted the shorthand notation consisting in
representing x1, x2, x3 by 1 and 2, 3 respectively. In Eq. (2), I is
the second-order identity tensor, kR is the reference conductivity,
MR(1,2) is a second-order tensor defined below, and bSR is the
polarizability:

bSR ¼
kS � kR

kS þ ðd� 1ÞkR
ð3Þ

The subscript R stands for the reference phase, which is chosen
here to be the nanoclay phase, and the subscript/superscript S
stands for the PA matrix. The second order tensor MR(1,2) is de-
fined by:

MRð1;2Þ ¼ 1
XkR

3tt� I

ðx1 � x2Þ3
ð4Þ

t ¼ ðx1 � x2Þ
x1 � x2j j ð5Þ

where X is the total solid angle contained in a 3-dimensional
sphere.

Ss
1ð1Þ; Ss

2ð1;2Þ and Ss
3ð1;2;3Þ are the probability functions that

contain the microstructure information. The one-point probability
function, SS

1ð1Þ, is the volume fraction of the nanoparticles. The
two-point probability function, SS
2ð1;2Þ; is calculated from the

Monte Carlo simulation. The three-point probability function,
Ss

3ð1;2;3Þ, is calculated from the following analytical approxima-
tion [23]:

Sp
3ð1;2;3Þ ffi

jx1x2 j
jx1x2 jþjx1x3 j

Sp
2ð1;3Þ þ

jx1x3 j
jx1x2 jþjx1x3 j

Sp
2ð1;2Þ

h i
Sp

2ð2;3Þ
Sp

1
ð1Þ ð6Þ

Fig. 2 defines the variables used in this approximation in local
coordinates.
3.3. Mechanical model

In general, strong-contrast expansions take a larger radius of
convergence than weak-contrast expansion for the same reference
properties [21]. The statistical theory of strong contrast has been
used to determine the effective stiffness tensor of macroscopically
isotropic two-phase composites. In this approach, an integral equa-
tion for the strain field leads to an exact series expansions for the
effective stiffness tensor of two-phase composite media. In this
method, N-point correlation functions show up in the final equa-
tions that characterize the microstructure. The general term of
the expansion for a reference phase q is written as follows [21]:

u2
pLðqÞ : ½LðqÞe �

�1 ¼ upI �
X1
n¼2

BðpÞn ð7Þ

where /P is the volume fraction of phase p and I is the fourth-order
identity tensor.



Fig. 3. Comparison between experimental and simulation thermal conductivity of
PA and its nanocomposites with OMMT.

Fig. 4. Comparison between statistical approach and Mori–Tanaka homogenization
technique for thermal conductivity of two phase composites as function of
temperature T for PA/OMMT nanocomposites (1, 3 and 5 wt.%).
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In Eq. (7) the tensor coefficients (Bn) are the following integrals
over products of the U Tensors and the Sn represent the N-point
correlation functions for phase p:

BðpÞ2 ¼
Z

e
d2UðqÞð1;2Þ½SðpÞ2 ð1;2Þ �u2

p� ð8Þ

BðpÞn ¼ ð1� Þ
nð 1

up
Þn�2 R d2:::

R
dnUðqÞð1;2Þ : UðqÞð2;3Þ � � �

UðqÞðn� 1; nÞDðpÞn ð1; :::;nÞ; n P 3;
ð9Þ

r ¼ x� x0; t ¼ r
jrj ð10Þ

In Eq. (7) the effective tensor LðqÞe is given by:

LðqÞe ¼ fCe � CðqÞgfI þ AðqÞ : ½Ce � CðqÞ�g�1 ð11Þ

where Ce is the effective stiffness tensor, Cq is the stiffness tensor of
the reference phase and A(q) is a forth order constant tensor [22].

Here DðpÞn ð1; :::;nÞ is a position-dependent determinant that is
calculated using N-point correlation function for a given phase p
[21].

The tensor U is calculated based on the position-dependent
fourth-order H(r) and the related tensor for phase q, L(q):

UðqÞijklðrÞ ¼ LðqÞijmnHðqÞmnklðrÞ

¼ ½dKq þ 2ðd� 1ÞGq� Kpq �
ðdþ 2ÞGq

dðKq þ 2GqÞ
lpq

� �
dij

d
HðqÞmmklðrÞ

�

þ ðdþ 2ÞGq

dðKq þ 2GqÞ
lpqHðqÞijklðrÞ

�
ð12Þ

where d is space dimension and the tensor H(r) is the symmetrized
double gradient tensor [21].

The constant tensor for phase q or L(q) is expressed as:

LðqÞ ¼ ½dKq þ 2ðd� 1ÞGq� kpqKh þ
ðdþ 2ÞGq

dðKq þ 2GqÞ
lpqKs

� �
ð13Þ

where d is space dimension and where kpq and lpq are intro-
duced as bulk and shear modulus polarizabilities [21], Kq and Gq

are respectively the bulk modulus and the shear modulus of the
reference phase and Kh and Ks are the projection tensors[21].

For macroscopically isotropic media, Eq. (7) can be simplified as
[21]:

u2
p

kpq

keq
Kh þ

lpq

leq
Ks

" #
¼ upI �

X1
n¼2

BðpÞn ð14Þ

In this work, the calculations have been performed for the first
and second terms of B and other terms have been neglected be-
cause of the complexity of the calculations:
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We recall that tor three-point correlation functions, we are
using the analytical approximation in Eq. (6).
4. Results and discussion

4.1. Thermal conductivity

Thermal conductivity of neat PA decreases from
0.127 W m�1 K�1 with increasing temperature (see Fig. 3). In our
calculation, the thermal conductivity of nanoclay particles has been
estimated using a semi-inverse strong contrast approach [25] for the
compressed powder sample at about 0.55(W m�1 K�1). We have ne-
glected the effect of temperature on this property. We analyzed the
thermal conductivity for PA/nanoclay with 1, 3 and 5 wt.%. The cor-
responding volume fractions are obtained from the two point corre-
lation functions (see Fig. 1) as 0.55%, 1.6% and 2.5%, respectively.

Our results show that the addition of nanoclay leads to an in-
crease in thermal conductivity of PA. Moreover, the higher the
amount of nanoclay, the higher the thermal conductivity becomes.
As shown in Fig. 3, the thermal conductivity of the PA–OMMT com-
posites predicted using the strong contrast approach fits quite well
with the experimental results. The simulated curves are not
smooth because we used non-smooth experimental data of con-
ductivity for pure polymer as a function of temperature (see Fig. 3).

For comparison with the classical homogenization theories, we
have used the Mori–Tanaka approach to estimate the effective



Fig. 5. Experimental and simulated elastic modulus of two phases composite as a
function of temperature T for neat PA and its composites with OMMT (1, 3 and
5 wt.%).

Fig. 6. Comparison between statistical approach and Mori–Tanaka homogenization
technique for the elastic modulus of two phase composites as function of
temperature T for PA/OMMT nanocomposites (1, 3 and 5 wt.%).

Fig. 7. TEM micrographs of PA–3%OMMT and PA–5%OMMT nanocomposite.
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thermal conductivity [26]. The results are shown in Fig. 4 where
they match both the statistical approach predictions.
4.2. Thermo-mechanical properties

Since montmorillonite can be used for improving thermal stabil-
ity, it is important that it does not dramatically deteriorate the
mechanical properties (stiffness). To predict the elastic modulus of
the composite, values of the elastic modulus of nanoclay found in
the literature was used, Enanoclay = 176 Gpa [27]. The elastic modulus
of the PA matrix is shown in Fig. 4 as function of temperature. Fig. 5
shows the effect of the nanoclay on the mechanical properties (stor-
age modulus E0) obtained by DMA measurements as well as those
obtained using statistical continuum theory. At room temperature,
PA exhibits a significant storage modulus (E025�C = 550 MPa. The
addition of 1–5 wt.% nanoparticles did not have any impact on
E025�C. Below 0 �C, the values of E0 of the composites containing 1 or
3 wt.% nanoclay are similar. However E0 increases by �20% when
5 wt.% clay is added to PA.

In Fig. 6, we report a comparison of the estimated effective mod-
ulus by the statistical approach and a classical model based on the
Mori–Tanaka homogenization approach [7]. As shown in this figure,
the Mori–Tanaka based prediction exceeds the prediction by the sta-
tistical approach and the mismatch between the two predictions in-
creases with fillers content.

It is found that E0 of the composites predicted by our simula-
tions fit well with the experimental data for 1 wt.%. However, sim-
ulated values of E0, for the composites containing more than 1 wt.%
nanoclay, are unfortunately higher than the experimental ones for
the same composition. In the next, we will attempt to explain these
discrepancies.

TEM analyzes of the PA–OMMT nanocomposites were per-
formed in order to investigate the distribution and the dispersion
of OMMT into the PA matrix. Fig. 7 shows two TEM images for
two different nanofiller contents, 3 and 5 wt.%. The images show
decreasing exfoliation state of nanofillers with increasing volume
fraction of the fillers.

The discrepancies between the experimental and the theoretical
results or the elastic modulus can be explained by the dispersion of
the nanoclays in PA matrix. Indeed, the statistical continuum theory
calculations assume that nanoclays in PA are in exfoliated state
(Fig. 8). On the other hand, the experimental results showed that
the nanoclays are in exfoliated state in the composites PA – 1 wt.%
OMMT and in both exfoliated–intercalated state in the composites
PA – 3 wt.% OMMT and PA – 5 wt.% OMMT.

In order to adjust the results of the statistical approach for the
microstructures with partial exfoliation, one needs to have very



Fig. 8. Polymer/clay nanocomposite morphologies.
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detailed information on the microstructure where all of the phases
(matrix, exfoliated fillers, intercalated fillers and micro-fillers) are
clearly identified. This requires, unfortunately, a lot of work which
is out of the scope of the present paper. In addition, in the classical
homogenization approaches such as the Mori–Tanaka approach, it
is also possible to adjust the results knowing the volume fraction of
each of the present phases. This has been addressed the literature
by different authors (see for instance [15,16]).

5. Conclusion

In the present study, the effects of nanoclay additives on the
effective mechanical and thermal properties of nanoclay based poly-
mer composites have been investigated using experimental and
simulation work. In the present study, Statistical continuum theory
is used to predict the effective thermal conductivity and elastic mod-
ulus of nanoclay based polymer composites.

In this research, Monte Carlo simulations have been performed
to find two-point probability functions of each phase. Two-point
and three-point probability functions as statistical descriptor of
inclusions have been used to solve strong contrast homogenization
for the effective thermal and mechanical properties of nanoclay
based polymer composites. The predicted thermal conductivity re-
sults have shown satisfactory agreement with experimental data.
However, the effective elastic modulus results for high concentra-
tion of nanoclay overestimate the experimental data. This discrep-
ancy is probably due to increasing intercalated structure of
nanoclay for high nanofiller concentrations.
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A new approach has been developed to study the dispersion/delamination of expanded graphite (EG) in
poly(lactide) (PLA) by using Raman spectroscopy. This technique is more sensitive and therefore fully
complementary to more standard dispersion characterization techniques like SEM, TEM and X-ray
diffraction. The incorporation of EG into PLA was carried out by a twin-screw micro-extruder. The effects
of the dispersion and delamination of EG on the thermal and thermo-mechanical properties of
polylactide-EG nanocomposites were investigated. In contrast to the standard techniques, Raman
spectroscopy was able to show a partial exfoliation, which could therefore explain the slight improve-
ment of the PLAeEG thermal and thermo-mechanical properties.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Graphite is widely used as reinforcement for polymers because
of its ability to modify their mechanical and electrical properties
[1]. Indeed, the potentially high aspect ratio of single graphene
sheets indicates that graphene can greatly improve mechanical and
gas barrier properties if it is well dispersed in a polymer matrix
[2,3]. If exfoliated and homogeneously dispersed, it can improve
the properties at relatively small loading compared to conventional
carbon fillers such as carbon black and carbon fibres [1]. However,
to up to now, the exfoliation of graphite to graphene and its
incorporation into polymers has not been fully successful. Because
of strong interactions and small spacing between planes, it is very
hard to achieve a fully separated state of graphene. Indeed, Van der
Waals forces exist between the carbon layers with an interaction
energy of about 2 eV/nm2. Therefore, the order of magnitude of the
force necessary to exfoliate the graphite is about 300 nN/mm2 [4,5],
which is very difficult to achieve.

Many researchers have recently attempted to exfoliate and
optimize the dispersion of graphite sheets using intercalation with
Laachachi).

All rights reserved.
alkali metals [6] or exposing them to strong acidic conditions [7e9].
The expansion of the layer spacing has been achieved via heat
treatment [6,8] or exposure to microwave radiation followed by
mechanical grinding [10]. As a result of the expansion, the surface
area of graphite was considerably enhanced. Expanded graphite
(EG) has been incorporated into polymer via in situ polymerization
[9], solvent mixing [11], or coating onto polymer particles or by
melt processing [10] leading to the improvement of the intrinsic
properties of the polymer matrix.

We choose to incorporate commercially available EG in poly(-
lactide) (PLA). As a biodegradable thermoplastic derived from
sustainable sources, PLA has received considerable attention for
conventional uses.

Expanded graphite reinforced PLA has been already produced
by melt-blending [12,13]. Thermo-mechanical and fire-retardant
properties were evaluated. It has been shown that EG nanofillers
provide PLA composites with competitive functional properties.
The final composite exhibits a high rigidity, with Young’s modulus
and storage modulus increasing with EG content. The presence of
EG improves significantly the thermal stability while preserving
the glass transition and melting temperature of the original PLA
matrix.

The purpose of the present paper is to investigate the dispersion
of EG in PLA matrix melt-processed using DSM Xplore twin-screw

mailto:abdelghani.laachachi@tudor.lu
www.sciencedirect.com/science/journal/01413910
http://www.elsevier.com/locate/polydegstab
http://dx.doi.org/10.1016/j.polymdegradstab.2011.10.005
http://dx.doi.org/10.1016/j.polymdegradstab.2011.10.005
http://dx.doi.org/10.1016/j.polymdegradstab.2011.10.005
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micro-extruder. To provide good and complete information about
the dispersion and particularly the delamination of the EG occur-
ring during the melt-blending, a new approach has been developed
by using Raman spectroscopy to study the dispersion of EG in these
nanocomposites and validated by conventional dispersion charac-
terization techniques (SEM, TEM and X-ray diffraction). The influ-
ence of the dispersion state of EG on the thermal stability, thermo-
mechanical properties and thermal diffusivity and conductivity of
the composites is also reported.

2. Experimental part

2.1. Materials and processing method

Polylactide (PLA) was provided by NatureWorks LLC under the
reference 4042D. Expanded graphite (EG) was supplied by ECOPHIT
G. According to the technical sheet, the principal characteristics of
the specific grade of EG used GFG 5 are: real density ¼ 2.25 g/cm3,
mean diameter (d50 ¼ 5e7 mm). It was used without any further
purification.

Before processing by melt-blending, PLA and EG were dried at
40 �C overnight under vacuum to minimize the water content for
melt-blending. PLAeEG nanocomposites were prepared by mixing,
in an appropriate ratio, the molten PLA pellets and the EG using
a twin-screw extruder (DSM Xplore), at 180 �C. Three different
speed rates were explored: 50, 100 and 150 rpm at two different
residence times of 5 min and 10 min. The EG content into PLA
nanocomposites was 3 wt%. For comparison, pure PLA was pro-
cessed in similar conditions of melt-blending.

For the thermo-mechanical analyses by Dynamical Mechanical
Analysis, 50 � 10 � 1 mm3 plates of PLA were compression-
moulded using a Carver press and a specific mould. The utilized
procedure was as follows: i) extruded PLA pellets were introduced
within themould, ii) PLAwas heated at 190 �C during 3min, iii) PLA
was compressed during 30 s with a pressure of 15 MPa, and iv)
under the same pressure (15 MPa), PLA was cooled by means of
a room temperature water circulation.

2.2. Size exclusion chromatography

Size exclusion chromatography (SEC) analyses were carried out
to follow the changes of the molecular weight of PLA upon melt-
blending in absence and in presence of EG. SEC analyses were run
at room temperature (concentration 2 mg mL�1) in chloroform
using differential refractive index detectors (RID). The apparent
molecular weight (Mn and Mw) of all samples were obtained
according to polystyrene standards.

2.3. Dynamic mechanical analysis

The influence of the expanded graphite on the viscoelastic
properties of PLA was analyzed by means of a dynamic mechanical
analyzer (DMA) Netzsch DMA 242 C. For this study,
50 � 10 � 1 mm3 rectangular specimens were machined from the
compression-moulded plates. They were subjected to double
cantilever mode of flexural loading with a maximum displacement
of 40 mm in the temperature range 25e100 �C (rate 2 �C/min) and
a frequency of 1 Hz.

2.4. Differential Scanning Calorimetry

Differential Scanning Calorimetry thermograms of PLA were
recorded by means of a Netzsch DSC 204 F1 Phoenix apparatus
operating in inert atmosphere (nitrogen), and with a heating rate of
10 �C/min. The samples (10e20 mg) were placed into alumina
crucibles and were subjected to the following temperature
program: i) a first heating step from 0 to 200 �C, ii) a cooling step
from 200 to 0 �C and iii) a second heating step from 0 to 200 �C.
Only the results arising from the second heating step are reported
in this study since this second step is well-known to reflect the
intrinsic thermal behaviour of a polymer.
2.5. Thermogravimetric analysis

Thermogravimetric analysis were performed with a on
a Netzsch TG 409 PC Luxx device operating in air environment in
alumina crucibles (150 mL) containing 20e25 mg of sample. The
runs were carried out in dynamic conditions at constant heating
rates of 2, 5, and 10 �C min�1. The kinetic analysis of the degrada-
tion of the samples was made using an advanced thermokinetic
software package developed by Netzsch Company.
2.6. Flash laser

The thermal diffusivity of PLA and its nanocomposites was
measured from room temperature to 100 �C using a laser flash
technique (Netzsch LFA 457 Microflash�) under inert atmosphere
(argon flow: 100 mL min�1).

Samples were machined in the shape of plane and parallel disks
with 12.7 mm in diameter and about 1.1 mm thick. Their front side
is heated by a short laser pulse (0.5 ms). The heat induced propa-
gates through the sample and causes a temperature increase on the
rear surface. This temperature rise is measured versus time using
the IR-detector. The thermal diffusivity is then determined using
the “half-rise-time” (t1/2) corresponding to the time for the back
face temperature to reach 50% of its maximum value and for which
u ¼ 1.38. The thermal diffusivity can be calculated using equation
(1):

a ¼ 1:38$L2

p2$t1=2
(1)

where L is the specimen thickness.
For each sample and condition, measurements were repeated

three times in order to collect meaningful data between room
temperature and 100 �C.

Laser Flash Analysis is a direct measurement method for
measuring thermal diffusivity and an indirect one for measuring
thermal conductivity.

Thermal conductivity (k) can be determined using equation (2):

kðTÞ ¼ aðTÞ$CpðTÞ$rðTÞ (2)

where Cp is the heat capacity determined by Differential Scanning
Calorimetry and r is the density measured with a densitometer.
2.7. Raman spectroscopy

Raman scattering experiments were performed at room
temperature with a LabRam spectrometer (Horiba Jobin Yvon). All
spectra were recorded in backscattered geometry using
a 1800 groove mm�1 as the diffraction grating and a spectral
resolution of 1 cm�1 was achieved. Both incident and scattered
beams were collected through an Olympus confocal microscope
using a 100� objective lens (NA ¼ 0.9). Rayleigh scattering was
blocked with a holographic Notch filter. The laser excitation
wavelength was 514 nm and the laser power was less than 2mW to
avoid sample damage. The samples were analyzed without any
preparation as they were at the extruder output.



F. Hassouna et al. / Polymer Degradation and Stability 96 (2011) 2040e20472042

Publication 9/25
2.8. Scanning electron microscopy

Scanning Electron Microscopy (SEM) analyses were performed
with an environmental microscope (FEI-Quanta 200 type).

2.9. Transmission electron microscopy

Transmission electron microscopy analysis of PLAeEG was
provided by a LEO 922 apparatus at 200 kV. The samples were
70 nm thick and prepared with a LEICA EM FC6 cryo-
ultramicrotome at 25 �C.

2.10. X-ray diffraction

X-ray diffraction (XRD) experiments were performed in an
INELFRANCE diffractometer. Samples were scanned in the reflec-
tion mode using the Cu Ka1 radiation (wavelength: 1.5405 Å).

3. Results and discussion

3.1. Molecular weight characterization

PLA, as most of polyesters, is sensitive to its environment during
melt processing (mainly to water, impurities, temperature and
shear). To minimize moisture content, intensive drying of all
components is a first essential step to reduce the losses by hydro-
lysis and to maintain the polyester molecular weights as high as
possible.

Murariu et al. showed recently that the polydispersity index of
PLA is poorly affected by EG addition upon melt-blending. The
addition of EG in low percentage (2e4 wt. %) leads only to a slight
decrease of Mn. At higher percentage of EG (�6 wt. %) it was
observed that the decrease of the molecular weight was more
pronounced [13]. It is important to notice that their experiments
were performed in different equipment at different processing
conditions.

To evaluate the impact of the processing conditions on the
molecular masses of PLAe3wt.% EG, size exclusion chromatography
(SEC) analysis were performed (Table 1). In our case, the average
molecular weight (Mn) of the pure PLA decreases slightly from
77 000 g/mol (granules) to 65 000 g/mol for the sample processed
in the most severe conditions (150 rpm, 10 min). The addition of
3wt.% of EG has an unexpected effect on PLA molecular weight.
Indeed, GPC chromatograms display two molecular weight distri-
butions, one at Mn values higher than PLA’s Mn and a second at
around 28 000 g mol�1 (not shown in the table). This can be mainly
attributed to the presence of impurities such as acidic species,
peroxide groups, metallic ions or other residual products that can
provoke the degradation of PLA during melt-mixing. Indeed, by
EDS, we detected the presence of titanium impurities that can
induce chain branching leading to the increase of the molecular
weight. The mechanism leading to chain scissions seems to be
Table 1
Molecular weights (Mn and Mw) of all samples based PLA.

Samples Mn (g mol�1) Mw (g mol�1) Polydispersity
index

PLA (granules) 77,000 204,300 2.65
PLA: 100 rpm, 10 min 65,400 202,300 3.92
PLA: 150 rpm, 10 min 61,600 194,500 3.15
PLAe3EG: 50 rpm, 5 min 93,000 227,200 2.44
PLAe3EG: 50 rpm, 10 min 96,500 228,400 2.36
PLAe3EG: 100 rpm, 10 min 119,000 243,000 2.04
PLAe3EG: 150 rpm, 10 min 121,700 249,200 2.05
minor, unlike the observation made by Murariu et al. [13]. One can
conclude that there is no general behaviour of the expanded
graphite towards a polymer matrix in which it is introduced. It will
mainly depend on the nature of the impurities present in EG and/or
on the processing conditions. Moreover, the nature of the impuri-
ties is associated to the method used to prepare the expanded
graphite.

3.2. Morphology and dispersion characterization

To investigate the detailed morphological changes of the EG
when melt-blended with PLA at different processing conditions, X-
ray diffraction (Waxs mode), Raman spectroscopy and SEM were
used.

X-ray diffraction patterns of the EG and PLA/EG composites
obtained after extrusion are presented in Fig. 1. It was observed that
PLA/EG composites exhibited a broad amorphous hallow scattering
and a sharp peak at 2q ofw26.5� which corresponds to the stacking
of single graphene layers at a distance of 0.335 nm, regardless the
processing conditions. The presence of the sharp peak at 26.5�

confirms the presence of pure graphite based on stacks of parallel
graphene sheets, and also the fact that even in advanced mixing
conditions applied using the DSM extruder, exfoliation or complete
separation of the graphene layers is not reached and some sheets
still exist in the aggregate form. Because EG is fragile and breaks
down during blending with different polymers, it is generally
assumed that in polymer-EG composites it is difficult to completely
delaminate the nanofiller and even in advanced mixing conditions
a dense stacking of single graphene layers still exists. However,
a partial delamination could take place. To check this hypothesis,
several techniques of characterization are used such as SEM and
TEM.

SEM images, show that EG stacks are dispersed homogenously
in PLA matrix in soft (50 rpm, 5 min) as well as in severe (100 rpm,
10 min) melt-blending conditions (Fig. 2a,b).

A significant improvement of EG dispersion is observed when
increasing reasonably the screw speed and the residence time.
Furthermore, thinner layers and smaller aggregations are noticed in
the composite melt-blended at 100 rpm during 10 min, indicating
that the increase of the screw speed and the residence time leads to
a better but partial separation of the multiple graphite layers.
Indeed, the increase of the screw speed induces an increase of the
shear leading to the delamination of EG and the longer is the
Fig. 1. XRD patterns of pure EG and PLA/3 wt. % EG nanocomposites.



Fig. 2. SEM images of PLAe3EG nanocomposites melt-blended at a) 50 rpm, 5 min, b) 100 rpm, 10 min, c) 150 rpm, 10 min.
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process the better it is. The coexistence of graphite with various
numbers of layers is fully consistent with the strong peak observed
at 26.5� in the XRD patterns. TEM micrographs obtained on the
same samples (Fig. 3a,b) at a magnification of 1 mm confirmed the
observations made on SEM images.

It is necessary to mention that despite the fact SEM and TEM
images can give good information about the dispersion state of the
fillers in polymer matrix, this depend on the analyzed zone and the
interpretation is based on a visual examination. For these reasons, it
is essential to find out another technique that is capable to confirm
the observations made by these microscopic techniques.

Additional information concerning the structure of PLA/EG was
obtained through Raman spectroscopy analyses. Visible Raman
spectroscopy is a suitable tool for characterization of graphene/
graphite nanocomposites, because visible excitation always reso-
nates with the p states of carbon layers [14]. The spectral structure
of these intense signatures is directly linked to the carbon sheets
organization which is respectively specific to graphene, graphite,
nanotube or fullerene structure. In particular, in graphene and
graphite Raman spectra most of the vibrations modes are sensitive
to the number of stacked carbon layers. Especially, the 2D band
structure clearly evolves with the number of layers and can be used
to identify graphene and graphite samples and to highlight
a delaminating process efficiency [15].

The Raman spectrum obtained from EG is shown in Fig. 4. The G
band is present at 1560 cm�1 and the 2D band around 2700 cm�1. In



Fig. 3. TEM images of PLAe3EG nanocomposites melt-blended at a) 50 rpm, 5 min, b) 100 rpm, 10 min.
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a basic molecular description the G band is attributed to the bond
stretching and the 2D band, which is the second order of the D
band, is attributed to breathing modes of sp2 atoms in rings.
Compared to a graphite spectrum, the 2D band of EG is downshifted
with a frequency close to the graphene 2D band, around 2700 cm�1

[15], and with band shape similar to the graphene 2D band shape.
The difference between EG 2D band and graphene 2D band is the
full width at half maximum (FWHM). The measured FWHM of EG is
80 cm�1 and usual FWHM of graphene is around 30 cm�1 [15]. The
FWHMof EG is close to FWHMof graphite. As the 2D band is related
Fig. 4. Raman spectra of PLAeEG nanocomposites at three different speed rates and at two
incorporation in PLA is given as reference. (c) Normalized 2D band of EG and PLAeEG nan
to the stacking structure, the results show a singular spectral
behaviour of EG between usual graphite and graphene: less inter-
action between carbon layers than graphite which explains the
graphene like 2D band profile with a multilayer structure as the
high FWHM value suggests. Then, the specific 2D band of EG can be
considered as a probe of layers exfoliation efficiency during the
extrusion process.

Raman spectra of PLA/3% EG composites are presented in Fig. 4
at different speed rates and for two different residence times: (a)
5 min, (b, c) 10 min. At first, no modification of the PLA CH2 and CH3
different residence times: 5 min (a) and 10 min (b). The Raman spectrum of EG before
ocomposites.



Table 2
TGA data under air at 10 �C/min for PLA and its nanocomposites with EG.

Samples T50% (�C) at 5 min T50% (�C) at 10 min

PLA (100 rpm) 355 355
PLAe3EG (50 rpm) 355 357
PLAe3EG (100 rpm) 359 362
PLAe3EG (150 rpm) 358 362
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stretching bands around 3000 cm�1 is observed for all spectra
which indicates that the polymer matrix hasn’t been damaged or
under strain after extrusion.

Compared to the pure EG Raman spectrum, the G and 2D bands
of the PLA/3% EG composites are upshifted with Raman shifts close
to the graphite ones. Also, the shape of the 2D band is the typical
profile of the 2D band in graphite samples [16] which suggests an
increase of the interaction between carbon layers. As no modifi-
cation was observed in XRD measurements, this result indicates
a fillers aggregation process during extrusion. Fig. 4c presents the
normalized 2D bands of EG and PLA/3% EG for different speed rates.
As the speed rate increases the right side of the 2D band is slightly
upshifted, the aggregation process of graphite in the stacking
direction is then encourage.

Moreover, Raman intensities of the G and 2D bands decrease as
the screw speed increases (Fig. 4a,b). This behaviour is related to
a better dispersion of the fillers in the polymer host. At low speed
rate, 50 rpm, only small delaminated EG pieces coexist with larger
EG aggregates. As the screw speed rate increases the fillers distri-
bution tend to be linear in size, from small to larger EG pieces. This
screw speed effect on fillers size distribution is confirmed in SEM
images (Fig. 2).

These Raman results highlighted two processes which can occur
simultaneously. At first, aggregation process with an increase of the
graphite number of layers, these flakes could be then delaminated
by the screw in smaller ones. At the same time a crushing of these
large planes occur which produces smaller graphite clusters.
Raman spectra of PLA/3% EG at residence times of 5 min and 10min
are identical, the effect of the residence time has no influence on
the carbon fillers structure in PLA.
3.3. Thermal stability

In order to better understand the effect of EG and its dispersion
state on the thermal stability of PLA matrix, TGA analysis was
operated to investigate the thermal degradation of PLA and PLA-
eEG nanocomposites. The thermal degradation of PLAeEG nano-
composites has been compared with that of pristine PLA. Fig. 5
shows the TG curves for PLA and PLAeEG nanocomposites at
three different speed rates and at two different residence times,
respectively 5 and 10 min. The 50% weight loss temperatures (T50)
for each sample are listed in Table 2. All TG curves of PLA and
PLAeEG nanocomposites exhibit similar tendency. At 50 rpm and
5 min, the T50 of PLAeEG nanocomposite is similar to that of pris-
tine PLA (355 �C). As the addition of more shear strength and the
residence time during mixing EG and PLA, the T50 continuously
Fig. 5. TG curves for PLA and PLAeEG nanocomposites at three different spee
increase to 362 �C for PLAeEG nanocomposite at 100 rpm and
10 min. Note that any increase of T50 was observed after 100 rpm.
Indeed, the T50 of PLAeEG nanocomposite at 150 rpm and 10 min
remains constant (362 �C). From these TGA experimental data, it
can be clearly seen that the optimum extruder parameter is
100 rpm and 10 min. Secondly, these results indicate that the
incorporation of EG with well dispersion into PLA can improve the
thermal stability of the nanocomposites as those reported in the
literatures [13].

Kinetic analysis has been carried out in order to better under-
stand the effect of the dispersion state of the EG on the degradation
mechanism of PLA by using the isoconversional analysis.

The isoconversional analysis implies a kinetic model in the form
of:

va

vt
¼ f ðaÞ$ka$exp

�
�Ea
RT

�
(3)

where:

� a is the conversion degree of the degradation reaction
� Ea is the apparent activation energy (J mol�1) at a
� Ka is the pre-exponential factor (s�1) at a
� f(a) is the reaction model

In this study we have used a model-free analysis, such as the
well-known Friedman analysis [17], providing the plot of the acti-
vation energy versus the conversion rate. Starting from the TGA
curves obtained for the degradation of pure PLA and PLAeEG
nanocomposites at various heating rates: 2, 5 and 10 �C min�1, Ea
can be determined at any particular value of the conversion degree
a (Fig. 6).

For PLA, the activation energy curve versus the conversion
degree reveals that the activation energy is not constant, but
continuously decreases from 187 to 132 kJ mol�1 between
0.1 < a < 0.5 and increases from 132 to 196 kJ mol�1 between
0.1 < a < 0.5. This indicates that the degradation does not take
place as a single step reaction, but involves several competitive
reactions as exposed in the literature [18].
d rates and at two different residence times (5 min (a) and 10 min (b)).



Fig. 6. Activation energy (Ea) versus conversion degree (a) determined using the
Friedman analysis for PLA and PLAeEG nanocomposites at three different speed rates
and at 10 min as residence time.
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For PLAeEG nanocomposites, Fig. 6 shows that the addition of
EG into PLA does not change the degradation mechanism of the
matrix as the shape of Ea curve is the same as that obtained for pure
PLA. However, a slight decrease of Ea of PLA in the presence of EG is
observed. The raise of the shearing force by increasing the screw
speed of the extruder up to 100 rpm leads to amore significant shift
of Ea towards lower values. For screw speeds higher that 100 rpm,
no supplementary decrease of Ea is noticed. The decrease of the Ea
in presence of EG can be explained by a catalytic effect of this latter
Fig. 7. Heat capacity, thermal diffusivity and thermal conductivity of PLA and PLAeEG
on the emission of volatile products. In contrast, TGA curves do not
show this catalytic effect as a shift of the degradation temperature
to higher values is observed indicating the stabilizing effect of EG
(Fig. 5). It seems that EG exhibits two different functions (catalytic
and stabilizing effect) that could be related to its morphology.
Indeed, based on Raman analysis, two dispersion states which can
occur simultaneously are highlighted (partial delamination and
aggregation). This phenomenon has been previously observed in
metallic oxide fillers [19]. It is essential to emphasize that the
catalytic effect of EG remains minor compared to its stabilizing
effect. It could be attributed to the presence of impurities or
aggregates.

Some of the known reasons of the thermal stability improve-
mentwhen nanofillers are added to polymers are clearly exposed in
the literature [20]. The rate of thermal decomposition can be
influenced by: (i) chemical parameters (molecular weight, cross-
linking.); (ii) physical parameters (viscosity, compactness, heating
rate, temperature gradient, thermal diffusivity.).

Thermal diffusivity is the ability of a material to transmit heat
rather than to absorb it. Investigating this intrinsic property will
help to get a better knowledge about the impact of EG fillers on the
thermal properties of composites. Measurements of thermal
diffusivity of PLA and PLAeEG nanocomposites as a function of
temperature are presented in Fig. 7. Thermal conductivity (k) can be
inferred from thermal diffusivity by knowing the heat capacity (Cp)
and the density of eachmaterial according to equation (2). The heat
capacity was measured by DSC (Fig. 7). The values of thermal
conductivities calculated from this equation are presented in Fig. 7.
Thermal diffusivity decreases with temperature and the decrease is
speeding up around the glass transition temperature (Tg w 60 �C),
following the increase in heat capacity of the composite. It means
that the heat takes longer to pass through the material for
nanocomposites at three different speed rates and at 10 min as residence time.



Fig. 8. Elastic modulus (E0) for PLA and its nanocomposites with EG measured by DMA.

Table 3
Glass transition temperature (Tg) for PLA and its nanocomposites with EG measured
by DMA.

Samples Tg (�C) at 5 min Tg (�C) at 10 min

PLA (100 rpm) 61 61
PLAe3EG (50 rpm) 63 62
PLAe3EG (100 rpm) 62 64
PLAe3EG (150 rpm) 62 66
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temperatures above the Tg. In the studied temperature range
(25 �Ce100 �C), the thermal diffusivity and thermal conductivity of
PLAeEG nanocomposites are higher than that of pure PLA.
However, the heat capacity and the thermal diffusivity both
decrease when the screw speed increases from 100 to 150 rpm,
consequently causing a significant drop in the thermal conductivity
of PLAeEG nanocomposite.

The decomposition temperature shift observed on TGA curves
could be due:

(i) To the intrinsic temperature gradient in the samples: the
higher the gradient, the longer time it takes for the heat to
reach the core of the sample leading to a higher increase of the
surface temperature which undergoes a faster decomposition.
Thermal diffusivity directly influences thermal gradients: the
higher it is, the less time it takes for the heat to pass through
the material, therefore the thermal gradient between the two
sides of the sample is getting lower and finally less heat builds
up on the surface slowing down the decomposition,

(ii) To the barrier effect of EG leading to the decrease of release
rate of volatile products generated during the thermal
degradation.
3.4. Thermo-mechanical properties

To understand the impact of the processing conditions on the
thermo-mechanical performance of PLAeEG composites, the
samples were submitted to stress in a temperature range
(25e100 �C) and compared to the pure PLA. The average storage
modulus (E0) of PLA after extrusion (pure PLA) regardless the pro-
cessing conditions applied is about 2960 MPa. Fig. 8 represents the
changes of the E0 of PLA-EG as a function of the screw speed and of
the residence time. It shows that the addition of expanded graphite
increases E0 in all cases by the same value, at least within experi-
mental errors. The increase of the average molecular weight of PLA
when the speed screw and the residence time are raised up as well
as the partial exfoliation of EG highlighted by Raman spectroscopy
do not seem to have any supplementary effect on the elastic
modulus. The possible positive effect brought by the partial
exfoliation of EG may have been inhibited by the presence of EG
aggregates.

However, a slight increase of the glass transition temperature
(Tg) can be noticed compared to pure PLA (Table 3). The increase of
the Tgwhen the dispersion of EG is optimized can be attributed to i)
the restriction of macromolecular chain motions when the aspect
ratio of EG increases (strong interface EGePLA confirmed by TEM
images), ii) the higher steric hindrance, iii) the decrease of the free
volume.
4. Conclusions

A study of the dispersion of EG in PLA matrix melt-processed in
a DSM Xplore twin-screw micro-extruder was performed using
new approach based on Raman spectroscopy. We have shown that
the Raman spectroscopy combined with more conventional tech-
niques such as scanning electronmicroscopy, transmission electron
microscopy and X-ray diffraction provides good and complete
information about the dispersion and delamination/aggregation of
EG. Indeed, the delamination of the filler occurring during themelt-
blending was highlighted allowing an accurate optimization of the
process. In particular, we have demonstrated that Raman spec-
troscopy could be a useful technique to study carbon fillers in
polymer matrices. In this case, Raman measurements can be
directly done at the extruder outlet to control fillers structure and
distribution. The effect of the EG partial delamination and disper-
sion on the thermal and thermo-mechanical properties of PLA
could therefore be explained.
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Effect of Coated Rutile TiO2

and Disazopyrazolone Dye
Additives on Unvulcanized
Styrene Butadiene Rubber
During Photo-Ageing
The effect of coated rutile titanium dioxide (TiO2) and a disazopyrazolone dye (azo dye)
on the mechanism and the kinetic of photo-oxidation of unvulcanized styrene butadiene
rubber (SBR) composites under accelerated UV-visible irradiation (k> 290 nm at 35 �C)
has been investigated using several techniques such as infrared spectroscopy, UV-visible
spectrophotometry, and gel fraction measurements. Different photo-products resulting
from the photo-ageing such as alcohol, ketone, or acids as well as cross-linked network
were identified. The incorporation of TiO2 rutile and an azo dye into the matrix did not
modify the mechanism of photo-oxidation. However, they have a significant effect on the
kinetic of photoproducts accumulation. Both fillers protect the matrix from photo-
oxidation. TiO2 rutile, thanks to its inorganic coating at the surface, dissipates part of the
UV-visible radiation received by the polymer. The activity mechanism of azo dye consist-
ing of a combination of its function as an antioxidant and light absorber, presents a better
stabilizing effect compared with TiO2 rutile. [DOI: 10.1115/1.4005418]

Keywords: styrene butadiene rubber, TiO2 rutile, dye, fillers, photo-ageing

1 Introduction

Styrene butadiene rubber (SBR) is a versatile synthetic rubber
widely used for tires, belt, footwear, industrial products, and others
[1]. As many polymers, during their lifetime, they suffer from the
attacks of different external factors such as thermal, radiations,
rain, acid, or alkaline medium [2–5]. The degradation that occurs
implies a loss of properties and these materials become unsuitable
for their uses [6–8]. In fact, among these degrading factors, oxygen
and UV-visible radiations are known to degrade these materials by
a photo-oxidative ageing mechanism [9–12]. Moreover, SBR is
very sensitive to oxidative degradation due to the presence of weak
C-H bonds in a position of the double bonds of the diene units
[3,13,14]. The mechanism of degradation of pristine SBR has been
established [11,12]. It is the same than that of polybutadiene rubber,
showing that the presence of styrene group does not affect the
mechanism of photo-oxidation of SBR [15]. As in any nonabsorb-
ing polymer, defects or impurities act initially as intrinsic chromo-
phores, and radicals are formed in the material [16,17]. These
radicals attack the hydrogen atom in allylic position of the double
band and lead to an alkyl radical. Atmospheric oxygen reacts with
these latter leading to the formation of hydroperoxides. Hydroper-
oxides being photochemically and thermally unstable decompose
into alkoxy and hydroxyl radicals. These latter radicals can evolve
following several routes. They lead to the formation of oxygenated
photoproducts such as a, b unsaturated acids, due to the permeabil-
ity of oxygen through the film [2]. Stable products such as alcohol,
ketone, acid, and ester are also generated. Moreover, unsaturated

radicals could react with double bonds to form either ether bridge
or link between two polymeric chains by creation of C-C bond.
This leads to the formation of a three dimensional network by
crosslinking process. The oxidation mechanism and crosslinking
process for diene rubber lead to a physicochemical modification of
the matrix and a loss of mechanical properties [18,19].

Many additives could be incorporated inside the polymer and
can either protect the polymer or degrade it during ageing
[20–22]. For example, the incorporation of carbon black [23,24]
or TiO2 may play a role of UV absorber and protect the matrix
from photo-oxidative degradation [25–30]. Jubete et al. [31]
investigated the effect of talc filler and coated TiO2 pigment dur-
ing the photo-oxidation of carboxylated styrene butadiene rubber.
TiO2 significantly retarded the surface photo-oxidation evidenced
by a slow growth of the carbonyl absorption bands in infra-red
spectra. Alumina and zirconia form a barrier at surface of TiO2

acting as a space in which deactivation and recombination of elec-
trons and holes take place, this played a role of screen effect. The
presence of talc highlights a UV protective effect, but higher talc
level decreases the stability against photo-oxidation due to presence
of iron impurities. Stevenson et al. [32] studied the influence of
SiO2 fillers on the irradiation ageing of silicone rubbers. They
observed a higher crosslink density for filled elastomers since links
at the polymer-silica interfaces have been created as a result of irra-
diation. Concerning the influence of fillers during ageing of poly-
mers, no general trends can be concluded from the literature [32].

Many scientists devoted their research topics to the determina-
tion of the mechanism of stabilization or degradation of polymer
composites in the presence of some fillers such as TiO2, carbon black
or talc, but few articles dealt with the effect of organic dyes or the
effect of the association of fillers during photo-ageing [33].

The present work describes the influence of coated TiO2 rutile
and disazopyrazolone dye (used to impart colour to the material)
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on the photo-oxidation of SBR composites. A possible mechanism
of stabilization of the azo dye attributed to its properties of radical
traps is proposed based on the results of Ivanov et al. [34,35] and
Sabaa et al. [36,37].

2 Experimentation

2.1 Materials. Styrene butadiene rubber (5% of styrene
units, Molecular weight about 200,000 g/mol) was purchased
from Scientific Polymer Products (sp2). The purification of rubber
was done by soxhlet extraction in methanol at 125 �C during 24 h.
The polymer was then dried in vacuum oven at 60 �C during 24 h
to remove all traces of solvent. TiO2 rutile and azo dye were pro-
vided by Mondo S.A. Luxembourg and used without any further
purification. TiO2 used was a coated rutile form with a median
particle size between 1 and 3 lm. The coating is constituted by a
mixture of alumina and silica submitted to an organic treatment.
The inorganic coating forms a physical barrier (screen effect) and
organic layers provide dispersibility in polymer. The dye used
was disazopyrazolones group in Fig. 1.

SBR deposits were prepared by dissolving the polymer in tetra-
hydrofuran (THF) in presence and in absence of fillers. Thin
deposits of approximatively 40 lm were obtained by spin coating
a drop of each solution on KBr substrate. Three formulations were
prepared: neat SBR, SBRþ 5 phr dye, SBRþ 5 phr TiO2 rutile.

The main absorption bands of SBR are listed in Table 1 [2].
The insoluble fraction of the samples was evaluated by gravi-

metric measurements (gel fraction) for different times of irradia-
tion on SBR films. Thin, 80 lm, films were obtained by the
evaporation of polymer solutions prepared in tetrahydrofuran.

2.2 Photo-Oxidation. SBR deposits were exposed to UV-
visible irradiation in a Suntest device at 35 �C in the presence of
oxygen. This ageing device allows an accelerated ageing in artifi-
cial conditions relevant to natural ageing. It is equipped with a xe-
non lamp for irradiation at wavelength longer than 290 nm. A
black panel controls the irradiance at 400 W/m2.

2.3 Chemical Characterization. Infrared spectra were
recorded using a BRUKER Tensor 27. Spectra were obtained
using a summation of 32 scans and a resolution of 4 cm�1.

UV-visible spectra were recorded on a Perklin-Elmer model
lambda 35 equipped with an integrating sphere between 700 and
200 nm with slit of 2 nm.

Raman spectra were recorded using a Horiba Jobin Yvon-
LabRam microscope with a 5 mW He-Ne laser and a 50� objective.

After 120 h of ageing, SBR/dye composite film was immersed
in an excess of dimethylformamide solvent (DMF) for 48 h in a
sealed vial in the dark to extract the dye. The solution containing
the dye was then investigated.

2.4 Physical Characterization. The insoluble fraction of the
samples was evaluated by gravimetric measurements for different
times of irradiation. After each exposure time, 0.100 g of SBR
film was immersed into a glass tube with THF, a solvent of SBR.
The tubes were then hermetically sealed and hidden from the day-
light for 72 h. The gel obtained is filtered and dried until constant
weight. The gel fraction is defined as the ratio between the weight
of the dry gel after filtration and the initial weight of the sample in
Eq. (1) [38]

Gel fraction : Gf ¼
½Minsoluble�
½Mtotal�

� 100 (1)

3 Results and Discussions

3.1 Infrared Analysis of Composites Based
SBR. Irradiation of SBR composites under polychromatic light
obtained from Suntest xenon lamps (k> 290 nm, 400 W/m2,
T¼ 35 �C) in the presence of air, led to noticeable changes of the
IR spectra of the exposed samples. The IR spectra showed an im-
portant increase of absorbance in the carbonyl, hydroxyl, and
ether vibration domains and a significant decrease of the intensity
of the double bands absorption.

In the carbonyl region [1900–1500] cm�1 at weak conversion
degree (see Fig. 2), the photo-oxidation led to the formation of a
narrow absorption band with a maximum at 1697 cm�1 attributed
to a, b unsaturated acids [2,11,12] and a broader absorption band
with a maximum at 1717 cm�1. As photo-oxidation proceeds, the
intensity of this latter band increased and the band shifted, while
from 8 h, the band at 1697 cm�1 became more difficult to observe
in the IR spectra (see Fig. 2).

In the [1400–1000] cm�1, frequency range represented by very
complex C-O stretching vibration region, an increase of different
bands was noticed. Several maxima were noted in the different
spectra, such as 1060, 1175 cm�1. Absorption band at 1060 cm�1

has been assigned to crosslinking ether bridge [2,11,12]. The
absorption band matched that of an a, b-unsaturated ether
[2,11,12]. However, polyethers were known to be very oxidized
structures and Piton and Rivaton [2] suggested that this band fits
also with a, b unsaturated alcohols. The bands at 1175 cm�1 has
been assigned to lactone structures [2].

IR spectra for all samples showed the same photoproducts for-
mation during photo-oxidation (see Fig. 2.) The addition of fillers
such as TiO2 rutile and azo dye did not seem to affect the mecha-
nism of photo-oxidation of SBR proposed by Adam et al. [11,12]
and represented in Fig. 3.

However, one can notice that the kinetic of photo-products for-
mation was different.

The kinetic curves of SBR photo-oxidation are given in Fig. 4.
The kinetic of photoproducts formation at 1717 cm�1 (carbonyl
C¼O stretching mode considered as an indication of the degree of
oxidation [39]) and decrease of 966 cm�1 (unsaturation groups)
was followed as a function of the ageing time. After a slight
induction period, a rapid increase of the oxidation rate is
observed, before the absorbance values reached a quasi-stationary
state. The induction period was slightly longer in SBR composites
(10 h) compared with neat SBR (5 h). The presence of coated
TiO2rutile led to the decrease of the kinetic of carbonyl photo-
products formation, compared with neat SBR. This showed the
role of coated TiO2 in the protection of the matrix from the photo-
oxidation. Jubete et al. [31] who worked on the degradation of
carboxylated SBR composites at k> 254 nm in presence of coated

Fig. 1 Structure of disazopyrazolone orange dye

Table 1 Principal absorption bands in SBR

Wavenumbers (cm�1) Attribution

3073 CH of –CH¼CH2 vinyl
3006 C-H of CH¼CH2 cis
2918 C-H of –CH2

2844 C-H of –CH2

1639 C¼C
1437 CH2 of –CH2

966 CH of–CH¼CH- trans
911 CH of –CH¼CH2 vinyl
759 Aromatic ring vibration
728 CH of –CH¼CH- cis
700 Aromatic ring vibration

010903-2 / Vol. 134, JANUARY 2012 Transactions of the ASME

Downloaded 09 Jan 2012 to 194.57.146.6. Redistribution subject to ASME license or copyright; see http://www.asme.org/terms/Terms_Use.cfm

Publication 10/25



TiO2 pigment observed that TiO2 protect the matrix by absorbing
UV radiation. Moreover, TiO2 rutile particles present some UV
protective properties due to the energy of the band gap located in
the UV range [26].

By absorbing a wavelength below 385 nm, an electron in the
valence band is ejected to the conductive band, generating an
electron-hole pair. Normally, these two particles react with mole-
cules at the surface of TiO2 to form different radicals such as O��2

and �OH (see Fig. 5). The latter are very reactive and increase the
kinetics of degradation [26]. However, barrier coating on TiO2

particles traps electrons and holes and reaction (3) in Fig. 5 can
take place. In this case, these latter cannot promote the formation
of additional radicals, which would accelerate photo-oxidation
process, and coated titania play as an UV absorber that leads to a
protective effect.

An interesting fact was observed when disazopyrazolone dye is
incorporated to SBR. Indeed, Fig. 4 showed that the kinetic of
photoproducts formation was slower than that in presence of TiO2

rutile. The azo dye seems to be a better photostabilizer than TiO2

rutile from SBR matrix.
To elucidate the mechanism of dye light-stabilization, the dye

was extracted from aged SBR composite and was submitted to

different physicochemical characterization (IR and Raman spec-
troscopy, and LDI-ToF mass spectrometry.) The obtained results
were compared with those of pristine dye before and after expo-
sure to Suntest light during 120 h (see Fig. 6).

The results indicated that the fingerprint of the extracted dye
was the same that the pristine dye before and after ageing. No in-
dication of the photo-oxidation of the dye has been observed; con-
cluding that the industrial azo dye studied here is stable from
photo-oxidation process within the irradiation time range and
exhibits a protective effect from the matrix. The dye seems to
behave as an anti-oxidant from SBR during the photo-ageing.
Moreover, the UV-visible spectrum of the dye exhibiting a broad
absorption band between 200 and 600 nm, which did not change
during the irradiation. Since the azo dye strongly absorbs light in
the UV and visible region, the second important factor responsible
for its high effectiveness could be its screening capacity [34]. The
azo dye acts probably simultaneously by two mechanism: as an
anti-oxidant and as an absorber of light. This deduction is rein-
forced by the results obtained by Ivanov et al. [34,35]. Indeed,
Ivanov et al. investigated the effect of some azo compounds dur-
ing photo-oxidation on polydiene materials. They observed a pho-
toprotective effect of the azo compounds acting as inhibitor and

Fig. 2 FTIR spectra of carbonyl region of SBR (a) and SBR-TiO2 rutile deposit (b), evolution of
absorbance during photo-ageing
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absorber of light at relatively low concentrations compared with
ours. A mechanism of antioxidant photoprotection was suggested
to explain the inhibiting activity of the azo dyes [34,35]. The azo
compounds can react with peroxyl radicals (PO�2) produced during
photo-oxidation by transferring its labile hydrogen to the radical
to form a hydroperoxide and therefore disturb the cycle of oxida-
tion as follow (see Fig. 7): where PH is the polymer, InH is the in-
hibitor, in this case, the azo compounds and In� are represented in
Fig. 8.

Fig. 3 Different steps of SBR photo-oxidation [2,11,12]

Fig. 4 Kinetic of photoproducts formation at 1717 cm21 versus
irradiation time

Fig. 5 Reactions occurring at the surface of TiO2 particle in
the presence of UV light and O2
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The hydrogen on the carbon located on the a position to the
carbonyl group is the most labile atom, and, therefore, the most
sensitive to radical attack [36,37] (see Fig. 8). Sabaa et al. who
investigated the effect of pyrazolone derivatives as efficient
photostabilizers for rigid polyvinyl chloride (PVC), proposed a radi-
cal mechanism to explain their protective effect. They demonstrated

that the stabilizing efficiency of pyrazolone derivatives is attributed
to their radical trapping property, which takes place during the deg-
radation process of PVC, due to their ability to block newly formed
radicals on the polymeric chains. This leads to the disruption of age-
ing cycle.

In our case, we cannot imagine the same mechanism because
we did not detect oxidized dye. Indeed, the dye did not seem to
have reacted with oxygenated radicals to give rise to oxidized
dye.

3.2 Gel Fraction Measurement of Composites Based SBR
Matrix. IR spectra showed a significant decrease in intensity of
the absorption bands attributed to the three microstructures (1,4-
trans unsaturation at 966 cm�1, 1,4-cis at 728 cm�1, and 1,2-vinyl
at 910 cm�1) throughout photo-oxidation at k> 300nm, 35 �C. It
has been previously reported that the decrease of the double bonds
is due to the formation of network between polymer chains by
crosslinking [2,41].

The decrease in the concentration of the three microstructures
(1,4-cis, 1,4-trans, and 1,2-vinyl) has been reported to lead to a
plateau [2,11]. Adam et al. [11,12] have attributed the limitation
of the photo-oxidation to the decrease of permeability to oxygen:
In the irradiated sample, it was shown that oxygen no longer dif-
fused through the crosslinked surface layers [11]. Piton and Riva-
ton [2] have explained that the loss of unsaturation may occur
through a crosslinking process (see Fig. 9).

The gel fraction of SBR has been determined as a function of
irradiation time to investigate the crosslinked part. The evolution
of the insoluble fraction upon irradiation is represented in Fig. 10.
During the first 25 h of irradiation of neat SBR, a continuous
increase of insoluble fraction was observed. The ratio of the insol-
uble part increased up to a plateau corresponding to 100% of in-
soluble fraction. A good correlation between the decrease of
double bonds absorption and the gel fraction formation as a func-
tion of irradiation time was obtained. As the radiation time moves
forward, the concentration of the double bands decreased and, as a
consequence, the crosslinking density increased generating a
three-dimensional crosslinked insoluble and infusible network
(see Fig. 9). In Fig. 9 showed that only butadiene group was
involved in the crosslinking process.

The addition of fillers disturbed the formation of the crosslinked
network more or less depending on the nature of the filler. The
rate of formation of the insoluble fraction was slower in presence
of fillers and the ranking of filler’s effect was the same than oxi-
dized photoproducts formation: dyeþSBR<TiO2þSBR< neat
SBR. Three different slopes were observed in presence of fillers:
the first 5 h of irradiation was characterized by a very slow rate,
followed by a significant increase of the gel content. After that,
the ratio of the insoluble part increased up to a plateau corre-
sponding to 80% (in presence of TiO2 rutile) and 70% (in pres-
ence of dye) of gel content.

Fig. 6 Raman spectra of the dye before ageing (a), dye after
120 h of ageing (b), and dye extracted from 120 h aged SBR/dye
composite (c)

Fig. 7 Mechanism of action of antioxidant [34,35,40]

Fig. 8 Representation of pyrazolone radical inside the dye

Fig. 9 Proposed crosslinking mechanism of SBR [2,11,12]
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Moreover, a correlation between the evolution of the gel frac-
tion and the optical density of the double bands at 966 cm�1 dur-
ing irradiation time was made. The variation of the absorbance at
966 cm�1 in presence and in absence of fillers as a function of
irradiation time was presented in Fig. 11. First of all, the curves in
Fig. 11 showed clearly that the rate of disappearance of the double
bonds was much higher in neat SBR and slowed down in presence
of fillers following the same order as the rate of formation of gel
content (see Fig. 10): dyeþSBR<TiO2 rutileþ SBR< neat
SBR. The good correlation obtained between the decrease of dou-
ble bands (see Fig. 11) and the increase of insoluble part (see Fig.
11) was due to the fact that during ageing, loss of unsaturation of
a, b unsaturated products occurred through crosslinking [2]. As al-
ready described above, coated TiO2 protects the matrix from
crosslinking, and more generally, from photo-oxidation by absorb-
ing part of UV-visible radiation. In the case of azo dye, the photo-
protective effect is even much more important compared with
TiO2. The activity mechanism of this compound consisting of a
combination of its function as an antioxidant and light absorber,
disturbs the cycle of SBR ageing and therefore the crosslinking
network formation (see Fig. 9). In this case, the azo dye by influ-
encing the formation of radicals perturbs the crosslinking mecha-
nism showing a slower kinetic of network formation.

4 Conclusions

Mechanistic and kinetic aspects of the photo-oxidation of SBR
composites are established and discussed. Although, the mecha-
nism of oxidized products formation is similar to that of neat
SBR, the kinetic of the accumulation of the photoproducts is dif-
ferent as well as the rate of the generation of the crosslinked net-
work. Both fillers protect the matrix from photo-oxidation
although they are usually incorporated in the polymer to color the
material. TiO2 rutile thanks to the inorganic coating at the surface
dissipate a part of the UV-visible rays received by the polymer.
The activity mechanism of disazopyrazolone dye, consisting of a
combination of its function as an antioxidant and light absorber,
slows down the cycle of SBR ageing In fact, we observed a
decrease of photoproducts formation and a decrease of gel forma-
tion by crosslinking process compared with neat SBR. We pro-
posed a mechanism to highlight this protective effect. Moreover,
it is interesting to note that the protection from the matrix is better
than coated TiO2 rutile, which is known to be a good stabilizer for
polymer. The next work will be devoted to the photo-oxidation of
vulcanized composites based SBR. The evolution of physico-
chemical and mechanical properties of the composite rubbers will
be investigated.
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New plasticization ways based on low molecular plasticizers from citrates family were
investigated to improve the ductility of poly(lactide) (PLA). Grafting reactions between
anhydride-grafted PLA (MAG-PLA) copolymer with hydroxyl-functionalized citrate plasti-
cizer, i.e. tributyl citrate (TbC), were so-carried out through reactive extrusion. Tribu-
tylO-acetylcitrate (ATbC) was used as a non-functionalized reference. Both plasticizers
drastically decreased the Tg of PLA. However, the grafting reaction of TbC into MAG-PLA
revealed a shift of PLA Tg toward higher values. After 6 months of aging, no phase separa-
tion was observed. However, plasticizer leaching was noticed in the case of PLA/ATbC
materials, leading to the shift of Tg toward lower temperatures. In contrast, no major leach-
ing phenomenon was noticed in PLA/TbC and PLA/MAG-PLA/TbC blends, indicating that the
mobility restriction derived from the hydrogen bonding that can occur between PLA and
TbC as well as the grafting reaction of TbC into MAG-PLA enabled to reduce leaching
phenomena.

� 2011 Elsevier Ltd. All rights reserved.
1. Introduction

Poly(lactide) has received much attention in the
research of alternative biodegradable polymers [1–3]. Its
low toxicity, along with its environmentally benign charac-
teristics, has made PLA an ideal material for food packaging
and film wrap, as well as for other consumer products
[4–6]. PLA is characterized by excellent optical properties
and high tensile-strength but unfortunately, it is rigid and
brittle at room temperature due to its glass transition tem-
perature (Tg) close to 55 �C [2]. Previous works suggested
that the brittleness of PLA is due to the low entanglement
density (Ve) and the high value of characteristic ratio
(C1), a measure of chain stiffness [7,8], limiting its melt-
processability and its end-use mechanical performance. In
the frame of packaging materials a high ductility at room
. All rights reserved.

ssouna).
temperature is required and thus, there is no tolerance for
the polymer film tearing or cracking when subjected to
stresses during package manufacturing or use [2,9]. For
such application, other requirements include transparency
and low crystallinity. To improve the ductility of PLA-based
materials, a large number of investigations have been per-
formed to modify PLA properties via plasticization. How-
ever, an enormous number of variables, i.e. the nature of
the PLA matrix, the type and optimal percentage of plasti-
cizer, the thermal stability at the processing temperature,
etc. must be taken into account. Unfortunately, poor
mechanical properties are often reported and the relation-
ships between the thermo-mechanical properties and the
molecular parameters are far from being elucidated. In this
paper, we focus on the plasticizer type that is believed to
predominantly influence the final thermo-mechanical
properties of the modified PLA. Rather than lactide, many
kinds of ester-like plasticizers for PLA have been studied
such as bishydroxymethyl malonate (DBM) [10], glucose

http://dx.doi.org/10.1016/j.eurpolymj.2011.12.001
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Table 1
Properties of the used plasticizers [20].

Plasticizer Molecular
weight
(g mol�1)

Density
(g mL�1)

Solubility
parameters
(Jcm3)1/2

Tributyl citrate (TbC) 360 1.104 18.8
TributylO-acetylcitrate (ATbC) 402 1.046 18.7
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monoesters and partial fatty acid esters, citrates [11], etc.
However, the low molecular weight plasticizers have the
problem of migrating, owing to their high mobility within
the PLA matrix. Therefore, plasticizers with rather high
molecular weight and low mobility are suitable such as
poly(ethylene glycol) (PEG) [11–13], poly(propylene glycol)
(PPG) [14], atactic poly(3-hydroxybutyrate) (a-PHB)
[15,16] and oligoesteramide (DBM-oligoesteramide)
[10,17,18]. On the other hand, the choice of plasticizer used
as a modifier for PLA is limited by the legislative or techni-
cal requirements of the application, and in this context, its
selection becomes more difficult [10,18]. In fact, the plasti-
cizer used for PLA has to be biodegradable, non-toxic for
food contact (for packaging) and/or biocompatible (for
medical applications). In general, amounts ranging from
10 to 20 wt.% of plasticizers are required to provide both
a substantial reduction of Tg of the PLA matrix and adequate
mechanical properties. In sustainable issues, the preferred
plasticizer for PLA is biodegradable/bioresorbable, suffi-
ciently non-volatile, with a relatively low molecular weight
to produce the desired decrease of the Young’s modulus va-
lue and increase of the impact strength. Moreover, the addi-
tion of more that 20–30% (depending on the plasticizer) of
plasticizers into the PLA matrix leads to a phase separation.
The plasticization is thus limited by the amount of plasti-
cizer to be blended with PLA. Recently, we have developed
new ways of plasticizing PLA with low molecular poly(eth-
ylene glycol) (PEG) to improve the ductility of PLA while
maintaining the plasticizer content at maximum 20 wt.%
PLA [19]. The in situ reactive grafting of hydroxy terminated
poly(ethylene glycol) (PEG) plasticizer onto the maleic
anhydride modified PLA in PLA/PEG blends lowered
significantly the glass transition temperature compared to
the blends where no grafting could occur (neat PLA + PEG)
and had a positive impact on the mechanical properties.
Indeed, absence of yield peak was observed for PLA + 10%
MAG-PLA + 20% PEG. In the present work, we applied the
same strategy developed for the in situ reactive grafting of
hydroxy terminated poly(ethylene glycol) (PEG) plasticizer
into PLA to graft citrate plasticizers. The objectives of
the present study is to verify if the strategy consisting in
the grafting of a fraction of the plasticizer can be applied
to citrate family (tributylO-acetylcitrate and tributyl
citrate) to further improve the PLA ductility compared to
what is done so far, while maintaining the plasticizer
content at a maximum of 20 wt.% (to avoid phase separa-
tion). The strategy chosen consists in grafting a fraction of
hydroxyl-functionalized citrate plasticizer (tributyl citrate)
onto a PLA backbone by reactive extrusion in order to create
more interactions between the functionalized polyester
matrix and the remaining fraction of non-grafted
plasticizer.

To this end, a reactive blending of maleic anhydride-
grafted PLA (MAG-PLA) copolymer with hydroxyl-
functionalized TbC was performed. Physico-chemical, ther-
mal and mechanical properties of the extruded blends
were studied in order to assess the compatibility of the
plasticizer with the PLA. TributylO-acetylcitrate was used
as a reference as this plasticizer does not possess any
reactive group able to react with anhydride functions in
melt temperature.
2. Experimental part

2.1. Materials

Poly(lactide) (PLA) was provided by NatureWorks LLC
under the reference 4042D. (i) 2,5-Dimethyl-2,5-di-(tert-
butylperoxy)hexane organic peroxide (Lupersol 101), (ii)
maleic anhydride (MA) and (iii) tributylO-acetylcitrate
98% (ATbC) were purchased from Sigma–Aldrich. Tributyl
citrate 99 + %(TbC) was provided by Acros Organics. The
properties of the used plasticizers are listed in Table 1 [20].

2.2. Processing

All melt (reactive) blending were performed on a Leist-
ritz corotating intermeshing twin-screw extruder (L/
D = 45). The temperature profile was 160/180/180/180/
180/180/180/180/180/180 from the feed throat to the
die, and the melt temperature was 181 �C. The employed
screw speed was 80 rpm. A two-hole filament die, 3 mm
in diameter and equipped with a cooling sleeve, was
assembled to the extruder. PLA was dried overnight at
40 �C in a vacuum oven before processing. Dry TbC and
ATbC were used with any particular precaution.

Maleation of poly(lactide) (MAG-PLA) was carried out
by reactive extrusion. PLA, MA and Lupersol 101 (L101)
were hand-mixed together before extrusion.

The percentage of Lupersol added is based on a PLA
weight (0.5 wt.%), while 2 wt.% of MA (PLA basis) is chosen
for this maleation procedure [21]. Neat PLA and
PLA + 10 wt.% MAG-PLA are mixed, added at a rate of
2.0 kg/h to the feed zone and submitted to extrusion using
the same conditions than the grafting step. TbC or ATbC
plasticizers are introduced to the extruder using a cali-
brated pump. The contents of plasticizer (TbC and ATbC)
are chosen to be 10 and 20 wt.%, based on the total weight
of the mixture. Table 2 summarizes the composition of
each formulation.

For the mechanical study (tensile tests and dynamical
mechanical analysis), 110 � 110 � 4 mm3 plates of PLA
were compression-molded using a Carver laboratory press
and a specific rectangular mold. The procedure utilized
was as follows: (i) extruded PLA was first heated at
190 �C for 3 min, (ii) PLA was then compressed during
30 s with a pressure of 15 MPa and (iii) under the same
pressure (15 MPa) PLA was cooled by means of a room
temperature water circulation.

2.3. Characterization

Fourier transform infrared (FTIR), Nuclear Magnetic
Resonance (NMR), potentiometric titration and soxhlet



Table 2
Summary of (reactive) blending composition.

PLA (wt.%) Maleic anhydride (MA) (wt.%) Lupersol (L101) (wt.%)

Anhydride-grafted PLA (MAG-PLA) 97.5 2 0.5
PLA(wt.%) MAG-PLA(wt.%) TbC or ATbC(wt.%)

PLA + (TbC or ATbC) 90 10
80 20

PLA + MAG-PLA + (TbC or ATbC) 80 10 10
70 10 20
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extraction were used to characterize the efficiency of the
grafting reaction.

2.4. Fourier transform infrared spectrometer

Chemical structure modification of PLA was evaluated
by Fourier transform infrared spectroscopy (FTIR) using
the transmission mode. The signal was recorded from
400 to 4000 cm�1 with a Bruker Optics Tensor 27 spec-
trometer. This characterization was done on 100 lm-thick
films prepared by hot-pressing. To this end, samples with a
weight comprised between 20 and 30 mg were com-
pressed between two sheets of poly(tetrafluoroethylene)
(PTFE) Teflon films utilizing a Carver laboratory press
(temperature: 180 �C, pressure: 5 MPa).

2.5. Nuclear Magnetic Resonance

Nuclear Magnetic Resonance 1H NMR spectra were re-
corded on a Bruker AMX-300 apparatus at room tempera-
ture in CDCl3 at a sample concentration of 30 mg/0.6 mL.
All chemical shifts and coupling constants are reported in
ppm and Hz, respectively.

2.6. Potentiometric titration

The extent of maleation for samples grafted with MA can
be determined by titration [21]. Since the initial percent of
MA reacted is quite low (2 wt.%), it can be assumed that the
actual percent grafted onto the PLA backbone is very small.
A direct titration of these samples would probably be inac-
curate as a small discrepancy such as a contaminant could
result in a large error; therefore, a back-titration of the sam-
ple is necessary. A back-titration consists of adding a
known excess of base and then titrating the remaining base
with acid. The base reacts with both the maleated sample
and the acid. The amount of anhydride attached to the
PLA backbone can be then determined.

A potentiometric titration was done using a potentiom-
eter. A first-derivative analysis was used to determine the
equivalence point of the sample by the following method:
(1) remove unreacted MA by drying in a vacuum oven at
80 �C for 24 h; (2) dissolve 1 g of the sample (containing
a maximum of 2 wt.% MA) in 20 mL of CHCl3–MeOH
(5:1); (3) after 1 h or when the samples are completely dis-
solved, add 2.0 mL of morpholine solution (0.05 N in
MeOH); (4) let the mixture reacting for 10 min and (5) ti-
trate the samples with 0.01 N HCl using the autotitrator.
The HCl solution was titrated against a known NaOH stan-
dard. The morpholine solution was then titrated against
the HCl to get a blank reading. The calculation for deter-
mining the quantity of grafted anhydride is as follows:

%Anhydride¼ VmorNmor�VHClNHClð Þ�98:06 g mol�1

Wsample
�100
2.7. Size exclusion chromatography

Size exclusion chromatography (SEC) tests were con-
ducted with an Agilent Technologies series 1200 operating
with a differential refractive index detection and a linear
column (PLgel Mixed-D 5 and 3 lm, 200 Da < Mw < 200 k-
Da in chloroform 1 mL min�1). SEC analyses were carried
out to follow the evolution of the molecular weight of
PLA before and after grafting and upon melt-blending with
plasticizers. It is also to be noted that SEC tests were run at
room temperature (polymer concentration 2 mg mL�1).

2.8. Tensile tests

Tensile behavior of PLA was investigated by means of a
servo-hydraulic testing machine MTS 810 equipped with
the optical extensometer ‘‘VidéoTraction’’ (7 markers
mode). This special extensometer provided the true stress
– true strain curve of the materials at constant strain rate
of a representative volume element located in the center
of tensile specimens. Hence, the necking process was taken
into account in the measured mechanical behavior.
Mechanical tests were performed at the temperature of
23 �C and at the strain rate of 0.001 s�1. Rectangular tensile
specimens were machined from the 4 mm-thick plates
using a computer-controlled milling machine (CharlyRobot
CRA4). The calibrated zone of tensile specimens was a par-
allelepiped of 34 � 7.6 � 4 mm3. Note that the median re-
gion of the calibrated zone had a reduced width of
6.8 mm and a local radius of curvature of 15 mm to localize
necking process in this zone. Seven black ink markers were
carefully printed in the form of a cross on the front flat face
of the sample. More details about this method are given in
a previous paper [22].

2.9. Dynamic mechanical analyzer

The influence of the plasticizer on viscoelastic proper-
ties of PLA was analyzed by means of a dynamic mechan-
ical analyzer (DMA) Netzsch DMA 242 C. For this study,
we used 50 � 10 � 4 mm3 rectangular specimens ma-
chined from the compression-molded plates. They were
subjected to double cantilever mode of flexural loading
with a maximum displacement of 40 lm in the tempera-



Table 3
Molecular weights (Mn and Mw) of PLA-based samples.

Sample Mn

(g mol�1)
Mw

(g mol�1)
Polydispersity
index

PLA 77,300 94,350 1.2
PLA after extrusion 77,850 93,850 1.2
MAG-PLA 66,950 87,300 1.3
PLA + 10% MAG-PLA 73,600 90,550 1.2
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ture range �60–120 �C (rate 10 �C min�1) and a frequency
of 1 Hz.

2.10. Differential scanning calorimeter

Differential scanning calorimetry thermograms of PLA
were recorded by means ofa Netzsch DSC 204 F1 Phoenix
apparatus operating in inert atmosphere (nitrogen), and
with a heating rate of 10 �C min�1. The samples (10–
20 mg) were placed into alumina crucibles and were sub-
jected to the following temperature program: (i) a first
heating step from �100 to 200 �C, (ii) a cooling step from
200 to �100 �C and (iii) a second heating step from �100
to 200 �C. We report in this study results arising from the
second heating step since this second step is well-known
to remove the effect of the thermal history of a polymer.

2.11. Wide-angle X-ray scattering

We performed wide-angle X-ray scattering (WAXS)
experiments to investigate crystalline properties of the
materials. WAXS experiments were conducted on the as-
pressed 4 mm-thick specimens by means of an X’Pert Pro
MPD diffractometer from PANalytical, with a copper ka
radiation (1.54 Å) generated at 45 kV and 40 mA. We used
the transmission mode of the equipment on which was
mounted a parallel mirror (divergence slit 1/2�, antiscatter
slit 1/2� and soller slit 0.04 rad) as incident beam optic and
a PIXcel detector (antiscatter slit 1/32�, soller slit 0.04 rad)
as diffracted beam optic. The specimens were tested with a
revolution time of 4 s to put the higher number of planes in
diffraction position. The weight index of crystallinity of
PLA was measured from background-corrected curves as
the ratio of total crystalline peaks area to total scattering
area (calculation was performed by means of the software
PeakFit from Systat Software Inc.).

2.12. Thermogravimetric analyzer

Thermogravimetric analyses were performed with a on
a Netzsch TG 409 PC Luxx device operating in nitrogen
(80 mL min�1) and oxygen (20 mL min�1) environment in
alumina crucibles (150 mL) containing 20–25 mg of sam-
ple. The runs were carried out in dynamic conditions. They
were heated up to 600 �C at the constant heating rate of
20 K min�1.

2.13. Soxhlet extraction

The plasticizer was extracted from plasticized PLA using
soxhlet to determine the amount and the nature of the ex-
O

O
** n

OO O

RO., 

PLA

Δ

Scheme 1. Mechanism of reactive extrusion gra
tracted fraction. The samples were placed in a thimble-
holder that was gradually filled with condensed fresh
extractant (methanol) from a distillation flask. When the
liquid reached the overflow level, a siphon aspirated the
solute from the thimble-holder and unloaded it back into
the distillation flask, thus carrying the extracted analytes
into the liquid. This operation was repeated until extrac-
tion was complete. Solid fraction (PLA) was dried overnight
at 60 �C and weighed. Methanol was then evaporated from
the solution fraction and the obtained product was charac-
terized by FTIR and NMR.

3. Results and discussion

3.1. Reactive extrusion grafting and plasticizing of PLA

Grafting of MA onto PLA by reactive extrusion
(Scheme 1) was characterized by FTIR and quantified by
titration after elimination of the unreacted MA. The
amount of anhydride attached to the PLA backbone was
determined by back-titration. The addition of 0.5 wt.% of
L101 and 2 wt.% of MA to PLA leads to the melt-grafting
of 0.6 wt.% of MA. Moreover, the addition of MA has a slight
negative effect on the molecular weight of PLA. It leads to a
slight decrease of the number-average molecular weight
(Mn) from 77,300 to 66,950 g mol�1 (Table 3) [19,21]. This
step was already described in previous works and a graft-
ing mechanism of maleic anhydride onto PLA was accord-
ingly established [23].

The choice of the plasticizers to be used as modifiers for
PLA is limited by the requirements of packaging and med-
ical applications. Only non-toxic substances approved for
food contact can be considered in these applications. In
addition, the substance must be biodegradable. The plasti-
cizers chosen for the present investigation displayed good
plasticizing abilities when blended with PLA [20].

In order to react easily with the anhydride functions
grafted in resulting PLA chains and to improve the compat-
ibility with PLA, tributyl citrate (TbC) bearing a tertiary hy-
droxyl group was selected as plasticizer. TributylO-
ethylcitrate, free of hydroxyl group was also used in PLA
O

O
*nO

OO O

O

MAG-PLA

fting of maleic anhydride (MA) onto PLA.



Fig. 1. Zoom over FTIR spectra of PLA films before and after reactive
blending with TbC.
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plasticization to study the effect of the citrate covalent
grafting.

It was shown by FTIR that melt-blending TbC (10% or
20%) with PLA + 10% MAG-PLA leads to the grafting of a
fraction of TbC onto the anhydride functions. Indeed, a de-
crease of the absorption band intensity at 1850 cm�1 cor-
responding to anhydride functions is noticed, evidencing
the reaction between the anhydride functionalities and hy-
droxyl group of TbC (Fig. 1, Scheme 2). It is worth pointing
out that reaction between carboxylic anhydride and hydro-
xyl groups via esterification reaction represents a very effi-
cient reactive way for compatibilizing polymer blends [23].

The molecular weight characterization shows that the
melt blending of PLA or PLA + MAG-PLA with TbC or ATbC
did not affect the PLA molecular weight (Mn = 73,600
g mol�1) during processing. Therefore, under adequate
processing conditions, melt reactive extrusion and
melt-blending of PLA with TbC or ATbC does not induce
any significant drop of PLA molecular weight by thermal
degradation or hydrolysis of the polyester chains.

TGA measurements were also carried out on the differ-
ent formulations (Fig.2) to determine the impact of such
plasticizers on the thermal stability of PLA. Indeed, it is
believed that the choice of the most adequate processing
conditions (residence time, temperature, etc.) and of
thermally stable PLA compositions could lead to improved
end-use characteristics. TGA measurements reveals that
the decomposition temperature of the citrate plasticizers
is quite high (decomposition temperature at 50% weight
loss is about 330 �C) compared to the extrusion tempera-
ture (180 �C). The addition of citrates affects the thermal
stability of PLA at high temperature ranges (higher than
250 �C), which are not reached during processing. The
grafting of TbC into MAG-PLA does not influence the ther-
mal stability of the blends.

3.2. Thermal and physical characterization

Table 4 and Fig.3(a and b) summarize the thermal prop-
erties of neat, modified and blended PLA during the second
heating scan ranging from �100 to 200 �C . First it comes
out that DSC runs for the neat and modified PLA show that
the grafting of 0.6 wt.% anhydride functions onto PLA
chains does not modify significantly the thermal properties
of PLA [19]. It is also to be mentioned here that is all the
investigated materials, the melting enthalpy (DHm) of the
materials is about equal to the enthalpy of cold crystalliza-
tion (DHcc). This implies that all the investigated materials
are totally amorphous once the thermal history was re-
moved. Both PLA and MAG-PLA thermograms display a
shift in the signal baseline related to the glass transition
around 60 �C, an exothermic peak of cold crystallization
centered at 124 �C and an endothermic melting peak cen-
tered at 154 �C. The addition of 10% of MAG-PLA to PLA
does not influence the thermogram of PLA (not shown
here). However it is observed a slight increase of melting
enthalpy() from 18 to 21 J/g. When a plasticizer (TbC or
ATbC) is added to the blend PLA + 10% MAG-PLA, (i) Tg de-
creases from 60.5 to a minimum of 26 �C, (ii) Tcc decreases
from 126 to a minimum of 89 �C and (iii) Tm decreases
from 154 to a minimum of 149 �C with increasing the
amount of plasticizer up to 20 wt.%, while the melting en-
thalpy increases from 21 to 25–26 J/g independently of the
amount of plasticizer (note that the crystallization enthal-
py has the opposite tendency). Similar tendencies are ob-
tained when a plasticizer is added to as-extruded PLA.
Nevertheless, in the case of PLA/TbC systems, the decrease
of Tg and Tcc are more marked than in the case of PLA/MAG-
PLA/TbC systems. The DSC measurements did not reveal
any additional Tg at low temperature that could indicate
any phase separation within the blends, at least within
experimental errors.

As expected, the addition of plasticizer significantly de-
creases the Tg of PLA due to higher chain mobility. This ten-
dency does not depend on the type of plasticizer. When
TbC is melt blended with PLA in presence of MAG-PLA, a
reactive extrusion grafting of TbC onto the anhydride func-
tions occurs, leading to the decrease of the amount of free
TbC. The decrease of the amount of free TbC responsible for
PLA plasticization explains the shift of Tg toward higher
values in the case of PLA/MAG-PLA/TbC systems compared
to PLA/TbC systems. The decrease of Tcc is considered to be
directly related to the motion ability of the PLA chains. In-
deed, the increase of PLA chain motion due to the amount
of citrates (lower Tg) allows an easier rearrangement of the
polyester chains in order to crystallize. For instance, the
higher the concentration of citrate, the higher the motion
and the lower the Tcc,PLA. The evolution of Tcc is highly
dependent on the concentration, the nature and the pres-
ence of grafted plasticizer. The drop in Tcc observed in Ta-
ble 4 and Fig. 3a is found at lower values with an increasing
concentration of TbC or ATbC. In addition as it can be seen
in Table 4 and Fig. 3b the presence of PLA grafted TbC leads
to a slight increase of Tcc values compared to the PLA-g-
TbC-free blends. As aforementioned for Tg, the amount of
free TbC is lower is the case of PLA/MAG-PLA/TbC systems,
which leads to less chain mobility and hence an increased
Tcc compared to PLA/TbC systems. An increase of DHm can
be due to (i) the presence of higher amount of short chains
that contribute to the crystallization of PLA, (ii) crystalliza-
tion of PLA on cooling, weak enough not to produce a sig-
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nificant peak on a cooling thermogram, (iii) recrystalliza-
tion of PLA cold-crystallized crystals during post-crystalli-
zation heating in DSC. This is directly linked to an
increased mobility for short-range motion of the PLA
chains. As a consequence a large portion of the amorphous
phase got allowed to crystallize in the plasticized PLA [18].
This is demonstrated by the presence of shoulders in the
melting peaks of PLA blends (Fig. 4). At the same time,
the decrease of Tm can be related to the decrease in the
average lamella thickness. Therefore, the addition of plasti-



Fig. 2. TGA under N2/O2 flow of: (a) PLA + MAG-PLA + TbC and (b)
PLA + MAG-PLA + ATbC systems.
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cizer generates a higher number of lamellae but thinner
lamellae during the cold-crystallization step. It can be also
related to the fact that during melting in blends and
copolymers, in addition to the entropy increase as a result
of the transformation from an ordered crystalline state to a
more disordered melt state, there is another positive con-
tribution to the system entropy because crystallites of
one component melt into a mixed phase of both compo-
Table 4
Thermal features of PLA systems measured by DSC.

Material Tg (�C) T

PLA after extrusion (reference) 60 1
MAG-PLA 59.5 1
PLA + 10% MAG-PLA 60.5 1
PLA + 10% TbC 41 1
PLA + 20% TbC 26 1
PLA + 10% MAG-PLA + 10% TbC 44 1
PLA + 10% MAG-PLA + 20% TbC 30 1
PLA + 10% ATbC 42 1
PLA + 20% ATbC 26 1
PLA + 10% MAG-PLA + 10% ATbC 41 1
PLA + 10% MAG-PLA + 20% ATbC 26 1

Tg: glass transition temperature; Tm: melt temperature of PLA; Tcc: cold crystalliz
crystallization of PLA.
nents. This additional effect causes a depression of Tm in
comparison to that of a neat polymer or homopolymer
with crystals of the same thickness. It can be further com-
plicated by the fact that double melting exotherms indi-
cate possibility of thickening of crystals prior to melting.

The effect of the grafting of a fraction of TbC onto PLA on
the thermal properties of this latter is very different from
what was noted in the case of PEG grafting [19]. Indeed,
the in situ reactive grafting of PEG into MAG-PLA in PLA/
20% PEG blends showed a clear effect on the thermal prop-
erties of PLA. In this latter case, the Tg displayed by the
reactive blend was shifted to even lower temperatures at
around 14 �C, while the Tg of neat PLA blended with
20 wt.% PEG was about 23 �C. The behavior of PLA grafted
PEG chains (PLA-g-PEG) is completely different from the
chains grafted TbC. This discrepancy between PLA-g-PEG
and PLA-g-TbC behavior toward the evolution of Tg value
can be related to their respective conformations. Indeed,
we suspect a difference of conformation between PLA-g-
PEG and PLA-g-TbC that can have a direct impact on PLA
chain mobility. It is believed that PLA-g-PEG conformation
generates a lower mobility restriction via a higher free-vol-
ume of PLA chains than in the case of PLA-g-TbC [19].

WAXS diagrams of PLA and its derived blends are plot-
ted in Fig. 4. These tests were performed on the as-pressed
plates, which imply that we characterized specimens influ-
enced by the processing thermal history. Except for the
materials containing 20% of TbC or ATbC, no diffraction
peaks are observed, indicating that PLA is amorphous. For
the materials containing 20% of TbC or ATbC, one notes
the presence of crystalline peaks centered at 15.0�, 16.5�
and 18.9�, corresponding to the planes (010), (200)/
(110) and (203)/(113) of orthorhombic a phase [24,25].
We obtain a crystallinity of about 10 ± 2 wt.% for the crys-
talline PLA blends (in comparison with DSC results (Table
4), neat PLA, PLA + 10% TbC, PLA + 10% MAG-PLA + 10%
TbC, PLA + 10% ATbC and PLA + 10% MAG-PLA + 10% ATbC
are amorphous whatever the thermal history imposed to
the material. In contrast, the final crystallinity of
PLA + 20% TbC, PLA + 10% MAG-PLA + 20% TbC, PLA + 20%
ATbC and PLA + 10% MAG-PLA + 20% ATbC is sensitive to
the thermal history. Intrinsically, these four blends are
amorphous as shown by DSC (Table 4), but the presence
of a high content of plasticizer (20%) coupled with a spe-
m (�C) Tcc (�C) |DHm| � |DHcc| (J/g)

54 124 18
53 124 21
54 126 21
53 101 25
49 87 26
53 105 26
50 89 25
53 110 25
49 95 25
52 108 26
49 91 25

ation temperature of PLA; DHm: heat of melting of PLA; DHcc: heat of cold



Fig. 3. DSC thermograms recorded during the second heating step: (a)
plasticized PLA with TbC; (b) plasticized PLA with ATbC.

Fig. 4. WAXS diagrams of neat PLA and its derived blends, (a) PLA/MAG-
PLA/TbC systems and (b) PLA/MAG-PLA/ATbC systems.
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cific processing thermal history leads to the formation of
PLA crystals. This is due to the low Tg of these blends that
is equal to 26 �C (Table 4) and hence is near to room tem-
perature. Therefore, as suggested by Labrecque et al. [22],
crystallization occurs during the storage. The mechanical
properties of the blends were evaluated from materials
having the same thermal history than those investigated
by WAXS.

3.3. Mechanical properties

The effect of temperature on storage modulus, E0 and
loss modulus, E00 is shown in Fig. 5 and 6 for neat and plas-
ticized PLA. The dynamic mechanical measurements were
carried out at 1 Hz.

The Tg values are here defined as the temperature of the
maximum of the loss modulus, E00, obtained for a relaxa-
tion (associated with the glass transition) at the frequency
1 Hz.

Accordingly, neat PLA has a Tg equal to 60 �C and, as ex-
pected, all the plasticized PLA display a lower glass transi-
tion temperature compared to neat PLA. It is to be noted
that the systems PLA/TbC have a lower Tg than the systems
PLA/MAG-PLA/TbC due to a higher concentration of free
TbC. DMA results are hence in line with DSC results
(Table 4) regarding the evolution of Tg. In the tempera-
ture-dependent E00 curves of plasticized PLA with TbC and
ATbC, some phase separation occurs at low temperature
as highlighted by the presence of a small shoulder at
around 60 �C. However, the most interesting result is that
cold-crystallization processes are observed after the glass
transition relaxation. This is shown by the presence of sev-
eral low intensity peaks between 60 and 120 �C that con-
firms DSC results. The storage modulus curves for PLA/
TbC, PLA/MAG-PLA/TbC, PLA/ATbC and PLA/MAG-PLA/
ATbC samples display no secondary peaks at temperatures
around the respective Tg values of the neat plasticizers
(�89 �C for the plasticizers). The curves in Fig. 5 were thus
truncated at �60 �C. At the lowest investigated tempera-
ture, �60 �C, the plasticized PLA have a storage modulus
E0 ranging between 2450 and 3470 MPa, while that of neat
PLA is equal to 2500 MPa. With increasing temperature up
to the onset of glass transition relaxation, a 70% decrease of
the storage modulus of plasticized PLA is noted. In the
same temperature range, a much less marked decrease in
E0 occurs for neat PLA (17%). The storage modulus E0 mea-
sured at room temperature, 23 �C, is reported in Tables 5
and 6 for the studied materials. Neat PLA has a modulus
E0 that is equal to 2190 MPa. When 10% of TbC or 10% ATbC
are added to neat PLA, the storage modulus E0 increases.



Fig. 5. Temperature dependence of storage modulus E0 and loss modulus E00 for neat PLA (a, b, c and d), PLA/TbC and PLA/MAG-PLA/TbC blends (a and b),
PLA/ATbC and PLA/MAG-PLA/ATbC blends (c and d) DMA tests performed at 1 Hz.

Table 5
Mechanical features of neat PLA and plasticized PLA with TbC measured by DMA and tensile tests.

Material Storage modulus
E0 at 23� (MPa)

Tg by
DMA (�C)

Yield stress
ry

33 (MPa)
Yield strain ey

33
Ultimate
stress ru

33 (MPa)
Ultimate
strain eu

33

Neat PLA 2190 60 67.8 0.02 55.3 0.07
PLA + 10% TbC 2403 42 – – 38.5 0.025
PLA + 20% TbC 572 15 1.7 0.02 >65.6 >1.3
PLA + 10% MAG-PLA + 10% TbC 2564 44 – – 47.2 0.04
PLA + 10% MAG-PLA + 20% TbC 950 19 6.65 0.02 >60.0 >1.2

Table 6
Mechanical features of neat PLA and plasticized PLA with ATbC measured by DMA and tensile tests.

Material Storage modulus
E0 at 23� (MPa)

Tg by DMA (�C) Yield stress
ry

33 (MPa)
Yield strain ey

33
Ultimate
stress ey

33 (MPa)
Ultimate
strain ey

33

Neat PLA 2190 60 67.8 0.02 55.3 0.07
PLA + 10% ATbC 1970 47 49.0 0.02 17 0.2
PLA + 20% ATbC 1120 26 – – >70 >1.35
PLA + 10% MAG-PLA + 10% ATbC 1991 47 44 0.02 15 0.1
PLA + 10% MAG-PLA + 20% ATbC 1328 27 – – >63 >1.3
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The melt blending of 10% MA-grafted PLA (MAG-PLA) with
10% ATbC shows E0 slightly higher than that of PLA + 10%
ATbC, and the blend PLA + 10% MAG-PLA + 10% TbC exhib-
its a higher E0 when compared to PLA + 10% TbC. The
decrease of the amount of free TbC responsible for PLA
plasticization due to the grafting of a fraction of the



Fig. 6. True axial stress r33 as a function of true axial strain e33 for neat
PLA (a and b), PLA/TbC and PLA/MAG-PLA/TbC blends (a), PLA/ATbC and
PLA/MAG-PLA/ATbC blends (tensile tests performed at 23 �C and
10�3 s�1).
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plasticizer can explain the shift of E0 toward higher values.
The materials containing 20% of TbC or ATbC have the low-
est moduli E0 that are comprised between 572 and 950 MPa
and between 1120 and 1328 MPa, respectively. After the
glass transition relaxation, a weak but significant increase
of E0 occurs for the plasticized PLA. This process is linked
to the cold-crystallization also observed in temperature-
dependent E00 curves.

True tensile behavior of neat PLA and plasticized PLA
systems is collected in Fig. 5a and c, while the measured
characteristics (yield stress ry

33, yield strain ey
33, ultimate

stress ru
33 and ultimate strain eu

33) are listed in Tables 5
and 6. It is important to note that the accuracy of the opti-
cal extensometer used was not high enough in the initial
part of stress–strain curve to determine an elastic modulus
with sufficient precision. Neat PLA is characterized by a
high yield point (ry

33 = 67.8 MPa and ey
33 = 0.02) and after

this point is reached, a marked stress drop occurs until
the material breaks at an ultimate strain of 0.07. As a re-
sult, neat PLA has a limited viscoplastic stage. For materials
containing 20% plasticizer, it was not possible to record the
tensile curve above the axial strain 1.3 due to a destruction
of the markers. Indeed, if the markers break into several
parts, the image analysis procedure cannot be pursued
with the used version of VideoTraction. When compared
to neat PLA, plasticized PLA materials exhibit different ten-
sile behaviors. The blends PLA + 10%TbC and PLA + 10%
MAG-PLA + 10% TbC have a purely viscoelastic behavior
and hence does not display any yield point. The blends
PLA + 20% TbC and PLA + 10% MAG-PLA + 20% TbC are char-
acterized by a lower yield point comprised between 1.7
and 6.65 MPa and a longer viscoplastic stage (ultimate
strain >1.2) than neat PLA. However such a behavior is
close to that of a rubber, that is, purely viscoelastic.
Regarding PLA + 10% ATbC and PLA + 10% MAG-PLA + 10%
ATbC systems, one notes a decrease of yield stress from
67.8 to 44–49 MPa and an increase of ultimate strain from
0.07 to 0.1–0.2 in comparison with neat PLA. In the case of
PLA + 20% ATbC and PLA + 10% MAG-PLA + 20% ATbC, a
purely rubber-like behavior is obtained characterized by
viscoplastic stage, a very marked hardening and an impor-
tant viscoelastic stage (ultimate strain >1.3).

As shown by Fig. 5 and 6 and Tables 5 and 6, the visco-
elastic and viscoplastic behavior of PLA are drastically
influenced by the plasticization methodology. It is believed
that the materials PLA + 20% ATbC, PLA + 10% MAG-
PLA + 20% ATbC, PLA + 20% TbC and PLA + 10% MAG-
PLA + 20% TbC, i.e. the materials containing 20 wt.% of
plasticizers, are rubbery during the tensile tests performed
at 23 �C. This is due to the marked increase of chain mobil-
ity induced by the plasticization process. As a result, they
are mainly viscoelastic (no or little viscoplastic stage as is
the case for PLA + 20% TbC and PLA + 10% MAG-PLA + 20%
TbC), and exhibit an important hardening process and
elongation. This means that (i) these materials are rubbery
at 23 �C (glass temperature below 23 �C) or that (ii) the
glass transition of these materials is achieved during the
early stage of stretching. DMA results demonstrate that
the Tg of the materials containing 20% of plasticizer is com-
prised between 15 and 27 �C, which proves that the two
assumptions mentioned above are possible. It is to be
noted that DSC data (Table 4) provide higher glass transi-
tion temperature. This is due to the fact that relaxation
processes of polymers strongly depend on solicitation
mode (temperature, load + temperature, electrical
field + temperature. . .), solicitation rate or frequency and
the way how it is quantified from the experimental data
(peak position, inflection of the curve. . .). DSC and DMA
are techniques based on different solicitation modes and
hence their results cannot be compared. The other materi-
als, neat PLA and PLA containing 10% of TbC or ATbC, have a
brittle tensile behavior with no (PLA + 10% TbC, PLA + 10%
MAG-PLA + 10% TbC) or little (neat PLA, PLA + 10% ATbC
and PLA + 10% MAG-PLA + 10% ATbC) viscoplasticity. It is
also to be noted that neat PLA and PLA containing 10% of
plasticizer exhibit crazes, whose propagation and coales-
cence may be at the origin of the specimen fracture. It is
stipulated that the macroscopic stresses that are dissipated
locally can be due to a competition between chain orienta-
tion mechanisms and damage mechanisms by crazing. For
neat PLA or PLA containing a low amount of plasticizer, the
chain mobility is not high enough to induce stress dissipa-
tion by chain orientation. Damage mechanisms are hence



Fig. 7. Temperature dependence of storage modulus E0 and loss modulus E00 for unaged and aged PLA/TbC and PLA/MAG-PLA/TbC blends (a and b), PLA/ATbC
and PLA/MAG-PLA/ATbC blends (c and d) DMA tests performed at 1 Hz.
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promoted, which leads to a brittle tensile behavior. How-
ever, we did not expect that PLA + 10% TbC and PLA + 10%
MAG-PLA + 10% TbC would have exhibited less viscoplas-
ticity than neat PLA. As indicated by DMA results (Table
5 and Fig. 6a), these two materials have a higher elastic
modulus than neat PLA at 23 �C. The elastic modulus of
plasticized PLA, exceeding that of neat PLA, was reported
also in other papers [26]. This increase in matrix rigidity
is not due to a crystallization process since PLA + 10% TbC
and PLA + 10% MAG-PLA + 10% TbC are amorphous as the
neat matrix prior to tensile test, based on WAXS results.
The blends containing 10% of TbC are homogenous. We
think that the mobility of the plasticizer below Tg of the
blends is restricted by its interaction with PLA. The in-
crease of the storage modulus can thus be related to inter-
actions between the blends components on the molecular
level.

The PLA/TbC and PLA/ATbC samples were naturally
aged at room temperature (approximately 20 �C) for
6 months to investigate their morphological stability.
Fig. 7 displays storage and loss modulus as a function of
temperature to compare the aged and unaged blends.
The unaged blends (Fig. 7a, b, c and d) seem to be compat-
ible with PLA without any sign of phase separation. Indeed,
DMA results did not display any additional Tg that could be
attributed to the plasticizer as a consequence of phase sep-
aration. After 6 months of aging, Tg (associated with the
glass transition) of the blends PLA/TbC and PLA/MAG-
PLA/TbC remained quasi-constant overtime. Moreover, no
phase separation that could lead to the migration of the
plasticizer to the surface was observed by SEM images.
The fraction of TbC grafted into PLA does not seem to have
any influence on the aging of the materials. Hydrogen
bonding that TbC can generate via the –OH pending func-
tions with the ester groups of PLA should prevent from
the migration of the plasticizer to the surface and therefore
avoid the phase separation. Furthermore, in PLA/MAG-PLA/
TbC blends, the mobility restriction derived from the graft-
ing reactions between hydroxyl moieties from the tributyl
citrate and the anhydride moieties from MAG-PLA enabled
to reduce the leaching phenomena.

The PLA/ATbC samples, however exhibit an unexpected
effect on aging. Indeed, after 6 months of aging, the Tg is
shifted to lower temperatures, from 26 to 16 �C for
PLA + 20% ATbC and from 27 to 17 �C for PLA + MAG-
PLA + 20% ATbC. This behavior, considered as an aging ef-
fect, even though it led to an improvement of ductility,
can be explained by the fact that unlike TbC, ATbC does
not have any function capable of creating hydrogen bond-
ing with PLA, and being unable to be grafted onto PLA, will
follow the classical route of plasticizer aging. Indeed, since
Tg being at around room temperature, it provided an in-
creased segmental mobility PLA chains, allowing them to
rearrange and slowly to crystallize and therefore expulse
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a certain fraction of plasticizer. However, unlike what
could be expected, ATbC expulsed from the blend during
the crystallization process of PLA contributed to plasticize
even more the amorphous phase and therefore reduced
further the Tg. This is in correlation with SEM images that
confirmed that no phase separation occurred on aging.
4. Conclusion

New plasticization strategies were studied to improve
the ductility of poly(lactide) (PLA) following the use of
low molecular plasticizers from citrates family (tributylO-
acetylcitrate and tributyl citrate) for plasticizer content at
maximum 20 wt.% PLA. In this regard, the in situ reactive
grafting of hydroxyl-functionalized TbC with MAG-PLA
was carried out via reactive extrusion in PLA/TbC blends.
For sake of clarity, non-functional ATbC was used as a ref-
erence. FTIR analyses confirmed the grafting reactions be-
tween hydroxyl moieties from TbC and anhydride
moieties from MAG-PLA, leading to the decrease of the
amount of free TbC within PLA/MAG-PLA/TbC blends. As
a consequence, DSC measurements revealed the shift of
Tg toward higher values in the case of PLA/MAG-PLA/TbC
systems compared to both PLA/TbC and PLA/ATbC systems.
The temperature related with cold-crystallization of PLA
was also increased after grafting reactions, confirming this
restriction of mobility of as-grafted TbC. Moreover, WAXS,
DMA and tensile analyses confirmed that as-plasticized
PLA materials were amorphous at ambient temperature
whichever the plasticizers used.

After aging during 6 months at ambient temperature,
plasticizer leaching was noticed in the case of PLA/ATbC
materials, as shown by the shift of Tg toward lower tem-
peratures (as determined by DMA) for the corresponding
PLA materials. This was explained by the re-concentration
of plasticizers into the amorphous phase as well as the
cold-crystallization of PLA-based materials, therefore
reducing Tg. In contrast, in the case of PLA/TbC and PLA/
MAG-PLA/TbC blends, no major leaching phenomenon
was noticed, indicating that the mobility restriction de-
rived from the hydrogen bonding that can be generated be-
tween PLA ester groups and TbC hydroxyl functions as well
as grafting reactions between hydroxyl moieties from TbC
and anhydride moieties from MAG-PLA enabled to reduce
leaching phenomena.
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In the present work, in situ reduction of graphene oxide (GO) into graphene was preformed, after diffu-
sion in exponentially growing polyelectrolyte multilayers, using sodium citrate as the reducing agent.
First, the graphene oxide was obtained by treating a commercial grade of Expanded Graphite (EG). Based
on XRD and Raman spectroscopy results, a complete exfoliation of graphene nanopellets down to one
layer was achieved during the oxidation process. Secondly, the diffusion of GO was carried out in an expo-
nentially growing polyelectrolyte multilayer film made from poly(diallyldimethylammonium chloride)
as the polycation and from poly(acrylic acid) as the polyanion. Electrical conductivity of the GO based
films was measured during the reduction process as a function of time. The conductivity reached values
of the order of 10�4 S cm�1, whereas the pristine polyelectrolyte multilayer was highly insulating
(�10�8 S cm�1). The conductivity also reached a maximal value after about 24 h of reduction and
decreased for longer reduction duration. Some tentative explanations for this peculiar finding will be
given.

� 2012 Elsevier Inc. All rights reserved.
1. Introduction

Graphene is the ‘‘new star’’ in nanotechnology since its discovery
in 2004 and even more since the attribution of the Nobel Prize in
Physics to Geim and Novoselov in 2009. The success of this 2D mate-
rial is due to its high specific surface area (a theoretical value of
2600 m2 g�1), its mechanical properties, and electrical conductivity
(24 S cm�1 has been obtained for a powder issued from reduced
graphene oxide [1]).

Graphene finds applications in the design of supercapacitors [2],
in hydrogen storage [3], in magnetoconductive layers [4], and in
many kinds of sensors like pH [5] or glucose sensors [6]. But to
extend the properties of this fascinating material to large scale
applications, it needs to be produced in largely scalable manner.
Unfortunately, this is not possible using the micromechanical
cleavage technique or chemical vapor deposition which leads to
the best quality of graphene sheets, namely those having the
highest fraction of sp2 hydribized carbon atoms. Hence, most often,
graphene is oxidized to graphene oxide in solution using strong
oxidants to obtain graphene oxide (GO) before its subsequent
reduction to graphene sheets. Unfortunately, those sheets undergo
association in solution due to strong van der Waals and p–p
interactions. This makes the processing of the exfoliated graphene
ll rights reserved.
difficult. One way to overcome this problem is to use suited capping
agents establishing strong interactions with both the reduced
graphene sheets (GSs) and the solvent.

Besides strong reducing agents as hydrazine, hydrogen sulfide
and sodium borohydride, many recent papers describe the reduc-
tion of GO using soft organic molecules, like sodium citrate, ascor-
bic acid [7], or extracts from green tea [8] or even solvents like
pyrrole (reaction time and temperature were of 12 h and 95 �C,
respectively) [9]. In this latter case, the oxidation product of pyrrole,
most probably poly(pyrrole) was adsorbed on the surface of the GS
to allow for their stabilization. In a similar approach, dopamine can
be used as the reducing agent in basic conditions: dopamine is
oxidized to ‘‘polydopamine,’’ whereas GO is reduced to GS which
is capped with hydrophilic ‘‘polydopamine’’ [10].

The chemistry of GO as well as the emerging methods to produce
monodisperse graphene dispersions has been recently reviewed
[11,12].

Since graphene (G) becomes now available in large scale
amounts, one of its major interests comes in its incorporation as
a nanofiller in composite materials. A polystyrene-G composite
reaches a percolation threshold for electrical conductivity at only
0.2% in mass fraction [13].

An interesting method to produce composite films with high
control of the content of the inorganic filler as well as its
distribution within the composite is the Layer-by-layer deposition
(LBL) of charged polymers and oppositely charged inorganic fillers

http://dx.doi.org/10.1016/j.jcis.2012.03.054
mailto:vincent.ball@tudor.lu
http://dx.doi.org/10.1016/j.jcis.2012.03.054
http://www.sciencedirect.com/science/journal/00219797
http://www.elsevier.com/locate/jcis
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[14]. Polyelectrolyte multilayered films (PEMs) made using the
Layer-by-layer (LBL) deposition method [15] made from 10 layer
pairs of poly(diallyldimethylammonium chloride) (PDADMAC)
and from graphite oxide (GO) had a resistance of 32 MX between
2 mm separated parallel gold stripes. Upon reduction of GO in G
in the presence of hydrogen as the reducing agent, the resistance
dropped to 12 kX [16].

Many other attempts have been made to incorporate G [17] or
even GO [18] in PEM films. A spectacular increase in the elastic
modulus from 1.5 GPa for a pristine film up to 20 GPa, as measured
in a bulging test, was obtained by incorporating a single layer of GO
by means of Langmuir–Blodgett deposition (at a surface pressure
of 0.5 mN m�1) in between a lower (PAH–PSS)9–PAH stratum and
an upper symmetrical (PAH–PSS)9–PAH film. The Langmuir–Blodg-
ett deposition method offered the advantage to obtain nonaggre-
gated graphene sheets, an optimal situation for the improvement
of mechanical properties. Such a remarkuable improvement in
the mechanical properties for free standing membranes only
50 nm in thickness was reached with only 3–8% of the film’s vol-
ume due to GO.

However, to our knowledge, the possibility to load PEM films
with GO by single diffusion of the platelets in the films has not
yet been investigated. The feasibility of this concept has been
shown for the incorporation of zero-dimensional CdTe nanoparti-
cles [19] and one-dimensional carbon nanotubes [20] in films
made from PDADMAC and poly(acrylic acid). Herein, we wish to
check whether this concept holds true for quasi 2D materials,
namely GO. We also wish to provide some electrical conductivity
to the insulating and highly swollen (PDADMAC–PAA)n films by
in situ reduction of the incorporated GO.
2. Experimental

2.1. Deposition of PEM films

PDADMAC (ref 409014 from Aldrich, MW between 1 and 2 �
105 g mol�1) was dissolved in MilliQ water (q = 18.2 MX cm,
Millipore) at a concentration of 0.5%, whereas PAA was dissolved
in water which pH was previously adjusted to 3 ± 0.1 with diluted
hydrochloric acid. The PEM films were deposited on cleaned quartz
slides (Thuet, Blodelsheim, France) by alternated dipping in the
polycation (PDADMAC) solution, in water, in the polyanion
solution (PAA), and in water. Such a dipping cycle leads to the
deposition of one ‘‘layer pair’’. The whole film is made from the
deposition of n such ‘‘layer pairs’’. At the end of the deposition,
the film was dried in an oven at 80 �C overnight.

Each dipping and rinsing step lasted over 1 min as in a previous
investigation [19].
2.2. Preparation of GO suspensions

In the present method, the graphene oxide is obtained by treat-
ing a commercial grade Expanded Graphite (EG) supplied by ECO-
PHIT G [21].

The expanded graphite powder (20 g) is placed into cooled con-
centrated H2SO4 (460 mL) at 0 �C and stirred for about 30 min.
KMnO4 (60 g) is added gradually with stirring and cooling, so that
the temperature of the mixture is not allowed to reach more than
20 �C. The magnetic stirring is then kept for 30 min. The reaction
between H2SO4 and KMnO4 leads to the formation of metal and
sulfate ions which help in exfoliating the EG layers [11]. The mix-
ture is then stirred at 35 �C for more than 30 min, and deionized
water (920 mL) is gradually added. After 60 min of stirring, the
reaction is terminated by the addition of a large amount of deion-
ized water (2.8 L) and 30% H2O2 solution (50 mL), causing violent
effervescence and an increase in temperature up to 100 �C, after
which the color of the suspension changes to bright yellow. The
suspension is then washed with 1:10 HCl solution (5 L) in order
to remove metal ions by filter paper and funnel. The paste collected
from the filter paper is dried at 60 �C, until it becomes an agglom-
erate. This agglomerate is dispersed into deionized water in static
state for 2–3 h and slightly stirred by glass bar. The suspension is
washed with much deionized water several times until the pH
reaches a value of 7. The paste collected is dispersed into water
by ultrasonication for about 1 h. The obtained brown GO hydrosol
is then subjected to centrifugation at 4000 rpm for 30 min in order
to remove any unexfoliated GO.

Sulfuric acid (H2SO4) (95–98%), potassium permanganate
(KMnO4) (327mesh, 97%), and hydrogen peroxide (H2O2) (30%,
p.a P 30%, RT) were all purchased from Sigma Aldrich and used
without further purification. Fuming hydrochloric acid (HCl)
(37%) was purchased from Merck.
2.3. In situ reduction of GO in the PEM films

PEM films are placed in 25 mL GO (0.1 mg/mL) for a period of
incubation of 24 h. The time of incubation has been optimized
using UV–visible spectrophotometry.

The loaded PEM films with GO are then immersed in 25 mL of
sodium citrate (4.65 � 10�3 mol L�1) solution for different reaction
times starting from 3 h up to 72 h at 80 �C and under reflux.
2.4. Characterization methods

X-ray photoelectron spectroscopy measurements were carried
out with a SPECS spectrometer (Hemispherical Energy Analyzer
PHOIBOS 150). A focused monochromatic Al Ka source (hm =
1486.7 eV) was used, operating at 200 W with an anode voltage
of 12 kV. The full width at half maximum (FWHM) of the Si2p line
was of 0.75 eV under the recording conditions. The pressure in the
analysis chamber was set at 5.10�9 mbar. The analyzed area was of
3 mm � 1 mm, and all measurements were carried out with a 0�
takeoff angle with respect to the normal direction of the surface.
The pass energies were set to 80 eV and 20 eV for survey and high-
er resolution scans, respectively. The binding energy scale was cal-
ibrated from the carbon contamination using the C1s peak at
284.6 eV. Core peaks were analyzed using a nonlinear Shirley-type
background.

Atomic force microscopy was performed with a Pico SPM
microscope in the tapping mode and in air. The scanning frequency
of the cantilever was of 1 Hz and all images were acquired with a
resolution of 512 � 512 pixels. The cantilever tips were in silicon,
and the cantilevers had a spring constant of 10 mM m�1 as indi-
cated by the furnisher. The films were needle scratched before
imaging in order to evaluate their thickness and surface roughness.

Conductivity measurements were performed in a 4 point con-
figuration with an Ecopia HMS-3000 device applying a magnetic
field of 0.54 T for the Hall effect measurements. The applied cur-
rents were of 5 � 10�9 A in all our experiments. This means that
for a film thickness of about 500 nm, an electrode to electrode dis-
tance of about 1 cm and a conductivity of 10�4 S cm�1, the maxi-
mal applied electric field is of the order of 1 V cm�1.

Raman scattering experiments were performed at room tem-
perature with a LabRam spectrometer (Horiba JobinYvon). All spec-
tra were recorded in backscattered geometry using a diffraction
grating with 1800 grooves mm�1. A spectral resolution of 1 cm�1

was achieved. Both incident and scattered beams were collected
through an Olympus confocal microscope using a 100� objective
lens (NA = 0.9). Rayleigh scattering was blocked with a holographic
Notch filter. The laser excitation wavelength was 514 nm, and the



Fig. 2. C1s core XPS spectra of EG and of GO.
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laser power was less than 2 mW to avoid sample damage. The sam-
ples were analyzed without any further preparation.

The structural modification of EG to GO was also investigated by
Fourier transform infrared Spectroscopy (FTIR) in the transmission
mode. The signal was recorded from 400 cm�1 to 4000 cm�1 with a
Bruker Optics Tensor 27 spectrometer. This characterization was
done on powdered GO flakes incorporated in KBr pellets.

UV–visible spectroscopy in the absorption mode was carried on
a PerkinElmer Lambda 35 UV spectrophotometer to analyze the
PEM films and the composite PEM–GO films. The spectrophotome-
ter was fitted with one Deuterium lamp (190–400 nm) and one
Tungsten lamp (400–1100 nm).

X-ray diffraction (XRD) experiments were performed with an
INELFRANCE diffractometer. Samples were scanned in the reflec-
tion mode using the Cu Ka1 radiation (wavelength: 1.5405 Å).

3. Results and discussion

3.1. Preparation of graphene oxide

Graphene oxide obtained by treating a commercial grade Ex-
panded Graphite (EG) was characterized using several techniques.
In a qualitative manner, oxygen-containing functional groups are
most apparent in the FTIR spectra of GO with respect to that of
the EG precursor powders. The spectrum of EG displays only few
skeletal vibrations from the graphitic domains (Fig. 1). In contrast,
Fig. 1 shows the appearance of new absorption bands after oxida-
tion of EG. The band at 1706 cm�1 corresponds to the stretching
vibrations from carbonyl groups (C@O), and the band at
1225 cm�1 is attributed to the stretching vibration mode of the
OAH band of COAH [22].

XPS analysis performed on EG and GO allowed to confirm the
observations made by FTIR, namely a strong oxidation. Initially,
the C1s spectrum of EG (Fig. 2) indicates only the skeletal vibra-
tions from graphitic domains as sp3 peak, and the aromatic do-
mains as sp2 peaks due the graphitic structure. However, the C1s
spectrum for GO (Fig. 2) indicates a considerable degree of oxida-
tion with four spectral components that correspond to carbon
atoms in various redox states: the presence of CAC or CAH bonds,
the C atoms present in CAO bonds, the carbonyl C@O, and the car-
boxylate carbon atoms (OAC@O) [23]. Although the C1s XPS spec-
trum of EG (Fig. 2) also exhibits these same oxygen functionalities,
their peak intensities are much smaller than those observed in GO.

Raman spectroscopy is strongly sensitive to the electronic
structure of carbon structures and it has proven to be a crucial
technique to characterize graphite and graphene like materials
[11]. During the transition from graphite to graphene, there are a
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Fig. 1. Infrared spectra of EG and GO. The attribution of the main bands of GO is
discussed in the text.
large number of defects appearing in the 2D structures. The
appearance of such defects and disorders can be observed by using
Raman spectroscopy. Tuinstra and Koenig [24] had first pioneered
the Raman spectra for nanocrystalline graphite, commonly known
as graphene. They reported the so-called G and D peaks lying
around 1580 cm�1 and 1380 cm�1.

The G peak corresponds to the E2g phonons located at the center
of the first Brillouin zone. The D peak is due to the breathing mode
of sp2 rings and requires a defect for its activation [25]. Fig. 3 shows
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Fig. 3. Raman spectra of EG and of GO.



10 15 20 25 30 35 40
100

200

300

400

500

600

700
In

te
ns

ity
 (a

.u
)

2 Theta/degree

 EG
 GO

Fig. 4. X-ray diffractograms of EG and GO powders measured in the reflexion mode.

Fig. 5. Evolution of the absorbance (at k = 500 nm) of a (PDADMAC–PAA)15 film
when put in contact with a solution containing 0.1 mg mL�1 of GO at pH 7.0 as a
function of time. The pictures have been taken on a given quartz plate covered with
a PEM film, put in contact with the GO solution for a time t and then dried in an
oven at 60 �C before taking each picture.
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the Raman spectra for EG and GO normalized by considering that
the staking structure (G band) for both EG and GO remains the
same. The Raman spectrum of GO shows that the G band is broad-
ened and is shifted from 1577 to 1590 cm�1 In addition, the D band
at 1341 cm�1 becomes prominent, indicating the size reduction of
the sp2 domains possibly due to extensive oxidation. A weak
smeared 2D band along with the D + G combination bands induced
by disorder at around 2752 and 2939 cm�1 is also observed in the
GO sample as a result of second order features, whereas EG has
only a low intensity narrow peak at the G band position.

When compared with EG, observation of such distinct Raman
peaks in the GO sample reflects that some defects arise along the
transformation from EG to GO. Specifically, the intensity of the G
and the D bands increases and the G band shifts to higher frequen-
cies as already described in the literature [26].

X-ray diffraction patterns are used to further study the struc-
tural changes in EG after its oxidation process. GO is formed when
the layers of EG/Graphite are exfoliated to such extents that the
weak forces existing between them are destroyed completely.
Hence, as a prerequisite for the synthesis of GO, it was required
to destroy the crystalline nature of EG. Then, the successful conver-
sion of EG to GO can be followed by X-ray diffraction. Fig. 4 shows
powder XRD diffractograms of EG and GO. EG is characterized by a
strong 002 peak centered at 2h = 26� [27]. After its oxidation, the
obtained GO powder displays a diffraction pattern where all the
graphitic peaks are suppressed. The loss of the out-of-plane reflec-
tion in GO is attributed to the complete rupture of all Van Der
Waals forces existing between the layers of the initially used EG.
Indeed, the appearance of oxygen-containing functional groups at-
tached on both sides of the graphene sheet (carboxylate, hydroxyl,
and epoxide moieties) distorted the carbon networks. In contrast,
several authors have proved the existence of a broad peak at
around 2h = 10� corresponding to an average interlayer spacing of
�0.9 nm, corresponding to a graphite oxide composed of around
three layers [27]. Thus, it can be concluded from the XPS and
XRD data that a complete exfoliation of graphene nanopellets
down to one layer is achieved during the oxidation process. To
our knowledge, this was unobserved so far in the literature. Such
one layered GO sheets are well suited to interact with polyelectro-
lyte multilayers displaying anion exchange capacities as the
(PDADMAC–PAA)n films [19].

3.2. In situ reduction of GO in polyelectrolyte multilayers

The GO suspension at 0.1 mg mL�1 was allowed to interact with
PEM films made from the alternated deposition of PDADMAC and
PAA. Such films are highly swollen and allow for the incorporation
of either cadmium telluride nanoparticles capped with thioglicollic
acid [19] or carbon nanotubes [20]. The loading of GO in the PEM is
well confirmed by the UV–Vis spectra (Fig. 5) as well as by a single
observation of the PEM coated glass slides (insets of Fig. 5). To opti-
mize the film for maximum loading of GO, the UV–visible analysis
is carried out after every hour. Note that the absorbance at
k = 500 nm initially decreased when the PEM film was put in con-
tact with a solution containing 0.1 mg mL�1 of GO, before increas-
ing again in parallel with a marked change in color. The initial
decrease in absorbance may be due a structural change in the film
which was of milky appearance after its deposition and drying in
an oven. This structural change will be confirmed later on by
means of atomic force microscopy. The optimal time to reach com-
plete filling of the (PDADMAC–PAA)15 films followed by UV–vis
spectroscopy was found to be of 24 h. The fact that the absorbance
does not increase anymore after 24 h does not mean that the film is
homogeneously filled with GO through its whole thickness. In a
previous investigation, it was shown by means of laser confocal
scanning microscopy (LCSM) that cadmium telluride nanoparticles
fill (PDADMAC–PAA)100 films in an homogeneous manner at the
resolution of LCSM, namely about 1 lm [19]. Unfortunately, such
an investigation is not possible with GO which does not display
fluorescent emission and for films as thin as (PDADMAC–PAA)15.
In a future investigation, we will investigate the distribution of
GO in similar but thicker PEM films by means of confocal Raman
microscopy. This is important because the distribution of GO
through the film thickness is important for the control of its elec-
trical conductivity.

AFM topographies of the (PDADMAC–PAA)15 films reveal the
presence of doughnut structures in the film (Fig. 6a). Such dough-
nuts are not an exceptional case in polyelectrolyte multilayer films.
However, their formation entirely depends on the experimental
conditions of film growth [28]. The appearance of such nonuniform
doughnuts (micron sized-rings) in our experiment could contrib-
ute to the diffusion of GO in the film.

The average thickness of the film made from 15 layer pairs is
around 600 nm as measured by AFM before interaction with the
GO containing solution (Fig. 6b). The morphology of the PEM films
was profoundly modified during the incorporation of GO. Indeed,
Fig. 6c shows an AFM topography obtained after 24 h of contact
between the GO solution and the film; it shows a decrease in the



Fig. 6. AFM topographies of (PDADMAC–PAA)15 films before (a) and after 24 h of exposure to a solution at 0.1 mg mL�1 in GO (c). (b) and (d) correspond to the average of 30
line scans of the topographies represented in (a) and (c), respectively. The extreme of these lines are represented in white in (a) and (c). The films have been needle scratched
before imaging. The scratched region corresponds to the right part of the images.

F. Hassouna et al. / Journal of Colloid and Interface Science 377 (2012) 489–496 493

Publication 12/25
number of doughnut structures and an the increase of their size.
Hence, the interaction of GO with the PEM film induces a profound
structural modification thereof. In addition, a partial film erosion
and a smoothening effect are observed as the average film thick-
ness decreases after exposure to the GO solution for 24 h. Indeed,
the mean squared roughness decreases from 45 to 39 nm after
incubation in the GO solution during 24 h (Fig. 6d).

In situ reduction of the incubated GO in PEM film has been
carried out using sodium citrate (4.65 � 10�3 mol L�1) at 80 �C.
The electrical conductivity of PEM–GO films has been measured
during the reduction process as a function of time (Fig. 7). The con-
ductivity of the PEM films upon incorporation of GO increased
from (2.6 ± 1) � 10�8 S cm�1 for the pristine film to (5 ± 1) �
10�6 S cm�1 after 24 h of contact with the GO suspension, the time
duration required to ensure optimal filling of the film with GO
(Fig. 5). The subsequent treatment of the PEM–GO film with
sodium citrate (4.65 � 10�3 mol L�1) at 80 �C allowed for an
increase in conductivity up to a few 10�4 S cm�1 after few hours
of reduction (Fig. 7). When several successive measurements are
preformed on the same film, the conductivity values fluctuate
within ±25% around the average value, but without a systematic
drift in the direction of a conductivity decrease or increase. This
stability in the conductivity measurements suggests that the small
applied electric fields (about 1 V over a distance of 1 cm, in the case
where the films are 500 nm thick and display a conductivity of
about 5 � 10�5 S cm�1) are not sufficient to induce some structural
changes and some migration of charged species inside of the PEM
films.

It would have been interesting to relate the obtained conductiv-
ity values to the mass fraction of GO in the film as in other studies
[13]. Unfortunately, analysis by thermogravimetry was not possi-
ble owing to the difficulty to obtain a mass of PEM film sufficient
to reach a minimal value of 5 mg.

Surprisingly, higher contact times of the film with the sodium
citrate solution, more than 24 h, induced a decrease in the film’s
conductivity. It has to be noted that the film did not dissolve upon
this prolonged reduction time in the hot sodium citrate solution as
shown by means of AFM (data not shown) and single visual inspec-
tion of the quartz substrate. Since citrate anions will be trans-
formed into acetone dicarboxylic acid in the conditions employed
in this investigation (80 �C under reflux for up to 72 h) and that this
anionic molecule may change the structure of the PEM film, we



Fig. 7. Evolution of the conductivity with reduction time (in the presence of sodium
citrate at 4.65 � 10�3 mol L�1 and at 80 �C) for (PDADMAC–PAA)15 films loaded
with GO during 24 h an measured with the 4 point technique. The error bars for the
conductivity on the pristine film is about ±1.10�8 S cm�1, it is of about
±2.10�6 S cm�1 in the case of the films put in the presence of GO and hot sodium
citrate. Hence, the relative standard deviation is of the order of 20% for each data
point. Each data point corresponds to an individual experiment and the quartz
substrates used for each conductivity measurement were not incubated in the
sodium citrate solution anymore.
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cannot exclude that the changes in conductivity observed in Fig. 7
are simply due to the contact of the film with sodium citrate.
Hence, we performed some control experiments in which the con-
ductivity of the PEM films, not put in the presence of GO, was mea-
sured as a function of the interaction time with a sodium citrate
solution (at 4.65 � 10�3 mol L�1 and 80 �C). No measurable change
in conductivity was found after rinse with water and drying of the
film, for all reaction times in between 1 and 72 h. This shows that
the conductivity changes observed in Fig. 7 are related to some
transformations undergone by the incorporated GO.
Fig. 8. Evolution of the Raman spectra of (PDADMAC–PAA)15 films loaded with GO durin
function of time (24, 36, 48 and 72 h of reduction). The D and G bands are labeled, wherea
of the ID/IG ratio (d, left hand scale), as calculated from the spectra, in parallel with the
To try to understand this nonmonotonous but reproducible
change in the conductivity of the PEM–GO film as a function of
the reduction time in the presence of sodium citrate solution, we
performed some Raman spectroscopy measurements of the GO
loaded films. This spectroscopic technique allows to follow the de-
gree of reduction of GO by a measurement of the intensity ratio be-
tween the D and G bands (Fig. 8) [29]. It has to be noted that
Raman spectroscopy was the only method allowing us to show
in situ a partial and progressive reduction of GO in the PEM films.
We could not use XPS spectroscopy for this aim because of the
simultaneous presence of citrate anions and carboxylic groups
from the used polyanions in the PEM film. Both species would con-
tribute to the C1S core spectrum impeding to investigate the trans-
formation of GO into graphene as shown for GO in solution (Fig. 2).

The ID/IG ratio increases during the first hours of GO reduction
in the presence of sodium citrate solution which is indeed expected
to occur during the reduction of GO. Each point in Fig. 8 corre-
sponds to an individual PEM film loaded with GO during 24 h
and put in contact with the hot sodium citrate solution during a
time duration t. After 24 h, a sharp decrease of the ID/IG ratio is
noticed.

A good correlation between the variation of the ID/IG ratio and
the electrical conductivity as a function of reduction time is ob-
served (Fig. 8). We now try to propose some mechanisms allowing
to explain the simultaneous occurrence of a maximum in electrical
conductivity and in the ID/IG ratio during the incubation of the
(PDADMAC–PAA)15 films loaded with GO in a hot sodium citrate
solution. The increases of the electrical conductivity during the
first 24 h of reduction can be explained by the reduction of GO in
presence of sodium citrate as confirmed by Raman analysis. So-
dium citrate as a weak reducing agent allows for a partial reduc-
tion of GO, leading to a significant improvement of the
conductivity by two orders of magnitude (Fig. 7). However, as
the reduction time increases, sodium citrate has tendency to act
as a surfactant for rGO and therefore limits the achievement of
large scale contacts between adjacent G domains. In this case,
the conductivity would reach a constant value and should then de-
crease for increased reduction times. This explanation is straight-
forward in the case of the conductivity data but is not obvious in
g 24 h and put in the presence of sodium citrate (4.65 � 10�3 mol L�1) at 80 �C as a
s the 2D bands (2600–2800 cm�1) are very weak. The inset represents the evolution
evolution of the film conductivity ( , right hand scale).
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the case of the ID/IG ratio which also decreases after 24 h of reduc-
tion. In the later case, one would expect a constant value for longer
reaction times. Indeed, the reduced GO cannot be oxidized again in
the absence of strong oxidants, and hence, a decrease in the ID/IG

ratio is hard to explain. The fact that citrate anions probably act
as a surfactant for the reduced graphene implies some binding of
citrate anions in the films or close to the graphene sheets and
hence some increase in the absorption bands near 1600 cm�1

which are uniquely attributed to the graphene oxide. Indeed, in
the framework of this explanation, the increase in the intensity
of the vibration bands near 1600 cm�1 would be due to the binding
of citrate anions and not to an intrinsic change in the GO material.
We did some control experiments in which (PDADMAC–PAA)15

films not loaded with GO were incubated with a hot sodium citrate
solution: no signal due to sodium citrate was detected by Raman
spectroscopy around 1600 cm�1 after 24 h of incubation in the so-
dium citrate solution (4.65 � 10�3 mol L�1). This makes the previ-
ous assumption highly unlikely but is not an absolute proof,
because the presence of GO in the film may modify its interaction
with citrate anions.

In addition, AFM topographies show an important change in the
film morphology as a function of reduction time with a total
24 h

Fig. 9. AFM topographies of (PDADMAC–PAA)15 films loaded with GO during 24 h and
during 24 h (left) and 48 h (right). Each film was needle scratched before imaging to emph
the references to color in this figure legend, the reader is referred to the web version of

Increase in the reduction

Scheme 1. Schematic representation of the influence of sodium citrate on the reduction o
reagglomeration in the PEM film made from PDADMAC (in red) and PAA (in green). (For i
the web version of this article.)
disappearance of the doughnut structures (Fig. 9) confirming the
impact of the presence of sodium citrate on the film morphology.

It might well be that such morphological changes are due to
some aggregation of rGO (partially reduced graphene oxide) lead-
ing also to a clustering of rGO and a decrease in the number of elec-
trically conductive pathways through the film (Scheme 1).

Such an explanation is reasonable because at longer reaction
times with sodium citrate, the electrical conductivity of the pris-
tine film is restored. The aggregation of isolated graphene sheets
into graphitic structures should be associated with a decrease in
the I2D/IG intensity ratio [30]. Hence, to confirm the assumption
that graphene reassociates when GO is partially reduced in the
PEM structure, we tried to calculate the I2D/IG intensity ratios from
the measured Raman spectra (Fig. 8). Unfortunately, the signal to
noise ratio for the 2D bands (2600–2800 cm�1) was very low and
did not allow an accurate quantification of the I2D/IG intensity ra-
tios. Thus, our assumption of an aggregation process occurring dur-
ing the partial reduction of GO and explaining the occurrence of a
maximal film conductivity and a maximal value in the ID/IG ratio
cannot be rigorously demonstrated in the framework of this inves-
tigation. We did some trials by investigating cross sections of PEM
films loaded with GO and treated with sodium citrate, but these
48h

subsequently put in the presence of sodium citrate (4.65 � 10�3 mol L�1) at 80 �C
asize the difference between the film and the quartz substrate. (For interpretation of
this article.)

time with sodium citrate

f GO (brown platelets) into partially reduced GO (black platelets) and its subsequent
nterpretation of the references to color in this figure legend, the reader is referred to
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images (not shown) were not conclusive enough to demonstrate a
change in the agglomeration state of graphene like material in the
film. The diffusion and agglomeration of graphene like material in
highly swollen PEM films is however not unlikely. Indeed, it has
been found that polyelectrolytes and proteins embedded in PEM
films can have diffusion coefficients close to those measured in
solution [31], meaning that these species are highly mobile in
the PEM architecture.

Complementary, as an alternative to sodium citrate, hydrazine
was used as a stronger reducing agent of GO incubated in PEM film.
We expected that a much stronger reducing agent would allow for
a complete and rapid reduction of GO in a time significantly short-
er than needed for the obtained graphene to undergo diffusion and
agglomeration in the film. Unfortunately, after only few minutes in
contact with hydrazine, the film completely deteriorated and de-
tached from the substrate and fell down into small parts.

The maximal electrical conductivity we reach after 24 h of
reduction in the presence of sodium citrate, 1–2 � 10�4 S cm�1 is
pretty low in comparison with the value obtained by Tang et al.
for PEM film containing poly(sodium-4-styrene sulfonate) and re-
duced graphene oxyde capped with cetyltrimethyl ammonium
bromide [17]. They obtained conductivities of the order of
100 S cm�1 for PEM films made by alternated spin coating of PSS
and the surfactant decorated graphene sheets. The high conductiv-
ity value they got is certainly related to the influence of the spin
coating process in the alignment of graphene sheets parallel to
the substrate. In our study, GO was allowed to diffuse in an already
deposited and highly swollen (PDADMAC–PAA)15 film. The proba-
bility for GO sheets to lie flat and parallel to the substrate is thus
considerably reduced which has the consequence to decrease the
probability to reach a percolation threshold upon reduction of
GO into graphene.

Nevertheless, our approach allows providing some measurable
electrical conductivity to insulating and highly swollen polyelec-
trolyte multilayer films in a three step method without the need
to deposit surfactant capped graphene every layer pair.

Even if our investigation is of preliminary nature, because we
lack of clear explanations for the occurrence of a decrease in con-
ductivity for reduction times longer than 24 h as well as a knowl-
edge of the mass fraction of GO in the films, we opened a new area
of research: the interaction of graphene oxide with swollen poly-
mer films and gels. We also showed the possibility to confer some
measurable electrical conductivity to such insulators by in situ
reduction processes of the embedded GO.

4. Conclusions

In the present article, we show the possibility to load polyelec-
trolyte multilayer films made from PDADMAC as the polycation
and from PAA as the polyanion with GO that has been totally exfo-
liated in the form of single sheets. The loading kinetics of the film
with the negatively charged GO is pretty slow as it takes 24 h to
reach saturation of the film as inferred from UV–vis spectroscopy
and is accompanied by a profound morphological change of the
film. The GO embedded in the PEM films can be subsequently par-
tially reduced in graphene, as found by means of Raman spectros-
copy with a concomitant increase in the film conductivity by two
orders of magnitude from about 10�6 S cm�1 for the film loaded
with GO to about 10�4 S cm�1 after 24 h of in situ reduction. Sur-
prisingly, after 24 h of reduction, the film conductivity as well as
the ID/IG ratio decreases again. Further investigations are required
to investigate the distribution profile of GO and its reduced form
in the direction perpendicular to the substrate and to know the
average mass fraction of GO in the PEM films
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Photo-oxidation at l > 290 nm was performed on vulcanised styrene butadiene rubber (SBR) designed
for flooring applications. The effect of the presence of coated titanium dioxide (TiO2), used as a pigment,
was evaluated. The chemical and nano-mechanical changes occurring at the surface during irradiation
were studied by micro-FTIR spectroscopy and atomic force microscopy (AFM). Both techniques were
used to obtain the oxidation profiles in the depth of the composites (in the absence and presence of TiO2)
to characterise the oxidative layer formation. The nano-mechanical and chemical profiles were super-
imposed for both composites (SBR and SBR/TiO2) suggesting a correlation between both properties.
Indeed, the increase of the DMT modulus determined by AFM reflects the crosslinking reactions which
occur simultaneously with the formation of oxidised photo-products.

Moreover, during irradiation, the mechanical properties were followed at low and high degree of
deformation by means of dynamic mechanical analysis (DMA) and tensile test until break, respectively.
We demonstrate that the physico-chemical properties of the oxidised layer which represents 20 mm of
the 600 mm of the material can explain the loss of mechanical properties for both composites based on
vulcanised SBR and SBR/TiO2 during irradiation at l > 290 nm. We also demonstrate a different
mechanical behaviour in presence of TiO2 compared to neat SBR that could be due to a competition
between formation of photo-products and the filler-rubber debonding during photo-oxidation.

� 2012 Elsevier Ltd. All rights reserved.
1. Introduction

During their outdoor exposure, all polymeric materials and
especially elastomeric materials containing diene units are sub-
jected to different environmental factors [1e4]. It has been
demonstrated that oxygen and UV radiation are among the most
important factors degrading polymeric materials by a chemical
modification at the molecular scale due to their high sensibility
towards oxidation known as photo-oxidation mechanism [5e7].
The formation of oxidised groups involves chain scissions and the
formation of new covalent bonds between the chains known as
crosslinking, resulting in the deterioration of the engineering
properties of the polymeric materials [8]. The competition between
these two opposite phenomenon depends on several factors
including the conditions of ageing and the chemical structure of the
ax: þ352 42 59 91 555.
ouna).

All rights reserved.
08
polymer [9]. To follow the changes occurring during the photo-
oxidation, several characterisation methods are used to investi-
gate the chemical, thermal, mechanical and rheological behaviour
of the polymeric material. However, in most of the cases, the
degradation produced by the oxidative ageing is heterogeneous
due to the oxygen diffusion effect, and/or the attenuation of the UV
light passing through the polymer [10]. In this case, a fine analysis
of the photo-oxidised systems becomes more difficult. Conse-
quently, analysis at the microscopic level is required [11]. The
degradation profiles produced by oxidation can be investigated by
depth-profiling analysis using infrared spectroscopy (micro-FTIR,
photo acoustic and step scan) [12] and recently by AFM nano-
indentations [11]. Celina et al. showed during thermo-ageing of
nitrile rubber a heterogeneous reaction linked to oxygen diffusion
and to UVevisible light penetration through the material leading to
the formation of a so-called oxidative layer [10]. This oxidative layer
is characterised by different physico-chemical properties than in
the core of the material. Celina et al. devoted a part of their work to
characterise the oxidative layer during thermo-ageing of nitrile

mailto:fatima.hassouna@tudor.lu
www.sciencedirect.com/science/journal/01413910
http://www.elsevier.com/locate/polydegstab
http://dx.doi.org/10.1016/j.polymdegradstab.2012.08.008
http://dx.doi.org/10.1016/j.polymdegradstab.2012.08.008
http://dx.doi.org/10.1016/j.polymdegradstab.2012.08.008
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rubber by means of IR spectroscopy and modulus profiling in order
to correlate how the increase of modulus is linked to chemical
changes.

The recent use of AFM combined to micro-FTIR to follow the
changes of surface properties after ageing or UV curing has shown
that these two techniques are complementary [11]. The comparison
of the chemical analysis (micro-FTIR) with the nano-mechanical
analysis (AFM nano-indentations) provides new information
about the ageing behaviour. Mailhot et al. used a method of depth
profiling by AFM nano-indentations for the characterization of the
heterogeneity of the nano-mechanical properties of photo-oxidized
tetramethyl bisphenol-A polycarbonate (TMPC) [11]. Moreover, the
comparison of the chemical analysis (micro-FTIR) with the
mechanical measurements (AFM nano-indentation) provided new
information about the ageing behaviour.

The aim of the present paper is to characterize the chemical
changes occurring at the molecular level by micro-FTIR profiling
and the nano and macro-mechanical behaviour during photo-
oxidation of vulcanised SBR. A new generation of AFM is used to
obtain quantitative nano-mechanical properties in terms of elastic
modulus or stiffness in the depth of the materials [13]. Styrene
butadiene rubber (SBR) appeared to be a good candidate for the
study since the mechanisms of photo-ageing of diene rubber has
been widely described in the literature [2e4]. During irradiation,
there is a formation of oxidized photo-products hydroperoxides, a,
b-unsaturated species and finally saturated carboxylic acid groups
as well as the generation of crosslinked network. Afterwards, the
mechanical response of the material during irradiation was
measured using DMA technique and tensile tests. The results of the
mechanical properties obtained were compared with micro-FTIR
and AFM analysis and interpreted in the light of the chemical
mechanism of photo-oxidation. The impact of the presence of the
filler (coated rutile TiO2 widely used as colouring agent in the
polymer) on the photo-ageing mechanism of vulcanised SBR was
also investigated. This kind of studies has not been previously
attempted for these materials in vulcanised state probably due to
their complexity (presence of a too many additives).
2. Experimental

2.1. Materials

Styrene butadiene rubber (SBR) was kindly provided by Materia
Nova (Belgium) with a content of 23% w/w of styrene. The titanium
dioxide (TiO2) used was a coated rutile formwith a median particle
size between 1 and 3 mm provided byMondo S.A. Luxembourg. The
coating is constituted by a mixture of alumina and silica submitted
to an organic treatment. The inorganic coating forms a physical
barrier (screen effect) and the organic layers provide dispersibility
in polymer matrix.

The vulcanisation of SBR rubber was performed as follow: 100
phr (per hundred part of rubber) of SBR, 1.4 phr sulphur, 2 phr 1,3-
Diphénylguanidine (DPG), 3 phr ZnO, 2 stearic acid, 1.7 phr N-
cyclohexylbenzthiazylsulphenamide (CBS), 0 and 5 phr of TiO2
were mixed by means of Brabender� at 40 �C during 12 min.
Afterwards, a compression moulding step at 170 �C and 50 bars is
performed to obtain a sheet of approximately 600 mm thick.
Fig. 1. Representation of the tensile specimen.
2.2. Irradiation

SBR samples were exposed to UVevisible radiation by means of
a Suntest device at 35 �C in presence of oxygen. Only the upper side
of the sample is exposed. This ageing device allows an accelerated
ageing in artificial conditions relevant to natural ageing. It is
equipped with a xenon lamp for irradiation at wavelengths longer
than 290 nm. A black panel controls the irradiance at 400 W/m2.

2.3. Measurements

2.3.1. ATR-IR analysis
The spectra were recorded using a BRUKER Tensor 27 Fourier

transform infrared (FTIR) coupledwith an ATR diamond crystal. The
spectra were obtained from 32 scans at a resolution of 4 cm�1

between 4000 and 600 cm�1.

2.3.2. Depth profiling
Before profiling, the oxidized samples were microtomed in the

irradiation section (cross section) by a microtome Leica EM UC6
at �60 �C. The slices obtained (approximately 30 mm thick) were
then analysed by micro-FTIR (chemical profiling) in ATR mode and
by AFM (nano-mechanical profiling).

2.3.2.1. Chemical profiles. Chemical profile experiments were per-
formed on a Nicolet iN10 MX Infrared Imaging Microscope (micro-
ATR). A slice of the material was deposited on Germanium crystal.
The spectra were monitored with successive shifts of 6.25 mm
through awindowof 5 mmwidth, during 2.6 s and with a resolution
of 4 cm�1.

2.3.2.2. Nano-mechanical profiles. Nano-mechanical profiles were
performed bymeans of a new generation of Bruker AFM, PeakForce
QNM on the cross section of the sample at the ambient conditions.
Peak force tapping was done with Si tips on SiN cantilevers (sca-
nasyst-air). This new device allows to obtain a modulus mapping
using a DMT model [13]. A scan of 50 � 50 mm was performed on
the cross section.

2.3.3. Mechanical properties
2.3.3.1. Dynamic mechanical analysis. Dynamic mechanical anal-
ysis (DMA) were carried out on vulcanised rubber during irradia-
tion, using DMA 242C (Netzsch) operating in tension mode
from �120 to 0 �C with a dynamic temperature sweep at
2 �C min�1. Measurements were performed using tensile mode at
a frequency of 1 Hz.

2.3.3.2. Elongation at break. Elongation at break values were
measured on MTS 4/ML apparatus at a speed of 100 mm min�1,
while the initial gauge length of the sample was 25 mm. The size of
the sample is represented in Fig. 1. For all mechanical measure-
ments, at least four specimens were tested.

2.3.4. Scanning electron microscopy
SEM analyses were carried out on a QUANTA 200 FEG from FEI

equipped with a spectrometer X GENESIS XM 4i EDS supplied by
EDAX. This microscope is a Variable Pressure SEM (VP-SEM) that
enables to observe insulating samples directly without additional
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coating. Analyses were performed with a chamber pressure of
150 Pa and a working distance of 9 mm.
3. Results

SBR films were exposed to wavelengths longer than 290 nm in
the presence of air. The chemical changes occurring during the
photo-ageing are followed by ATR-IR to identify the nature of the
photo-products and by depth profiling using micro-FTIR to char-
acterise the degradation profile produced by oxidation. Depth
profiling using AFM was also performed to determine the nano-
mechanical changes of the surface properties. Afterwards, the
macro-mechanical response of the material during irradiation was
measured using DMA technique and tensile tests.
Fig. 3. Change of carbonyl profile (-) and DMT modulus (ee) as a function of the
thickness for vulcanised SBR after 250 h of irradiation.
3.1. ATR-IR analysis

Irradiation of vulcanized SBR films leads to noticeable changes
of chemical functions followed by ATR-IR measurements (Fig. 2). In
fact, changes occur in the hydroxyl (3000e3400 cm�1) and
carbonyl (1600e1800 cm�1) domains and in the complex region of
CeO stretching vibrations (1000e1500 cm�1). The main absorption
bands formed during irradiation were attributed to hydroxyl and
hydroperoxide groups at 3400 cm�1 and to carbonyl functions at
1709 cm�1 either in presence or in absence of TiO2. The
consumption of double bonds correlated to the formation of
crosslinked network was also evidenced at 964, 910 and 722 cm�1.
The same photoproducts were observed on unvulcanised SBR
rubbers [2,14]. It seems that the same photo-products are gener-
ated during photo-oxidation of vulcanized and unvulcanised SBR
rubbers is similar. The consumption of double bonds due to the
formation of crosslinked network disturbs the baseline and unfor-
tunately does not allow to draw the kinetic of the photo-products
formation.

The quantitative analysis of the formation of photo-products is
not achievable by ATR-IR technique. Moreover, the results obtained
by ATR-IR provide chemical information at the extreme surface of
the material (first micrometres). Therefore, the competition
between chain scission and crosslinking occurring in vulcanized
SBR during the photo-ageing becomes difficult to estimate. More-
over, it is well established that oxygen diffusion and UV light
absorption through the material generates an influential oxidative
Fig. 2. IR spectra of vulcanized SBR before and after 250 h of irradiation.
layer [10]. In order to characterise the changes that can occur inside
such complexmaterials as vulcanised rubbers, we performed depth
profiling analysis using micro-FTIR and AFM in the cross section of
the materials after 250 h of irradiation to reach the chemical
changes and the nano-mechanical properties occurring during the
photo-ageing.
3.2. Micro-FTIR and AFM profiling

Figs. 3 and 4 show the photo-oxidation profiles measured by
micro-FTIR and AFM of vulcanized SBR and SBR/TiO2, respectively,
irradiated during 250 h. The concentration of the photo-oxidised
products at 1709 cm�1 corresponding to the carbonyl functions is
followed by micro-FTIR spectroscopy. We followed this band as an
indication of the degree of oxidation [15]. One can recall that
carbonyl groups are usually used as probe for chain scission.
However, since both crosslinking and scissions occur at the same
place inside the polymer matrix and that there are closely inter-
connected together, we believe that the concentration of the photo-
oxidised products corresponding to the carbonyl functions can be
followed as an indication of the degree of oxidation and
Fig. 4. Change of carbonyl profile (-) and DMT modulus (ee) in function of the
thickness for SBR/TiO2 after 250 h of irradiation.



Fig. 5. Representation of the crosslinked network in oxidative layer for SBR and SBR/
TiO2, the red dots represent sulphur network due to vulcanisation step. (For inter-
pretation of the references to colour in this figure legend, the reader is referred to the
web version of this article.)

G. Mertz et al. / Polymer Degradation and Stability 97 (2012) 2195e22012198

Publication 13/25
consequently can bring a good indication about the stiffness of the
material after ageing.

As shown in Fig. 3, the photoproducts are situated only in the
first 20 mm of the film and their concentration decreases from the
surface to the bulk. Correspondingly, in the same first 20 mm, we
observed by AFM a decrease of the DMT modulus referring to the
stiffness of the SBR film from the surface to the bulk [16]. Beyond
20 mm the DMT modulus of aged SBR becomes invariant and it
corresponds to the modulus of the non-aged SBR. The comparison
of micro-FTIR and AFM profiles of vulcanised SBR highlights
a concordance of the results. The absorbance and the stiffness
evolve in the same way. The stiffness increases from the bulk to the
surface reflecting the crosslinking reactions which occur simulta-
neously with the formation of oxidised photo-products.

Fig. 4 indicates that AFM and micro-FTIR profiles of vulcanised
SBR/TiO2 are superimposable. As in vulcanised SBR, the depth of
oxidation is limited to the first 20 mm. In this case, the presence of
TiO2 filler does not seem to affect the formation and the nature of
the oxidative layer as it does not have any influence in the photo-
products formation during photo-oxidation. Nevertheless, a small
difference appears concerning the value of DMT modulus of both
samples. In fact, for example, at a distance of 40 mm from the
surface corresponding to non-aged part of SBR films, the values of
DMT modulus are 100 and 200 MPa for SBR and SBR/TiO2,
respectively. The higher modulus value obtained for SBR/TiO2

compared to SBR can be explained by the fact that the profile is
obtained by averaging the values of the modulus of the rubber and
the filler. As the modulus of the filler is very high with an order of
magnitude of GPa, the resulting values of the compositae is about
200MPa. To compare both the nano-mechanical behaviours of both
films SBR and SBR/TiO2, we introduced the notion of variation
corresponding to the modulus difference between bulk and the
surface, defined by:

Variationð%Þ ¼ Vf � Vi
Vi

� 100

with: Vi: DMTmodulus value in the bulk corresponding to the non-
aged value, Vf: DMT modulus value at the extreme surface

According to the Table 1, the increase of DMT modulus for both
samples was approximately the same (about 500%). The increase of
the modulus corresponding to the stiffness of the material can be
correlated with the density of the crosslinked network generated
during the photo-ageing. We suppose that in both cases, the
crosslinking density is the same. The difference in DMT modulus
values obtained for SBR and SBR/TiO2 at the extreme surface after
ageing, 600 and 1100 MPa, respectively, could be attributed to the
presence of TiO2 trapped inside the network resulting in a higher
modulus values (Fig. 5).

To summarize, the shape of AFM profiles of SBR and SBR/TiO2
indicates that the photo-ageing leads to the increase of the stiffness
of the materials, which is attributed to the predominance of
crosslinks. The observed heterogeneous oxidation can be explained
by the decrease of the permeability to oxygen of SBR films during
photo-oxidation due to the occurrence of crosslinking of polymer
chains in the first layers. The comparison between AFM and micro-
Table 1
Properties of oxidative layer for SBR and SBR/TiO2 obtained by AFM.

DMT modulus at the extreme surface Thickness (mm)

Before
ageing

After 250 h of irradiation
(value at extreme surface)

Variation (%)

SBR 100 600 500% 20 � 5
SBR/TiO2 200 1100 450% 20 � 5
FTIR profiles highlights a nice correlation between chemical and
nano-mechanical properties during irradiation at l > 290 nm of
vulcanized composites based SBR.

3.3. Mechanical properties

After having determined and highlighted a change in the
chemical structure and in the nano-mechanical properties of
vulcanised SBR during the photo-ageing and the effect of the
presence of TiO2 on the mechanisms of photo-oxidation of the
polymer, we examined the influence of photo-ageing on themacro-
mechanical properties of these materials at two levels of defor-
mation. In fact, themechanical properties of materials of vulcanised
SBR and SBR/TiO2 have been studied by DMA for small deforma-
tions and by tensile tests for higher deformations.

3.3.1. At small deformation
It is well known that the change of damping properties of

materials during thermo-ageing is due to the changes in macro-
molecular chains conformations. For example, during thermo-
ageing of rubber, the formation of three dimensional network by
means of crosslinking leads to a decrease of the chain mobility and
a decrease of the loss factor maximum (tan dmax) [17e19]. More-
over, this relation is predictable during thermo-ageing as in this
case, the macromolecular changes occur in the whole material.
However during photo-ageing, only a few micrometres at the
surface of the exposed material are affected [7,12]. Thus, the change
of tan dmax is not so trivial than in the case of thermo-ageing. For
instance, Delor et al. showed a weak change of tan dmax during
photo-oxidation at 60 �C in SEPAP (l > 300 nm) of vulcanized
EPDM compared to thermo-ageing wherein a decrease of the
intensity of the main transition peak was higher [20]. In this case,
changes in tan dmax values would be a consequence of the presence
of oxidative layer and not a property of the photo-aged material.
During the present study, we tried to determine how this oxidative
layer can impact the damping properties of the material.

Dynamic mechanical analysis was performed on both vulcan-
ised SBR and SBR/TiO2 films during photo-ageing. Fig. 6 shows the
change of E0 and the ratio E00/E0 defined as tan d of both materials
before and after 250 h of irradiation. A very weak increase of the
storage modulus is observed for both SBR and SBR/TiO2. The curves



Fig. 6. Storage modulus (E0) and tan d before and after irradiation as a function of
irradiation time for (a) SBR and (b) SBR/TiO2.

Fig. 8. Stress-strain curves of SBR before and after 250 h of irradiation at strain rate of
100 mm min�1.
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corresponding to the ratio E00/E0 are shifted to higher temperatures
by approximately 10 �C after ageing. Moreover, a drop of a factor 2
of tan dmax is noticed. In this case, DMA suggests variations in the
change of visco-elastic properties during photo-ageing of SBR
Fig. 7. Change of tan dmax during irradiation for SBR and SBR/TiO2.
based materials. For deeper understanding, the change of tan dmax
has been studied at different ageing times and the results are
depicted in Fig. 7 for both SBR systems.

During the first 15 h of irradiation of vulcanised SBR (Fig. 7), tan
dmax decreases from 1.3 to 0.75, followed by a slow decrease for
higher irradiation times. The decrease of tan dmax values as photo-
oxidation proceeds characterises a change inmacromolecular chain
mobility of the polymeric material occurring in the oxidative layer.
Indeed, as observed previously by micro-FTIR and AFM, during the
photo-ageing, an oxidative layer of about 20 mm whose physico-
chemical properties are different from that of the bulk is gener-
ated. The oxidative layer results from the formation of oxidised
photo-products and a crosslinked network. DMA results suggest
that this thin oxidised layer representing 3.3% of the volume of the
material with stiffness higher than that of the core of the material
influences the visco-elastic response of the overall material. This
phenomenon could be compared to the coreeshell effect where it is
well known than the shell influences the response of the core. In
our case, it is widely interesting to note that by DMA we demon-
strated that the oxidative layer influences the mechanical response
of the overall material.

Themechanical response of SBR/TiO2 and SBR during irradiation
is identical, both are characterised by similar peakmaximumvalues
E00/E0 (Fig. 7). The oxidative layer for both SBR and SBR/TiO2 influ-
ence in the same manner the visco-elastic response of the
materials.

3.3.2. At high deformation
After investigating the mechanical behaviour at low degree of

deformation of vulcanised rubbers, we focused on their behaviour
at higher degree of deformation by means of tensile tests until
break at a strain rate of 100 mm min�1. Tensile behaviours of
vulcanized SBR at different irradiation times are collected in Fig. 8.
We can notice that SBR and SBR/TiO2 before irradiation exhibit very
similar strainestress curves typical of elastomeric curve [16].
Before ageing, the strain at break is about 180% by taking into
account the reproducibility tests and the associated errors. After
ageing, the mechanical behaviour of these materials is different
with a lower elongation at break, which is about 70% and 30% for
SBR and SBR/TiO2 respectively. During irradiation, both materials



Fig. 9. εb/εb0 as a function of irradiation time.

Table 2
DMT modulus and elongation at break for SBR and SBR/TiO2 after 250 h of
irradiation.

DMT modulus (MPa) at the surface
after 250 h of irradiation

εb/εb(t0) (%)

SBR 600 40
SBR/TiO2 1100 16
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became more fragile highlighting the influence of the formation of
the oxidized layer on the strain mechanisms.

For the sake of clarity, from the stressestrain curves, we fol-
lowed the strain at the breaking point (εb) as a function of irradi-
ation time (Fig. 9). We presented normalized strains by considering
initial values (εb0) before irradiation equal to 100%.

Fig. 9 shows that SBR exhibits a rapid and important loss of the
elongation at break during short exposure time of about 20 h the
εb values decreased by 50% compared to the initial value ε0, after
which the strain remains invariant. SBR/TiO2 showed also a rapid
loss of the elongation at break during first 20 h of irradiation of
about 30%. However, unlike SBR, a quasi-linear loss is observed
with a lower slope after 40 h of exposure in the case of SBR/TiO2. For
both SBR and SBR/TiO2, the difference between the mechanical
response of the non-aged and the aged materials is probably due to
the formation of the oxidative layer during the photo-ageing. In
fact, the hardening at the surface during irradiation linked to the
formation of crosslinked network and oxidised photo-products
produces a lack of mobility of the macromolecules [16]. These
previous constraints at the surface of the material imply the
formation of cracks during elongation which lead to a lower strain
at break compared to non-aged material (Fig. 10).
Fig. 10. SEM images obtained after the elongation at break at the surface of SBR/TiO2

before and after 250 h of irradiation.
To better understand the variation of the elongation at break
during irradiation for both SBR and SBR/TiO2, we compared AFM
results to those of tensile tests. Table 2 gathers the results of the
elongation at break loss εb/εb(t0) and DMT modulus of the extreme
surface obtained by AFM after 250 h of exposure for both SBR
samples. We can notice that SBR characterised by a lower DMT
modulus exhibits a higher elongation at break compared to SBR/
TiO2. Indeed, the DMT modulus values determined by AFM at the
extreme surface of the material aged during 250 h show that SBR/
TiO2 is distinguished by the highest modulus related to the exis-
tence a crosslinked network generated during UVevisible exposure
and to the presence of the filler TiO2 of a very high modulus giving
rise to an increase apparent of stiffness at the extreme surface of the
material. The presence of this oxidative layer makes the system
much more fragile and influence the overall mechanical response.

It seems that the variation of DMT modulus measured by AFM
and the elongation at break measured by tensile tests are corre-
lated. Thus, our hypothesis on the properties of the oxidised layer
obtained by AFM is directly linked to the decrease of the elongation
at break during the tensile tests confirming the impact of this latter
on the global macroscopic behaviour of the materials.

In addition, an interesting fact was observed in elongation at
break of SBR/TiO2 (Fig. 9). In fact, the normalised strain at break of
SBR/TiO2 at 15 h of irradiation was higher than that of SBR, 60 and
45% respectively. Previously, we concluded that the same formation
of photo-products and crosslinked network are generated in both
materials during ageing, which implied the increase of stiffness at
the extreme surface (Fig. 5). However, the different values observed
by AFM after 250 h irradiation for both materials were due to the
presence of TiO2 (Table 2). Indeed, the presence of this filler added
to the crosslinked network presented the higher modulus which
implied the lower elongation at break. However, we surprisingly
observed at 15 h of irradiation opposite results for strain at break
for SBR/TiO2 sample compared to SBR (Fig. 9). In this case, we can
suggest that during the first 15 h of irradiation, the properties of the
oxidised layer have a lower influence on the mechanical response
of the overall material in presence of TiO2. We suppose the exis-
tence of a competition between formation of crosslinked network
leading to a decrease of the elongation at break and the phenomena
of filler-rubber debonding due to a weak interaction between TiO2
and SBR matrix which involve an increase of elongation at break
[21]. This competition will imply during the first times of irradia-
tion a higher influence of the debonding mechanism on the
formation of the oxidative layer which leads to a higher elongation
at break. This influence will be likely inversed after 15 h of irradi-
ationwhere the formation of the crosslinked network will be likely
most preponderant.

4. Conclusions

The photo-oxidative degradation of vulcanised SBR was studied
at l > 290 nm at 35 �C. The effect of the presence of coated titanium
dioxide (TiO2) was examined. We first demonstrated that
unvulcanised and vulcanised SBR and SBR/TiO2 present similar
photo-products generated during photo-oxidation. By means of
micro-FTIR and AFM profiling, we were able to characterise the
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chemical changes and the nano-mechanical properties of the
heterogeneous oxidative layer generated during the photo-ageing
at the extreme surface of vulcanised SBR and SBR/TiO2. The
comparison between AFM and micro-FTIR profiles highlights a nice
correlation between chemical and nano-mechanical properties
during irradiation at l > 290 nm of vulcanized composites based
SBR.

Afterwards, we examined the influence of photo-ageing on the
macro-mechanical properties of SBR and SBR/TiO2 at two levels of
deformation. The visco-elastic properties such as the loss factor
(tan d) and the elongation at break εb were followed during irra-
diation. It was shown that the change of visco-elastic properties
during photo-ageing of SBR based materials was directly related to
the formation of the oxidative layer. In our case we demonstrated
that the physico-chemical properties of the oxidative layer can
explain the loss of mechanical properties observed in the aged
materials. In fact, the formation of photo-products and crosslinking
network implies an increase of the stiffness of the material at the
extreme surface. Therefore the material becomes brittle leading to
the formation of cracks which lead to a faster breaking of the
sample. We also demonstrated a different mechanical behaviour in
presence of TiO2 compared to neat SBR that could be due to
a competition between formation of photo-products and the
phenomena of filler-rubber debonding during photo-oxidation.
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Due to its origin from renewable resources, its biodegradability, and recently, its industrial
implementation at low costs, poly(lactide) (PLA) is considered as one of the most
promising ecological, bio-sourced and biodegradable plastic materials to potentially
and increasingly replace traditional petroleum derived polymers in many commodity
and engineering applications. Beside its relatively high rigidity [high tensile strength
and modulus compared with many common thermoplastics such as poly(ethylene
terephthalate) (PET), high impact poly(styrene) (HIPS) and poly(propylene) (PP)], PLA
suffers from an inherent brittleness, which can limit its applications especially where
mechanical toughness such as plastic deformation at high impact rates or elongation is
required. Therefore, the curve plotting stiffness vs. impact resistance and ductility must
be shifted to higher values for PLA-based materials, while being preferably fully bio-based
and biodegradable upon the application. This review aims to establish a state of the art
focused on the recent progresses and preferably economically viable strategies developed
in the literature for significantly improve the mechanical performances of PLA. A particular
attention is given to plasticization as well as to impact resistance modification of PLA in
the case of (reactive) blending PLA-based systems.

Keywords: poly(lactide), (reactive) compounding, mechanical properties, impact resistance, toughening

INTRODUCTION
Over the past decade, there has been a significant research interest
on compostable and/or biodegradable polymers in order to allevi-
ate solid waste disposal problems related with petro-based plastics
(Lim et al., 2008). These biodegradable polymeric materials are
increasingly used today in packaging, agricultural, medical, phar-
maceutical, and other areas (Rabetafika et al., 2006; Vroman and
Tighzert, 2009). Two main classes of biodegradable polymers can
be distinguished (Vroman and Tighzert, 2009) (Figure 1):

– Natural and synthetic biodegradable polymers produced from
feedstocks derived from biological or renewable resources
available in large quantities;

– Synthetic biodegradable polymers produced from feedstocks
derived from non-renewable petroleum resources.

Aliphatic polyesters represent a large part of biodegradable poly-
mers. They are considered as hydrolytically degradable polymers
due to the presence in their backbone of hydrolytically sen-
sitive chemical bonds, that is, ester moieties (Li, 1999; Nair

and Laurencin, 2007). There are two routes generally used to
chemically develop biodegradable polyesters; step (condensa-
tion) polymerization and ring-opening polymerization (ROP)
(Nair and Laurencin, 2007). Due to the absence of any by-
products released during condensation process, ROP is thereby
the most used pathway to prepare biodegradable polyesters.
Among them, the most extensively investigated polymers are
the poly(α-hydroxyacid)s, which include poly(glycolic acid) and
the stereoisomeric copolymers of poly(lactic acid). Due to the
commercial and low cost production of high molecular weight
polymers using ROP, poly(lactide) (PLA) is one of the most stud-
ied candidates (Lim et al., 2008). Indeed, this polymer represents
one of the stiffest organic materials with a Young’s modulus of
ca. 3 GPa, together with good optical and thermal properties
[melting temperature (Tm) of ca. 170◦C and a glass transition
temperature (Tg) of ca. 60◦C]. In addition, PLA is directly derived
from renewable resources, making it environmentally sustain-
able in terms of depletion of petroleum resources and CO2-
release. Due to these attributes, PLA holds tremendous promises
as an alternative to the ubiquitous petroleum-based materials
as shown in Table 1. For instance, compared with the general
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FIGURE 1 | Classification of the most known biodegradable polymers.

Table 1 | PLA mechanical properties compared to those of most common polymers used in commodity applications [Copyright ©(2011) Wiley

and Sons; used with permission from Liu and Zhang (2011)].

PLA PET PS HIPS PP

Tg (◦C) 55–65 75 105 – 10

Tensile strength at break (MPa) 53 54 45 23 31

Tensile modulus (GPa) 3.4 2.8 2.9 2.1 0.9

Elongation at break (%) 6 130 7 45 120

Notched Izod impact strength (J/m) 13 59 27 123 27 (i-PP)

Gardner impact (J) 0.06 0.32 0.51 11.30 0.79

Cost ($/lb)a 1–1.5 0.70–0.72 0.99–1.01 1.01–1.03 1.15–1.17

PET, Poly(ethylene terephthalate); PS, Polystyrene; HIPS, High-impact polystyrene; PP, Polypropylene; i-PP, Isotactic polypropylene homopolymer.
aCost cited from “Plastic News”, March 31, 2011 except PLA resin.

purpose polystyrene (GPPS), PLA has not only comparable ten-
sile strength and modulus, but also exhibits very similar inherent
brittleness (see Table 1). However, despite its numerous advan-
tages such as good optical, physical, mechanical properties (high
flexural and tensile moduli and strengths), the inherent brittle-
ness significantly impedes its applications in many fields when a
high level of mechanical strength is required.

The mechanical resistance of a material is its ability to with-
stand the application of a sudden load without failure by dis-
sipation of energy of the impact blow. There are two general
failure modes, namely brittle fracture and ductile fracture. While
brittle fracture, usually resulting of highly concentrated crazing, is

characterized by a relatively low energy dissipation and a short
nearly linear dependence of load–deformation before fracture,
a ductile fracture is characterized by a high energy dissipation
and a large-scale deformation (plastic yielding and plastic flow)
(Bucknall, 1978; White, 1984; Argon and Cohen, 1990; Perkins,
1999). A brittle-ductile transition is accordingly defined as the
point at which the fracture energy increases significantly with a
mode of failure passing from brittle fracture to ductile fracture.
The importance of this transition zone depends mainly on the
strain nature and rate, the temperature gradient, and the speci-
men geometry (Perkins, 1999). For instance, the same material
can exhibit higher brittleness at low temperatures and/or high
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testing speeds. Mechanical resistance of polymers may be eval-
uated in terms of the energy absorbed by the specimen during
testing by various methods including (Pearson Raymond, 2000):

– Tensile testing: The area under the stress strain curve is often
used to quantify toughness. However, different stress-strain
curve shapes indicating different mechanical behaviors and
responses to the impact loading may dissipate the same impact
energy.

– Impact testing: The energy required to break the sample which
is usually entailed by a hammer is measured. The related
impact strength is expressed in terms of the difference between
the potential energy of the striker before and after the impact.
It is generally obtained by dividing the energy required to break
the sample by the sample width or cross-sectional area. For
impact testing, three different tests are typically performed
such as Izod (ASTM D256 where samples are clamped as
a cantilever), Charpy (ASTM D6110 unclamped samples are
supported at both ends) and Dynstat (DIN 53453 where sam-
ples are unclamped at the lower end), which can be done in
either a notched or un-notched state.

– Falling weight tests where a projectile propelled onto the spec-
imen or dropped on it under the force of gravity is used to
measure the impact energy. Gardner impact tester is a well-
known example of this type of instrument which offers the
advantage over impact testing method that the fracture shape
can be also analyzed.

Typically, like conventional brittle thermoplastics, the reason for
brittleness of PLA is strain and stress localizations at its use
temperature, which is usually below its glass transition and brit-
tle to ductile transition temperature. Under mechanical loading
PLA deforms involving highly localized crazing mechanism. As
at room temperature its yield stress is superior to the critical
stress value for crack formation and propagation, catastrophic
damage and break can most likely occur at low deformation
and in the elastic zone. The strain-localization can be suppressed
namely by compounding the brittle polymer with various soft-
ening and toughening agents including plasticizers and rubbery
polymers or impact modifiers. However, the most preferred way
is to blend PLA with rubbery polymers in order achieve a good
toughness-stiffness balance without largely scarifying its glass
transition temperature. Like many tough polymer blends, PLA
blends can undergo one or a combination of the most known
toughening mechanisms, namely multiple crazing, shear yield-
ing, cavitation and debonding (Petchwattana et al., 2012). The
mechanical energy is therefore transferred to the plastic flow and
dissipated through a large volume fraction of material. The energy
dissipation mechanisms retard or stop crack initiation and prop-
agation through the polymer, and ultimately result in a material
with improved toughness. There are several factors that can influ-
ence the amount of toughening, mainly related to the matrix
polymer (Kramer, 1983), the rubber phase (type, particle size,
concentration, strength and morphology), and the rubber-matrix
interfacial interaction. For instance, the correlations between the
deformation morphologies (mainly under tensile and impact test-
ing) and the resulting mechanical properties reveal that the blend

compatibility and related morphologies are important factors to
influence the toughening mechanisms. The toughening mecha-
nisms can be analyzed through several aspects, including stress
whitening, matrix ligament thickness, microstructure evolution
under testing, and morphology features of the fracture surface
of the impacted sample. For instance, when the matrix ligament
thickness is below the critical value, the blends deform to a large
extent because of shear yield initiated by stress concentrations and
interfacial de-bonding. This may result in the formation of fibers
in both tensile and impact samples and the dissipation of a large
amount of energy (Han and Huang, 2011).

Many strategies, namely the incorporation of a variety of soft
polymers or rubbers, addition of rigid fillers and fibers, and mod-
ification of crystalline morphology, have been developed in the
literature during the last decades in order to enhance the gen-
eral toughness of PLA, while maintaining its stiffness-toughness
balance acceptable (Anderson et al., 2008; Liu and Zhang, 2011).
An optimal toughness balance can be obtained with 10–30% of
toughening agents, even if little improvement can be seen by
the addition of 5–10% of the latter (Mascia and Xanthos, 1992;
Anderson et al., 2008; Liu and Zhang, 2011). In this regard,
blending represents an economically viable approach such as plas-
ticization, (reactive) compounding with a variety of flexible/soft
polymers or rubbers and the addition of rigid fillers. In this
report, an update on the strategies recently developed in the
literature to significantly and effectively improve PLA’s mechan-
ical properties, will be discussed on its toughening and impact
resistance properties.

APPROACHES FOR THE IMPROVEMENT OF PLA’S
MECHANICAL PROPERTIES BY MODIFYING ITS INHERENT
CRYSTALLINE STRUCTURE
The impact strength of semicrystalline polymers usually varies
inversely with the percent crystallinity (Mercier et al., 1965). It
is likely that crystallites act as stress concentrators, causing the
stress acting on a small volume of the material to be much
greater than the average stress applied to the whole sample. As
a result, the material breaks at a stress that is less than the
expected critical value. Also, crystallites are seen to reduce mul-
tiple crazing and shear yielding (Pecorini and Hertzberg, 1993),
both energy-dissipative mechanisms of polymer matrices. The
size and number of these crystalline structures have a profound
influence on impact resistance. It is generally agreed that impact
resistance and the brittle to ductile transition temperature are
inversely related to spherulite size and morphology which can be
tuned by controlling the cooling and drawing rates via thermal
and mechanical treatments, respectively (Hammer et al., 1959;
Ohlberg et al., 1959; Barish, 1962). This part of the study con-
cerns the PLA matrix itself. In this regard we will report the main
approaches that tune up the relationships “physical treatments—
crystalline structure—mechanical properties” in order to improve
the mechanical properties of PLA-based materials.

THERMAL TREATMENTS—ANNEALING
The effect of annealing treatment on thermal, mechanical and
fracture behavior of PLA was investigated. Most of the studies
demonstrated that the increase of PLA crystallinity usually leads
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to; an improvement of its overall mechanical and heat resistance
behaviors (Perego et al., 1996; Park et al., 2006; Yu et al., 2008;
Nascimento et al., 2010). For instance, (Perego et al., 1996) evi-
denced that annealed PLA possess higher heat resistance, elastic
moduli (tensional and flexural), Izod impact strength. Park et al.
(2006) and Nascimento et al. (2010). Annealed PLA under dif-
ferent conditions to obtain several microstructures with varying
spherulite size and density. They demonstrated that heat resis-
tance is dramatically improved as crystallinity. Furthermore, the
quasi-static fracture toughness of PLA decreases with increase of
crystallinity corresponding to decrease of amorphous region; on
the other hand, the impact fracture toughness tends to increase
with crystallinity. The crack growth behaviors of the PLA spec-
imens having different crystallinity exhibited that under quasi-
static loading, disappearance of multiple crazes in the crack-tip
region results in the decrease of the fracture toughness with crys-
tallinity. On the contrary, under impact loading, the increase of
the fracture toughness with crystallinity is considered to be related
to the increase of fibril formation. Finally, for the amorphous
PLA, the static toughness was higher than the impact one; mainly
owing to extensive multiple craze formation at the static rate.
On the contrary, for the crystallized PLA, the impact toughness
became larger than the static one due to formation of fibril struc-
ture at the impact rate (Gamez-Perez, 2010). Gamez-Perez (2010)
applied annealing treatment on two commercial grades of PLA
from NatureWorks® (2002D and 4032D) of comparable average
molecular weights (Mw) of 212 and 207 kDa, respectively, but they
exhibited different optical purities, that is, d-lactic monomer con-
tents of 4.25 and 2%, respectively (Natureworks®, 2005, 2006;
Li and Huneault, 2007; Xiao et al., 2009; Carrasco et al., 2010).
Annealing the sheets was performed using an oven at 60◦C
for 20 min, followed by a rapid quenching. The nomenclature

employed was “PLA-X” and “PLA-XT” for extruded and ther-
mally treated films, respectively. “X” is set as 96 and 98 for
PLAs for a content of 95.75 and 98% l-lactic monomer, respec-
tively. From Table 2, it results that the heating at temperatures
close to the glass transition temperature (Tg) with the subse-
quent quenching treatment produces a “de-aging effect,” with an
increase of the free-volume of polymeric chains, as highlighted
by the decrease of the Tg . The increase in the system potential
energy was also shown by the disappearance of the endothermic
peak at Tg . As a consequence, annealing promotes a brittle-to-
ductile change in the fracture behavior of PLA with a decrease of
the tensile strength and stiffness and yield stress, regardless the
d-lactic isomer content. A shear yielding with a localized neck
formation thereby appeared. The fracture parameters, assessed
by the EWF method used to characterize the fracture toughness
of PLA showed a great enhancement of the toughness after the
annealing and quenching treatments. Regarding the influence of
the D-lactic isomer content in PLA films, when they were in a
glassy stage, no remarkable differences were noticed out in the
mechanical properties and fracture behavior. Only when the films
were in a de-aged form, the differences in the stiffness of both PLA
grades had been revealed. The optical purity, the elastic modu-
lus and the tensile strength were high. However, the deformation
to break was still low, only passing from 17% (PLA-98) to 24%
(PLA-96).

THERMOMECHANICAL TREATMENTS—SELF-REINFORCING
POLYMERIC MATERIALS PROCEDURES (SRPMs)—ALIGNMENT AND
ORIENTATION PROCEDURES
Although polymeric composites are referred to as multi-phase or
hetero-composites, self-reinforced polymeric materials (SRPMs)
are referred to as single-phase or homo-composites because

Table 2 | Effect of some (thermo)mechanical treatments and processing on the thermal and mechanical properties of PLA.

Material Tg(◦C) Tm(◦C) �Hcc(J/g) �Hm(J/g) Xc(%) Yield stress

σy (MPa)

Young’s

modulus

E (GPa)

Elongation

at break εb

(%)

Charpy

(KJ/m2)

Izod

impact

(KJ/m2)

References

PLA-96 60 148 – 1 1 56.2 ± 0.7 4.0 ± 0.2 24 ± 5 Gamez-Perez,
2010

PLA-98 61 164 29 31 2 58.4 ± 0.5 4.3 ± 0.1 17 ± 4

PLA-96T 56 148 – 1 1 47.3 ± 1.1 3.3 ± 0.2 456 ± 100

PLA-98T 57 165 31 34 3 53.4 ± 0.6 3.5 ± 0.3 422 ± 50

Un-oriented 47.0 3.65 1.5 12.5 1.6 Grijpma et al.,
2002

Oriented
(λ = 2.5)

73.3 4.49 48.2 35.9 5.9

Oriented
(λ = 3.4)

66.3 3.74 21.8 No break 52.0

PLA-I 65.6 ± 1.3 3.7 ± 0.1 4.0 ± 0.8 Carrasco
et al., 2010

PLA-EI 65.2 ± 0.9 3.9 ± 0.1 5.4 ± 0.6

PLA-IA 75.4 ± 0.9 4.1 ± 0.1 2.5 ± 0.2

PLA-EIA 77.0 ± 1.1 4.1 ± 0.1 3.3 ± 0.3

I, Injected; IA, Injected then Annealed; EI, Extruded then Annealed; EIA, Extruded then Injected then Annealed.
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the same polymer forms both the reinforcing and the matrix
phases. The basic concept of self-reinforcement is to create a
one-, two- or three-dimensional alignment (1D, 2D, or 3D align-
ment, respectively) within the matrix to fulfill the role of matrix
reinforcement. As a result, the generated structure has to pos-
sess a higher stiffness and strength than the matrix as well as
to be “well-bonded” to the matrix polymer. Consequently, the
stress can be transferred from the “weak” matrix to the “strong”
reinforcing structure, according to the “working principle” of
all composites. The reinforcing structure can be produced dur-
ing one (in situ) or more processing steps (ex situ) (Kmetty
et al., 2010). A driving force for SRPMs is the possibility of
manufacturing lightweight parts and structures because the den-
sity of SRPMs is well-below those of traditional filled polymers,
where the “heavier” reinforcements incorporated in the poly-
meric matrix are of, e.g., glass fibers (density: 2.5–2.9 g.cm−3),
carbon fibers (density:1.7–1.9 g.cm−3), basalt fibers (density: 2.7–
3.0 g.cm−3), aramid fibers (density: 1.38–1.44 g.cm−3) and/or
fillers like talc (density: 2.7–2.8 g.cm−3), chalk (density: 1.1–
2.5 g.cm−3) and silica (density: 2.1–2.6 g.cm−3) (Kmetty et al.,
2010). Furthermore, the ease of recycling SRPMs must be empha-
sized when reprocessing via re-melting is targeted. The concepts
used to produce SRPMs can be also adapted to biodegradable
polymers for improving their property profiles. Reinforcing a
PLA matrix by embedding PLA fibers enables to respond the
demands for high strength and stiffness required for many appli-
cations. The development of high-stiffness and high-strength
polymeric fibers is essential to imparting superior mechanical
properties for the resulting PLA SRCs (Matabola et al., 2009).
The mechanical properties of fibers can be increased via molec-
ular orientation during spinning and drawing (Alcock et al.,
2006). The most commonly used methods to produce PLA fibers
are melt-spinning and electro-spinning (Mäkelä et al., 2002;
Tsuji et al., 2006; Li and Yao, 2008). Significantly improved
interfacial bonding can be achieved in materials where both
matrix and reinforcing elements have the same chemical struc-
ture (Törmälä, 1992). For example, SRCs consisting of ori-
ented PLA fibers surrounded by a PLA matrix have improved
strength and rigidity compared to non-reinforced PLA (Tormala
et al., 1988; Majola et al., 1992; Wright-Charlesworth et al.,
2005).

To control the impact performances, molecular orientation of
amorphous poly(D,L-lactide) (PDLLA) chains was carried out
through injection moulding techniques at T < Tg or by non-
conventional shear controlled orientation by injection mould-
ing (SCORIM) process in which the melt is cooled under
oscillating shear conditions. The latter allowed getting oriented
PLA-based materials, leading to the elaboration of degradable
devices with much improved mechanical properties compared
to non-oriented materials (Grijpma et al., 2002). The brittle
fracture mechanism of PDLLA via crazing changed from a frag-
ile to a ductile energy dissipation mechanism upon orienta-
tion. Consequently, a significant increase in impact strength was
obtained. In comparison to the brittle tensile behavior of un-
oriented PDLLA, a much more ductile behavior was observed.
This increase in toughness was not accompanied by a decrease
in tensile strength and stiffness, as it is generally in the case of

plasticization and rubber modification. Due to orientation of
the polymer chains in the direction of testing, fibrillation took
place during the fracture process. Growing cracks got stopped in
the anisotropic structure, and catastrophic failure could be post-
poned. The mechanical data are summarized in Table 2. However,
in the perpendicular direction to the orientation, mechanical
properties are much poorer and must be taken into account.
The effects of operative SCORIM parameters were also inves-
tigated. The correlations between processing, morphology and
mechanical properties of SCORIM-moulded PLLA were estab-
lished and compared with conventional injection moulded CIM
PLLA (Ghosh et al., 2008). The level of molecular orientation
was assessed indirectly by hot recoverable strain HR test. The
fracture surface-morphology assessed by optical microscopy and
SEM technique showed that, at low mould temperature, the
level of molecular orientation increased with shearing time. The
SCORIM processing changed the typical heterogeneous skin–
core morphology of CIM into a near homogeneous oriented
structure. The extent of core-fibrillation increased with shear-
ing time. Under the three-point flexural test, the higher oriented
PLLA exhibited dual fractures where the crack initiation started
in the skin and transferred to oriented core fraction without
decreasing the modulus. At high mould temperatures, the orien-
tation increased steadily with shearing time. However, the level
of molecular orientation was lower than the corresponding low
mould temperature conditions. The orientation of core-fraction
increased steadily with shearing time. Depending on the level
of molecular orientation, the SCORIM-processed PLLA products
showed four distinct types of fracture surfaces under three-point
flexural test: (i) the un-oriented core failed through crazing; (ii)
the sub-skins failed either in smooth, rough or fibrillated frac-
ture surfaces depending on the level of molecular orientation;
(iii) the less oriented core failed with fibrillation through pro-
nounced plastic deformation; and (iv) the highly oriented skins
failed with smooth surface. All the SCORIM-processed PLLA
exhibited higher toughness and higher maximum stress com-
pared with conventional injection-moulded PLLA (Table 2). The
overall increments in maximum stress and toughness were of
134% and 641%, respectively. The increase in maximum stress
and toughness were higher in low mould temperatures (30◦C) in
contrast to high mould temperature temperatures (50◦C). Unlike
the traditional blending technique, the increments in mechani-
cal performances were achieved without sacrificing the stiffness.
The mechanical behavior namely toughness and maximum stress
of PLLA processed by SCORIM could be tailored by control-
ling the melt stage, the in-mould shearing time and the cooling
conditions. In another study (Bigg, 2005), biaxial orientation of
PLLAs chains by extrusion induced a 5–10-fold increase in elon-
gation and enhanced tensile strength at break, tensile toughness
and tensile modulus (Table 2). The mechanical processing of PLA
(injection and extrusion/injection) as well as annealing of pro-
cessed materials were studied in order to analyse the variation
of its chemical structure, thermal degradation and mechanical
properties (Carrasco et al., 2010). Processing of PLA yielded
a decrease of its molecular weight and melt-viscosity due to
chain hydrolysis. PLA crystal structure was significantly recov-
ered after annealing. The authors also confirmed by proton NMR
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techniques that the chemical composition of PLA did change
after processing, and the proportion of methyl groups from PLA
matrix increased, more likely indicating the presence of a different
molecular environment. The mechanical behavior was altered as
well (Table 2). After annealing, the samples showed an increase
in Young’s modulus (5–11%) and in yield strength (15–18%),
which had been explained by the higher degree of crystallinity of
annealed materials, with its subsequent decrease in chains mobil-
ity. Extruded/injected materials showed a significant increase
in elongation at break (32–35% higher), compared to injected
materials. It is ascribed to the presence of low molecular-weight
chains at high contents, due to hydrolysis reactions in reprocessed
materials.

In general, the modification of chain orientation and crys-
tallinity for PLA-based materials can improve its ductility and
impact resistance to some extent. Some processing techniques
may contribute efficiently to toughening PLA, without compro-
mising its tensile properties. Orientation of chains by injection
moulding and especially injection moulding with macroscopic
oscillating shear force resulted, for instance, in an enhancement
of tensile, Izod and Charpy impact in the orientation direction.
In order to increase the crystallinity of PLA blends and therefore
tune its mechanical properties, some routes may be considered
(Battegazzore et al., 2011):

– By chain orientation under stress;
– By applying thermal treatments (quenching and/or annealing);
– By minimizing the amount of the other lactide and mesolac-

tide in the lactide used as the major monomer. The crystallinity
and crystallization rate of PLA decrease as the purity decreases.
The crystallization half-time was found to increase by roughly
40% for every 1 wt.% increase in the mesolactide content of
the polymerization mixture (Kolstad, 1996). In addition, it
is known that a co-monomer content higher of 7 wt% with
polymeric chains leads to an amorphous polylactide.;

– By playing with the moulding conditions, in particular moulding
temperature and cooling time. Even at high L-lactide content,
PLA crystallization is typically too slow to develop significant
crystallinity unless it is induced by strain like processes used to
manufacture bottles. In processes such as injection moulding,
where the orientation is limited and the cooling rate is high, it
is much more difficult to develop significant crystallinity and
therefore formulation or process changes are required.;

– By adding nucleating agent.

Nevertheless, these techniques are not very industrially consid-
ered because they require increasing the processing time. In
addition, studied alone, their influences are usually marginal and
the resulting increase of toughness properties is insufficient [but
sometimes quite enough because excellent stiffness-toughness
balance was achieved in some cases (Gamez-Perez, 2010)] to sat-
isfy the requirement of most applications. However, the combina-
tion of these factors with others such as compounding strategies
(that will be discussed further) may bring more added-values in
terms of the enhancement of PLA’s mechanical properties and
constitute more prospective routes to improve them.

APPROACHES TO INCORPORATING SOFT COMPONENTS
INTO PLA MATRIX VIA COMPOUNDING/BLENDING
Blending polymers is as old as the polymer industry itself.
Interestingly, using blending approach, PLA can be readily
impact-modified, plasticized, filled, chemically modified and
reactive blended and processed like many of other conventional
polymers. There are two main ways to improving the ductility
and the toughness of PLA materials namely through plasticiza-
tion or incorporation of soft/rubbery polymers. Plasticization
makes possible to achieve improved processing behaviors for
polymeric materials, while providing better flexibility in the end-
use product. As far as blending is concerned, blending PLA with
immiscible polymers produces a new type of polymeric materials
with different properties, in which each polymeric partner pro-
vide its own feature. Because of their impact-absorbing ability
when well-dispersed with the convenient particle size distribu-
tion, rubbers should act as stress concentrators at many sites
throughout the material. Therefore, they impart great ductility
and impact strength to the material, resulting from dissipative
micromechanisms initiated by the rubber particles. All of these
phenomena are dependent on the deformation, toughening and
fracture mechanisms, namely crazing, shear yielding, cavitation,
or debonding as mostly reported in the literature (Kambour,
1973; Michler, 1989; Wu, 1990; Könczöl et al., 1992; Ikeda, 1993;
Dompas et al., 1994; Lu et al., 1997; O’Connell and McKenna,
2002; Narisawa and Yee, 2006; Bucknall, 2007; Seelig and Van Der
Giessen, 2009):

1. Crazing mechanism can be initiated in a material when the
stress or hydrostatic tension is locally concentrated at a defect
which can be a notch, voids, in-homogeneities or rubber
particles. Therefore, interpenetrating micro-voids and highly
drawn elongated micro-fibrils called tufts (usually a frac-
tion of 1 μm in length, depending on the molecular weight
of a polymer, several nanometers in diameter, and confined
to a small volume of the material), are formed giving rise
to macroscopic highly localized zones of plastic dilatational
deformation (Kramer and Berger, 1990). Under sufficient
mechanical loading, the local stress exceeds a critical value.
Thus, the micro-fibrils elongate until breaking and cause
the micro-voids growth and coalescence turning into micro-
cracks. Crazing mechanism is dilatational in nature and con-
sumes the predominant part of fracture energy in the case of
many thermoplastics. Accordingly, crazing is to some extent
a precursor to macroscopically brittle failure and is view as
a damaging mechanism in the case of brittle polymers when
the craze evolution into a micro-crack cannot be arrested.
However, when blended with the brittle matrix, the rubbery
impact modifier particles have two separate effects but equally
important features as a response to load application. They first
concentrate locally the stress where craze initiation takes place.
The crazes then grow perpendicularly to the maximum applied
stress direction. In a second step, the surrounding rubber
particles play the role of “craze terminators,” preventing the
generation of micro-cracks. The result is that a large number
of small crazes are formed, in contrast with the small num-
ber of large crazes (micro-cracks) within the same polymer
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matrix in the absence of rubber particles. This multiple craz-
ing that occurs throughout a comparatively large volume of
rubbery-modified material explains the high energy absorp-
tion in fracture tests and the extensive stress whitening that
accompanies deformation and failure (Perkins, 1999). Some
matrices tend to craze because of low entanglement density
while high molecular weight is needed to stabilize crazes.

– Shear yielding mechanism is highly localized plastic defor-
mation characterized by appearance of oriented shear bands
under uniaxial tension at 45◦C to the direction of the applied
stress. Shear yielding occurs approximately at constant volume
while initiation of shear bands is affected by the hydrostatic
tension (mean stress). In ductile polymers, shear-yielding is
usually the major energy absorbing mechanism. There are also
few polymers such as acrylonitrile butadiene styrene (ABS)
and rubber-toughened PMMA that exhibit both shear yield-
ing and crazing mechanisms. When the craze initiation stress
of the matrix is lower than the yield stress, a polymer will tend
to craze; if the yield stress is lower than the craze initiation
stress, the matrix will fail by shear-yielding. Mixed crazing and
shear yielding tends to occur when the craze initiation stress
and the yield stress are comparable or when interactions occur
between crazes and shear bands.

– Cavitation is void-expansion, which can occur in the matrix
(generally coupling with crazing) or initiate inside the rubber
particles, which is generally characterized by viewing stress-
whitening zones. The essential conditions for void growth is
an energy balance between the strain energy relieved by cav-
itation and the surface energy associated with the generation
of a new surface. Cavitation is a precursor to other tough-
ening mechanisms, thereby relieving the hydrostatic strain
energy and initiating shear yielding of the matrix. It is assumed
that internal rubber cavitation is an instantaneous process,
which cannot occur for very small particles (less than 200 nm).
In other words, rubber-cavitation mechanism is favored by
increasing the particle size within rubber toughening materials
or by decreasing the crosslinking density (which can suppress
cavitation).

– De-bonding is the energy-dissipation due to the interfacial
failure. The interface between the phases influences the final
blends properties by efficient stress transfer between the two
phases. However, interfacial de-bonding can be thought of as
a secondary toughening mechanism being more important as
a trigger for other induced mechanisms like shear yielding.
Accordingly, low interfacial adhesion easily results in prema-
ture interfacial failure and hence rapid and catastrophic crack
propagation, whereas very strong adhesion is unfavorable for
de-bonding and also delays the occurrence of matrix yielding,
involving the matrix-particle interface as an important factor
that we need to control for optimum energy dissipation.

Toughening mechanisms and competition between both modes
of fracture are mainly governed by a variety of factors such as
mode of loading, environment, processing conditions, composi-
tion and behavior of the matrix, relaxation behavior of the dis-
persed phase, rubber content, blend morphology, rubber-matrix
adhesion, etc. Being a suitable processing technique, reactive

extrusion for instance, represents a unique tool to manufacture
biodegradable polymers upon different types of reactive modi-
fication in a cost-effective polymer processing (Michaeli et al.,
1993; Mani et al., 1999). This technique enhances the commer-
cial viability and cost-competitiveness of polymer materials, in
order to carry out not only melt blending, but also chemical
reactions including polymerization, grafting, compatibilization,
branching, functionalization. . . (Michaeli et al., 1993; Mani et al.,
1999). The in situ chemical modification of PLA by reactive extru-
sion has proven to be an effective promising way to elaborate
tougher PLA-based materials with improved stiffness-toughness
balance compared to neat PLA as it will be detailed later. Here, the
forthcoming paragraphs will report the recent investigations on
simple plasticization of PLA and blending PLA with rubbery/soft
materials.

COMPOUNDING WITH PLASTICIZERS—MISCIBLE TO PARTIALLY
MISCIBLE BLENDS
Plasticization is widely used to improve the polymers process-
ability and/or other properties according to specific applications.
Plasticizers can act by altering the intermolecular interactions
among the host polymer chains to other interactions between
the macromolecules and the plasticizer. This promotes confor-
mational changes, resulting in increased mobility of plasticized
chains. The Standard ISO427 (1988) define a plasticizer as being
as a low or negligible volatility component, which is once incor-
porated to a plastic material, lowers its softening interval temper-
ature, facilitates its processability and increases its flexibility and
ductility. Its behavior can be explained by decreasing the viscosity
of the molten plasticized polymer, the glass transition temper-
ature and the elastic modulus of the plasticized materials. The
evolution of the elongation at break can be also related to the duc-
tility of a polymer and give information about the plasticization
extent of polymers.

To be suitable with PLA, a plasticizer should fulfill the follow-
ing characteristics (Liu and Zhang, 2011):

– To have an optimum molecular weight and loading level to be
miscible with the polymer matrix. Miscibility of plasticizers in
a polymer matrix is evaluated by solubility parameters (δ) and
magnitude of interaction parameters (χT) (Pillin et al., 2006);

– Significantly lower the Tg of PLA and thus enhance tensile
toughness;

– Preferably bio-sourced and biodegradable;
– Non-volatile;
– Non-toxic;
– Exhibit minimal even more negligible leaching/migration

phase separation from the polymer matrix during ageing.

Many classes of plasticizers were reported by Liu and Zhang and
will be discussed in the forthcoming part as follows (Liu and
Zhang, 2011):

– Monomeric or small molecule plasticizers;
– Oligomeric and polymeric plasticizers;
– Mixed plasticizers.
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In the review, a special emphasis is made on the impact behavior
of plasticized PLA, because it has not received enough attention
in the literature.

Monomeric or small molecule plasticizers
Many small molecules/monomeric plasticizers have been stud-
ied in order to evaluate their plasticization efficiency and their
influence on the overall physical properties of PLA (Table 3).
The optimal plasticizer content has to take into account the
molecular weight, solubility δ and interaction parameters χT .
For instance, most of the studies showed that between 10 and
20 wt.% of plasticizer content in PLA, all studied citrate esters
(TEC, TBC, ATEC, ATBC) results in a higher elongation and
lower Tg for the as-plasticized PLA materials compared to
neat PLA.

Among the monomeric or small molecule plasticizers stud-
ied in the literature, lactide monomer (LA) possesses the best
plasticization efficiency for PLA. However, due to its low molec-
ular weight compared to the others, lactide tends to migrate
toward the PLA surface. Therefore, the toughness of plasticized
PLA tends to be reduced with time (Jacobsen and Fritz, 1999).
LA can also volatilize during melt processing because of its low
boiling point (∼120◦C). In terms of good stiffness-toughness
balance, Dioctyl adipate (DOA) seems to be the most efficient
one by significantly enhancing elongation with a slight depres-
sion of tensile modulus (Martino et al., 2009). The plasticizing
efficiency of ATBC was higher compared to the others citrate-
based plasticizers. Generally, the miscibility of plasticizers with
a polymer decreases with increasing molecular weight of the
plasticizers. Small molecule plasticizers are usually more effi-
cient than larger ones in order to lower the host polymer’s
Tg because the mixing entropy is higher in the case of low
Mw plasticizers. However, because of their low boiling point,
small molecule plasticizers usually evaporate during melt pro-
cessing (Labrecque et al., 1997; Ljungberg and Wesslén, 2003;
Ljungberg et al., 2003; Martino et al., 2009) and have also a
strong tendency to migrate toward the surface of the polymeric
material (Ljungberg and Wesslén, 2003; Ljungberg et al., 2003,
2005; Martino et al., 2006). The driving force of the migration
is ascribed to the enhanced crystallization ability of plasticized
samples. Consequently, the ability of PLA to accommodate the
plasticizer in the amorphous PLA phase diminishes (Ljungberg
and Wesslén, 2002; Ljungberg et al., 2003, 2005; Martino et al.,
2006; Pillin et al., 2006). In addition to the loss of the mate-
rial toughness (plasticized PLA regains part of the brittleness of
neat PLA); the plasticizer migration can, for example, contam-
inate the food or beverage in contact with plasticized PLA in
food packaging applications. All monomeric plasticizers should
be added in the range of 5–25% (depending on the plasticizer
itself) in order to reduce the migration to the maximum, to
maintain the optimum balance between tensile modulus, strength
and elongation at break and reduce significantly the glass tran-
sition temperature of the host polymer. However, monomeric
plasticizers cannot fulfill these requirements due to their high
tendency to migrate and evaporate. In this regard, researches
had been more widely focused on oligomeric and polymeric
plasticizers.

Oligomeric and polymeric plasticizers
The common way to reduce plasticizers’ migration and evap-
oration is to increase their molecular weight in such a way to
retain their miscibility with the polymer matrix at the same time.
In this respect, many researchers have investigated the effect of
some oligomeric and polymeric molecules as plasticizers for PLA
(Table 4).

For 20 wt% plasticizer content, ABA-type block copolymer of
PDLLA and PEG400, that is, PDLLA-b- PEG400-b-PDLLA (10/2,
molar ratio of D,L-LA monomer to PEG400 used in the feed)
(COPO3) and poly(propylene glycol) (PPG720) provide a good
stiffness-toughness balance. PPGs 425, 600 and 1000, Glyplast®
206/2 and Glyplast® 206/7 have a better plasticizing efficiency
compared to the others. Adipates-based plasticizers are miscible
with PLA until a critical concentration reached in function of the
molar mass of adipate. A remarkable increase in elongation was
achieved when the concentration of plasticizer reached 10 wt%,
whereas the decreases in elastic modulus and tensile stress were
noted for all the plasticizers investigated. Very recently, it has
been shown that PLA can be efficiently plasticized and toughened
by melt-blending with poly (1,2-propylene glycol adipate) (PPA)
(Zhang et al., 2013b). Thermal and dynamic mechanical analysis
revealed that PPA was partially miscible with PLA. In addition,
morphological investigation of PLA/PPA blends showed that PPA
was compatible with PLA. As a result, with the increase of PPA
content (5–25 wt%), the blends showed a decrease in the tensile
strength and the Young’s modulus (Table 4); but the elongation at
break and the impact strength dramatically increased due to the
plastic deformation. The Izod notched impact strength reached
90 J/m when the PPA amount was of 20 wt%, and even exceeded
100 J/m when PPA amount was of 25 wt%. The plasticization
effect of PPA was also highlighted by the lowering of dynamic
storage modulus and viscosity in the melt stage of the blends
compared with neat PLA. In another recent study, Gui et al. have
successfully toughened PLA by melt-blending with poly(ethylene
glycol-co-citric acid) (PEGCA) (Gui et al., 2013). The addition
of PEGCA to PLA lowered the viscosity and the glass transi-
tion temperature of the resulting material. PEGCA was partially
miscible in PLA and the blends exhibited a phase-separated mor-
phology. The ductility and toughness of PLA were significantly
improved in the presence of PEGCA. Whereas the impact resis-
tance (Figure 2C) and the elongation at break (Figure 2B) of the
blends were remarkably higher than those of neat PLA, the ten-
sile and flexural strength and modulus of the blends (Figure 2A)
monotonically dropped with increasing PEGCA content.

Hassouna et al. investigated new plasticization ways based
on low molecular bio-plasticizers to improve the ductility of
PLA. Grafting reactions between anhydride-grafted-PLA (MA-
g-PLA) copolymer with hydroxyl-functionalized citrate plasti-
cizer, i.e., tributyl citrate (TbC) (Hassouna et al., 2012), and
poly(ethylene glycol) (Hassouna et al., 2011) were carried out
through reactive extrusion. All plasticizers drastically decreased
the Tg of PLA due to the mobility gained by the polymer
chains within the plasticized blends. Regardless the nature of
the plasticizer, the elastic modulus and yield stress decrease,
while the ultimate strain increases for plasticized PLA. Very
recently, we have investigated a novel and efficient pathway to
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FIGURE 2 | (A) Tensile modulus, tensile strength, (B) elongation at break, and (C) of neat PLA and PLA/PEGCA blends (Gui et al., 2013, original copyright with
kind permission from Springer Science and Business Media).

chemically modify PLA in the presence of “reactive” polyethy-
lene glycol (PEG) derivatives via reactive extrusion (Kfoury
et al. Tunable and durable toughening of polylactide materials
via reactive extrusion. Submitted). In this purpose, polyethylene
glycol methyl ether methacrylate (MAPEG) and polyethylene
glycol methyl ether acrylate (AcrylPEG) were melt-mixed and
extruded with PLA in the absence and in the presence of a
free-radical di-tertiary alkyl peroxide, 2,5-dimethyl-2,5-di-(tert-
butylperoxy)hexane (Luperox101 or L101). Molecular character-
ization revealed that in the case of PLA/MAPEG/L101 blends
(79.5/20/0.5 wt/wt/wt), about 20% of the initially introduced
MAPEG can be grafted onto PLA chains. The remaining fraction
(80%) of the plasticizer was a mixture of unreacted/monomeric
and “homo-oligomerized” MAPEG. As a result, an efficient plas-
ticization effect was evidenced by a significant lowering of the
glass transition temperature (Tg) and storage modulus E’ as well
as by a drastic increase of the tensile elongation at break of
approximately 70 times as compared to neat PLA. More interest-
ingly, in the case of PLA/AcrylPEG/L101 (79.5/20/0.5 wt/wt/wt),
up to 65% of the initially introduced AcrylPEG reacted and
was grafted onto the PLA chains. The remaining non-grafted
AcrylPEG completely homo-oligomerized. As a result, an effi-
cient toughening effect of the resulting materials was reached.
This was especially marked by a drastic enhancement of the
impact strength, ∼36 times, and a significant improvement of the
elongation at break, ∼63 times.

Lapol®108 is a renewable bioplasticizer of PLA that can be
processed using standard processes such as injection mould-
ing, extrusion coating, thermoforming, and cast films (http://
www.lapol.net/). It promotes toughness and flexibility without
sacrificing modulus, while minimizing the reduction of glass

Table 5 | Comparison of flexural properties of Lapol® HDT blends vs.

PLA (unannealed and annealed) (From http://www.lapol.net/).

Flexural properties Modulus (MPA) HDTb (◦C)

PLA 3300 55

Annealed PLAa 3800 155

20% Lapol HDT in PLA 3800 165

aPLA was annealed for 10 min at 110◦C.
bHeat deflection temperature is measured using a thermomechanical analyzer

using a load of 0.2–0.3 N.

transition temperature. For the lowest plasticizer content
(5–10 wt%), the bioplasticizer Lapol®108 seems to be the
most convenient one to maintain a good stiffness-toughness
balance among this list of investigated plasticizers (Table 4).
Interestingly, the new Lapol® HDT additive used for increas-
ing the heat deflection temperature of PLA is now available
at pilot-production. For many high-performance applications,
using PLA requires a high temperature resistance to deforma-
tion and deflection, i.e., a heat deflection temperature higher
than 100◦C. Compounding 20 wt.% of Lapol® HDT with PLA
3001D, 4032D, or 7000D can increase the heat deflection tem-
perature of unannealed PLA from 55◦C to about 160◦C. This
capability greatly expands the potential uses and applications
to PLA. This increased heat-performance is achieved without
adding inorganic fillers or other additives, although these addi-
tions may further enhance some other properties. Table 5 shows
typical flexural properties data for a blend of 20% Lapol®
HDT in PLA compared to commercially available neat and
annealed PLA.
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PLA-based blends containing Lapol® HDT exhibit similar
or higher flexural modulus than commercially available PLA
(annealed and unannealed). Lapol® HDT may be compounded
with an impact modifier to tailor the properties of PLA for specific
applications.

Globally, these studies show that oligomeric and polymeric
plasticizers are in general less efficient than monomeric ones in
order to improve the elongation and reduce the glass transi-
tion temperature of resulting blend. However, they have more
tendencies to give better stiffness-toughness balance for PLA
material compared to small molecule plasticizers. Based on their
complementary advantages, the combination of small molecule
plasticizers with polymeric or oligomeric ones was also attempted
in the literature.

Mixed plasticizers
These mixed plasticizers combine an oligomeric or polymeric
plasticizer with a small molecule plasticizer. Therefore, they
should lead to a medium level of depression in Tg and more bal-
anced mechanical properties (elongation, modulus and strength)
than the individual plasticizers. Some plasticizer combinations
were studied. They are reported in Table 6.

In general, one can conclude on the behaviors of the plasticiz-
ers in PLA and their effect on the properties of the polymer as
follows:

– The addition of 10–20% of plasticizers may be a success-
ful way to remarkably reduce Tg and improve PLA flexibil-
ity/ductility/tensile elongation at the same time.

– Substantial reductions in tensile strength and modulus are
unfortunately unavoidable.

– An excessive incorporation of plasticizer leads to the saturation
of the plasticizer in the amorphous phase of PLA, resulting in
a migration or phase separation depending on the plasticizer
nature.

– Small molecule or monomeric plasticizers are more effi-
cient in order to improve PLA flexibility/ductility/tensile
elongation and decrease its Tg , but less efficient on ten-
sile strength and modulus than oligomeric and polymeric
plasticizers.

– The higher the molecular weight of the plasticizer, the lower
the critical saturation concentration, at which phase separation
begin to occur.

– Lower molecular weight PEGs exhibit good miscibility with
PLA and result in more efficient reduction of Tg . This can lead
to drastic improvement in ductility and/or impact resistance of
PLA at low concentrations.

– After ageing for 1 month, the mechanical properties of the plas-
ticized PLA did not change remarkably. This result indicated
that PPG and PPG-E could prevent the physical ageing and the
embrittlement of PLA.

Table 6 | Summary of effects of some mixed plasticizers on mechanical properties of PLA [Copyright © (2011) Wiley and Sons; used with

permission from Liu and Zhang (2011)].
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PLA Mn = 81000 – 2 0 61 52 ± 2 1800 ± 150 6 ± 1 2.6 ± 0.2 Lemmouchi et al., 2009

TBC Mn = 360 20 20 20 ± 1 9 ± 1 320 ± 20 No break

COPO1 Mn = 650 20 29 21 ± 1 790 ± 180 170 ± 10 1.6 ± 0.6

COPO2 Mn = 1000 20 26 25 ± 1 300 ± 50 220 ± 20 8.3 ± 2.5

COPO3 Mn = 1050 20 36 30 ± 1 1700 ± 100 130 ± 20 1.9 ± 0.6

COPO4 Mn = 1750 20 35 24 ± 2 1150 ± 150 170 ± 10 1.9 ± 0.7

COPO1/TBC – 10 42 40 ± 2 2000 ± 110 4 ± 1 2.7 ± 0.2

20 24 17 ± 1 9 ± 1 260 ± 20 6.4 ± 1.9

COPO2/TBC – 10 – 27 ± 2 1480 ± 80 140 ± 20 2.4 ± 0.2

20 26 24 ± 1 19 ± 5 260 ± 10 No break

COPO3/TBC – 10 – 37 ± 1 1850 ± 200 4 ± 1 –

20 25 16 ± 1 16 ± 7 300 ± 20 –

COPO4/TBC – 10 41 39 ± 2 2000 ± 100 4 ± 1 2.5 ± 0.2

20 27 22 ± 1 150 ± 65 250 ± 10 5.5 ± 0.8

COPO5/TBC – 10 47 37 ± 1 1950 ± 150 4 ± 1 2.5 ± 0.2

20 23 20 ± 1 400 ± 140 260 ± 20 3.8 ± 1.1

TBC, tributyl citrate; COPO1 and COPO2, two kinds of AB-type diblock copolymers of PDLLA and either PEG350 monomethyl ether or PEG750 monomethyl ether,

that is, PDLLA-b-PEG350 (10/4, molar ratio of D,L-LA monomer to PEG used in the feed) and PDLLA-b-PEG750 (10/4, D,L-LA monomer to PEG molar ratio used

in the feed); COPO3, ABA-type triblock copolymer of DLLA and PEG400, that is, PDLLA-b-PEG400-b-PDLLA (10/2, molar ratio of D,L-LA monomer to PEG used

in the feed); COPO4, 3-star-(PEG-b-PDLLA) block copolymer (10/1.3, molar ratio of D,L-LA monomer to PEG used in the feed); COPO5, 4-star-(PEG-b-PDLLA) block

copolymer (10/1, molar ratio of D,L-LA monomer to PEG used in the feed).
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– Whilst increasing the molecular weight of the plasticizer can
slow down migration rate and thus improve morphological sta-
bility of PLA materials during storage, it also decreases its sol-
ubility and plasticizing efficiency. Additionally, high-molecular
weight plasticizers are keen to phase-separation because of low
saturation concentrations of plasticizers.

COMPOUNDING WITH FLEXIBLE/SOFT POLYMERS—PARTIALLY
MISCIBLE TO IMMISCIBLE BLENDS—WAYS OF COMPATIBILIZATION
The term “blending” refers to the simple mixing of polymeric
materials in the molten state. During the last three decades,
polymer blends have become a very important part of the com-
mercialization of polymers because one can tailor blend com-
positions to meet specific end-use requirements (Baker et al.,
2001). Melt-blending polymers is a much more economical and
convenient methodology at the industrial scale rather than syn-
thesizing new polymers to achieve the properties unattainable
with existing polymers. However, most polymer pairs are immis-
cible, which can lead to phase-separated materials. The latter has
often three inherent problems if the morphology and the inter-
faces of the blend are not well-controlled: (1) poor dispersion of
one polymer phase in the other one; (2) weak interfacial adhesion
between the two phases; and (3) instability of immiscible polymer
blends (Baker et al., 2001). However, immiscible polymer blends
are much more interesting for commercial development because
immiscibility allows maintaining the good features of each poly-
meric component of the blend. One of the most important
challenges is thereby to develop compatibilization techniques
that allow controlling both the morphology and the inter-
faces of phase-separated blends. In general, compatibilization
in physical blends is tuned by the physical interactions (hydro-
gen bonds, Van der Waals interactions etc.) between the blend
components.

PLA has been blended with various polymers for different
purposes, namely for improving its stiffness-toughness balance.
A variety of biodegradable and non-biodegradable soft poly-
mers have been used as toughness modifiers for PLA. Recently,
it has been shown that new impact modifiers can efficiently
strengthen/toughen brittle/stiff PLA, due to their core-shell poly-
meric structure (a block copolymer). They form a soft or elas-
tomeric block having high compatibility and miscibility with the
toughening polymer, and surrounded with a rigid block copoly-
mer, usually having a high compatibility and/or miscibility with
the matrix polymer. When the softer component forms a second
phase within the stiffer continuous phase, it may act as a stress
concentrator, which enables ductile yield and prevents brittle fail-
ure (Babcock et al., 2008). At the same time, the core is “locked
in” by slight crosslinking and grafting with its shell to avoid phase-
separation during blending. Moreover, the adhesion between the
two phases, core-shell polymer and polymer matrix, depends
strongly on the degree of miscibility of the shell polymer with
the matrix, that is, whether they are completely miscible, partially
miscible, or immiscible. However, a partial miscibility between
core-shell modifiers and polymeric matrix is often necessary to
obtain blends of desired impact properties. From the literature,
multiple crazing initiated from the dispersed rubber phase is
recognized to be one of the main mechanisms, which increases

the toughness of glassy materials like polylactide-based materi-
als (Ikeda, 1993; Bucknall, 2007; Mahajan and Hartmaier, 2012).
Some authors have preferred to blend PLA with biodegradable
flexible/soft polymers in order to preserve the overall biodegrad-
ability of resulting blends. Some of these blends are in this regard,
finding short-term applications, namely packaging and mulch
films for agriculture.

Flexible/soft (ε-Caprolactone)-based copolymers
As obtained by ring-opening polymerization of e-caprolactone,
poly(e-caprolactone) (PCL) is a biodegradable and flexible/soft
polyester with a melting temperature of 60◦C and a glass tran-
sition temperature of −60◦C. Due to the low glass transition
temperature, PCL-based materials were considered as interest-
ing impact modifiers. PCL and PLA blends have been extensively
investigated over the past years. For instance, Broz et al. inves-
tigated the tensile properties of blends made of P(D,L-LA) and
PCL at different content in PCL (Broz et al., 2003). Whilst the
strain-at-failure decreases monotonically for PCL contents from
0.6 wt%, the modulus and tensile strength increased almost lin-
early with composition. This was more likely ascribed to some
strengthening of the blend interface in this regime. However,
DSC and NMR results suggested that PCL was able to crys-
tallize to a certain extent within PCL/P(D,L-LA) blends, indi-
cating that phase-separation was more pronounced under these
conditions. However, as shown here, the simple melt blend-
ing of PLA and PCL usually results in a marginal toughness
improvement because of their poor miscibility (López-Rodríguez
et al., 2006). This can be more likely explained by the fact that
PCL can readily crystallize within PLA/PCL blends, leading to
the more pronounced phase-separation. Accordingly, the sim-
ple melt blending of PLA and PCL usually leads to a marginal
improvement in toughness because of their immiscibility (López-
Rodríguez et al., 2006; Vilay et al., 2009). In this regard, some of us
have designed bio-sourced and hydrolytically degradable random
copolyesters based on poly(ε-caprolactone) as a soft core com-
ponent. (Co)polymerization of CL with other lactones affords an
elegant way to modulate the thermal and mechanical properties of
resulting PCL-based materials. The most interesting feature was
that the overall crystallinity of these (co)polyesters decreased with
the comonomer content, yielding rubbery-like materials at ambi-
ent temperature. When dispersed into glassy materials like PLA,
it is well-known that rubbery microdomains can readily absorb
the impact energy. In a first study (Odent et al., 2012), 10 wt.%
of amorphous poly(ε-caprolactone-co-δ-valerolactone) (P[CL-
co-VL]) random aliphatic copolyesters were thereby synthesized
and investigated as biodegradable impact modifiers for commer-
cial PLA using a microcompounder. The use of a high molar
mass copolyester (Mn = ca. 60,000 g/mol) with a molar compo-
sition of 45/55 mol% (CL/VL) resulted in the optimal improve-
ment in notched Izod impact strength for compression-moulded
(vs. injection-moulded) PLA materials (7 kJ/m2) compared to
2.5 kJ/m2 for PLA. According to the author, this improvement
in toughness is also related to the mean size (0.7 μm) and size
distribution of the dispersed copolymer micro-domains through-
out the PLA matrix. In a similar study (Odent et al., 2013b),
the random biocopolyester was synthetized and used as impact
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modifier is poly(ε-caprolactone-co-d,l-lactide) (P[CL-co-LA]). By
varying the comonomer content, a phase inversion was noticed. A
control of the affinity between PCL-based impact modifiers and
PLA matrix gives access to a mixture of spherical microdomains
with similar range of optimum particles diameter (i.e., 0.9 μm)
and nanosized oblong structures, involving a combination of
shear yielding and multiple crazing mechanisms. As a result,
PLA blended with 10 wt.% of the CL/LA composition 72/28
mol.% displayed a maximum impact strength of about 11.4 kJ/m2

(Figure 3). The mean size of the rubbery micro-domains was
0.9 μm in this case.

In the case of brittle polymers, spherical microdomains act
as stress reservoirs and initiate crazing upon the microdomains
size, i.e., larger microdomains size than 0.5 μm are required
to nucleate crazing mechanism and enhance fracture energy
absorption (Donald and Kramer, 1982; Van Der Wal and
Gaymans, 1999). Accordingly, an optimum particle size range (ca.
0.7–0.9 μm) for PLA toughening was identified by correlat-
ing dispersed microdomains size with notched Izod impact
strength (Gramlich et al., 2010; Liu et al., 2011). Wu and
al. correlated rubber particle diameter with chain structure
parameter of the matrix and claimed that the optimum par-
ticle size for toughening decreased as the matrix becomes less
brittle (Wu, 1990). Kowalczyk et al. reported that rubbery
poly[1,4-cis-isoprene] microdomains within PLA-based materi-
als initiated crazing at the early stages of deformation, imme-
diately followed by the cavitation phenomena inside rubbery
microdomains. This latter promotes further shear yielding for
PLA matrix (Kowalczyk and Piorkowska, 2012). More recently,
some of us have elaborated ultratough PLA-based materials by
synergistically adding PLA, rubber-like poly(ε-caprolactone-co-
D,L-lactide) copolyester and silica nanoparticles using extrusion
techniques (Odent et al., 2013a). A peculiar alteration for the
phase-morphology of the rubbery phase within PLA matrix was
achieved by co-adding copolyester and silica nanoparticles into

FIGURE 3 | Influence of the LA comonomer content of copolyester on

the notched Izod impact strength and Young’s modulus of PLA-based

materials containing 10 wt.% of P[CL-co-LA]. [Reprinted from Odent
et al. (2013b) with permission from Elseiver].

PLA matrix. It resulted that regularly obtained spherical nodules
convert into almost continuous features after adding nanopar-
ticles in the PLA-based melt-blend. In the latter, an enhance-
ment of 15-fold impact strength was obtained by comparison to
unfilled PLA.

The use of small molecule reactive additives during com-
pounding has been demonstrated to be an effective way to
improve the compatibility between PLA and PCL. Wang et al.
(1998) investigated the tri-phenyl phosphate (TPP) as a catalyst
or coupling agent for the preparation of PLA and PCL blends.
The addition of 2 phr TPP to PLA/PCL (80/20, w/w) blend
during processing resulted in a higher elongation (127 vs. 28%)
and tensile modulus (1.0 GPa vs. 0.6 GPa) compared to the binary
TPP-free blend. The balance between degradation of molecular
weight and the formation of copolymer was believed to govern
the final mechanical properties of the blends. Reaction time and
molecular weight of PCL used were found to have remarkable
effects on mechanical properties of the blends. Higher molecular
weight PCL (Mn = 80,000 g/mol) and medium reaction time
(15 min) promoted the largest improvement of the ductility. In
another study, di-cumyl peroxide (DCP) was used to promote
reactive compatibilization of the PLA/PCL blends (Semba et al.,
2006). The results showed again that the addition of DCP
increased the ductility of the final material. Further addition of
DCP beyond the optimum amount had an opposite effect on
elongation. AFM observation revealed that the diameter of the
dispersed PCL domains decreased with increasing DCP content.
The addition of 0.3 phr DCP to the optimum ration PLA/PCL =
70/30 resulted in (1) an impact strength of 2.5 times more than
that of neat PLA, (2) an improved blend compatibility, (3) an
improved ultimate tensile strain (4) a yield point and ductile
behavior under tensile test, and (5) mechanical properties compa-
rable to those of HIPS and ABS. In contrast, the addition of DCP
to PLA alone did not alter mechanical properties. It was suggested
that DCP caused crosslinking of PLA with PCL and therefore
improved interfacial adhesion. Depending on feeding procedure,
addition of DCP via the splitting feeding method resulted in a
higher reverse Izod impact strength than feeding at once through
the main hopper (Semba et al., 2007). Lysine tri-isocyanate (LTI)
as a reactive compatibilizer improved the compatibility of PLA
and PCL, resulting in the reduction of size of PCL spherulites
(Takayama and Todo, 2006; Takayama et al., 2006). Impact
fracture toughness markedly improved by increasing LTI content,
which was attributed to the strengthening structure of the blend
as a consequence of crosslinking reactions. The compatibilizing
effect of LTI was compared with four other reactive processing
agents on the PLA/PCL (80/20, w/w) blends (Harada et al.,
2008). The addition of 0.5 phr of each reactive agent resulted
in an increase in the un-notched Charpy impact strength in the
order of LTI > LDI (lysine diisocyanate) > Duranate TPA-100
[1,3.5-tris(6-isocyanatohexyl)- 1,3,5-triazinane-2,4,6-trione] >

Duranate 24A-100 [1,3,5-tris(6-isocyanatohexyl)biuret] >

Epiclon 725 (trimethylolpropane triglycidyl ether). It was
assumed that the reaction of isocyanates group with both termi-
nal hydroxyl and carboxylic groups of polyesters accounted for
improved compatibility at the PLA/PCL interfaces and therefore
the enhancement in the physical properties.

www.frontiersin.org December 2013 | Volume 1 | Article 32 | 17

Publication 14/25

http://www.frontiersin.org
http://www.frontiersin.org/Polymer_Chemistry/archive


Kfoury et al. Recent advances in high performance poly(lactide)

Polyhydroxyalkanoates (PHAs) and their copolyesters
Polyhydroxyalkanoates (PHAs) are biodegradable polyesters pro-
duced by bacterial fermentation of sugar or lipids (Steinbüchel
and Valentin, 1995; Zinn et al., 2001; Poirier, 2002; Noda et al.,
2005) when nutrient shortage is present. Since the range of
monomers available is impressive within this family, the mechan-
ical properties of PHAs can range from stiff thermoplastics
to elastomers dependent on their pendent alkyl chain length
(Scheme 1A). However, only one grade, i.e., Nodax™, was indus-
trially implemented by Procter and Gamble Co., which corre-
spond to copolymers of 3-hydroxybutyrate with a small amount
of 3-hydroxyalkanoate as co-monomer (Scheme 1B) (Noda et al.,
2004, 2005).

In this regard, Noda et al. (2004) melt-blended PLA with a
poly(3-hydroxybutyrate-co-3-hydroxyhexanoate) copolymer, i.e.,
NodaxH6, containing 5 mol% of 3-hydroxyhexanoate (3-HH)
unit. The PLA/NodaxH6 (90/10, w/w) blend exhibited a tensile
toughness of 10 times more than that of neat PLA and an elon-
gation superior to 100%. When NodaxH6 content was less than
20 wt % in the blends, its crystallization was largely restricted and
thereby NodaxH6 was dispersed as rubbery amorphous droplets
within PLA, suggesting that the material was toughened by craze-
initiation. Furthermore, it was interesting that the inclusion of
these small amounts of PHA did not compromise the optical
clarity of PLA itself.

Schreck and Hillmyer investigated the impact toughness of
blends of PLLA with a NodaxH6 containing 7 mol.% of 3-HH
(Schreck and Hillmyer, 2007). The PLLA/NodaxH6 (85/15, w/w)
blend demonstrated a twofold increase in notched Izod impact
strength (44 J/m) compared with that of PLLA (22 J/m). Ma et al.
toughened PLA by melt-compounding with fully bio-based and

SCHEME 1 | (A) General chemical structure of PHAs polyesters where
R=hydrogen or hydrocarbon chains of up to C15 in length; x = 1 to 3. (B)

The general structure of PHA copolyesters. (C) Chemical structure of
poly(butylene adipate-co-terephthalate) (PBAT).

bio-compostable poy(β-hydroxybutyrate-co-β-hydroxyvalerate)
(PLA/PHBV) with high β-hydroxyvalerate content (40 mol%)
(Ma et al., 2013). The blends displayed two separate glass tran-
sition temperatures and two separate phases, indicating that the
PLA and PHBV were immiscible. The toughness and the duc-
tility of PLA can be effectively improved by incorporation of
10–30 wt% of the PHBV as evidenced by a significant increase
in the elongation at break and the impact toughness (Table 8).
The local deformation mechanism revealed that fibrillation, par-
tial interfacial de-bonding, cavitation and matrix yielding were
involved in the toughening mechanism of the PLA/PHBV blends
under impact and tensile testing conditions.

Biodegradable poly(butylene adipate) (PBA), poly(butylene
succinate) (PBS), and poly(butylene adipate-co-butylene
terephthalate) (PBAT)
Poly(butylene adipate-co-terephthalate) (PBAT) is a fully
biodegradable aliphatic–aromatic copolyester (Scheme 1C),
which is commercially available under the trade name of
EcoflexVR (BASF Co.).

PBAT has similar thermal properties to those of LDPE, but
exhibits higher mechanical properties, more particularly higher
flexibility and ductility (elongation > 700%). Even though
PLA/PBAT blend are immiscible, PBAT could be dispersed in PLA
with an average particle size of about 0.3–0.4 μm without use of
compatibilizers in co-rotating twin-screw extruder (Jiang et al.,
2006). The mechanical properties of the different PLA/PBAT
blends are reported in Table 8. It was demonstrated that the
de-bonding-induced shear yield was responsible for the remark-
able high extensibility of the blends. Because of weak interfacial
adhesion in the blends, impact toughness was slightly improved.
Interestingly, the PLA/PBAT blends are now being commercially
produced by BASF Co. under the trademark EcovioVR for film
and extruded foam applications.

To improve the compatibility of PLA/PBAT blends, a random
terpolymer of ethylene, acrylate ester, and glycidyl methacrylate
(referred as “T-GMA”) was investigated as a reactive compati-
bilizer in melt compounding (Zhang et al., 2009a). Regardless
the PLA/PBAT blends composition (70/30, 80/20 or 90/10 wt/wt),
the increase of T-GMA content up to 5 wt% resulted in a great
improvement of tensile nominal strain at break (Figure 4A) and
the notched impact strength (Figure 4B) to reach more than
150% and 30 kJ/m2, respectively, approximately two times that
of the uncompatibilized binary blends. These results were corre-
lated to the good miscibility and interfacial adhesion between PLA
and PBAT, leading to a shear yielding mechanism when increasing
the T-GMA content. The authors attributed the better interfa-
cial adhesion to the in situ reactive compatibilization phenomena
(Scheme 2A).

Lin et al. (2012) compatibilized the biodegradable blends
poly(lactic acid) (PLA)/poly(butylene adipate-co-terephthalate)
(PBAT) by in situ transesterification using various amounts of
tetrabutyl titanate (TBT) as catalyst. The incorporation of 0.5%
of TBT into PLA/PBAT blends not only improved their overall
mechanical properties as well as gave values of tensile strength,
elongation at break and impact strength of 45 MPa, 298% and
9 kJ/m2 (Figures 5A,B), respectively. It was also demonstrated
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FIGURE 4 | (A) Stress–strain curves of PLA/PBAT (90/10 wt%) blend in the
presence of T-GMA. The inset gives details of stress–strain of the blends in
the neighborhood of yield points. (B) Effect of T-GMA concentration in the
PLA/PBAT blends (PLA/PBAT = 90/10, 80/20, 70/30 wt%) on impact
strength. [Zhang et al. (2009a) original copyright with kind permission from
Springer Science and Business Media].

that the storage modulus of the blends and glass transition tem-
perature (Figure 5C) were enhanced compared to the binary
blends free of TBT. The SEM micrographs demonstrated that the
compatibility between PLA and PBAT was improved via trans-
esterification during reactive melt-extrusion. The interfacial de-
bonding and the yielding deformation were the most important
mechanisms to improve toughness.

Poly(butylene succinate)s (PBS) and their copolyesters
PLA is immiscible with PBS. In some studies, a third in situ reac-
tive component was incorporated to improve compatibility. PBS
was melt blended with PLA without compatibilizer and using LDI
and LTI as compatibilization agents (Harada et al., 2007). For all
PLA/PBS compositions ranging from 90/10 to 80/20 wt.%, only
the addition of 0.5 wt.% of LDI or 0.15 wt.% of LTI increased

the elongation at break to more than 150%. Impact strength also
increased to reach 50–70 kJ/m2. For PLA/PBS (80/20 wt/wt) with
LTI, the un-notched samples did not break during the impact
test. Furthermore, due to the addition of 0.15 phr LTI into the
PLA/PBS (90/10, wt/wt) blend, the size of dispersed PBS parti-
cles was significantly reduced. Consequently, LTI was an effective
reactive processing agent capable of increasing the toughness
of the PLA/PBS blends. Similar results were observed by using
LTI with PLA/PBSL (Vannaladsaysy et al., 2009) with effectively
improved blend compatibility and higher energy dissipation dur-
ing the initiation and propagation of crack growth. This results
in the suppression of spherulite formation of PBSL and the for-
mation of a firm structure made of entanglements between both
PLLA and PBSL chains. DCP was also used for in situ compat-
ibilization of the PLLA/PBS (80/20 wt/wt) blend (Wang et al.,
2009). The uncompatibilized blend showed much higher elonga-
tion than PLLA (250 vs. 4%), but only slightly higher notched
Izod impact strength (3.7 kJ/m2 vs.2.5 kJ/m2 for PLA). Addition
of 0.1 phr DCP greatly increased the impact strength of the blend
to 30 kJ/m2. Both strengths and moduli invariably decreased with
increasing DCP content. It was found that the addition of DCP
led to a reduction in the size of the PBS domains and improved
interfacial adhesion between the PLLA and PBS phases. The
toughening effect of the blends was considered to be related to
the de-bonding initiated shear yielding. In a similar way, blending
PLA with other polycondensates like biodegradable poly(butylene
adipate) (PBA) and poly(butylene succinate) (PBS) was also
investigated on the toughening effect. These results were com-
pared with PBAT/PLA blends. Like PBAT, these (co)polyesters
can be readily synthesized by melt-polycondensation (Zhao et al.,
2010). As far as blends are concerned, a considerably high elon-
gation at break with a moderate loss of strength was observed
for all the blends, regardless the investigated copolyesters. For
instance, the elongation at break and the impact strength increase
with polyester content, until reaching maximum values (>600%
and >35 KJ/m2, respectively) at a PBA/PBS/PBAT content of
15 and 20%, respectively. The addition of PBA/PBS/PBAT into
PLA improves the toughness, but reduces the stiffness of the lat-
ter. Moreover, the crystallization ability of PLA blends can be
increased by the addition of a small amount of PBS/PBA/PBAT.

Poly(ethylene oxide-b-amide-12) (PEBA) or Pebax�

Biosourced and biodegradable poly(ethylene oxide-b-amide-12)
(PEBA) was used as a toughening agent for PLA via melt com-
pounding. PLA/PEBA blends are an immiscible system with a
two-phase morphology (Han et al., 2013). By increasing the PEBA
content, the binary blends displayed a marked improvement in
toughness. All PLA/PEBA blends showed a clear stress yielding
on the stress–strain curves with necking when the PEBA con-
tents varied from 10 to 30%. For the blend with 20% PEBA,
the elongation at break markedly increased to 346%, correspond-
ing to a 50-fold increase compared with the elongation at break
of neat PLA. The impact strength of the blend was significantly
enhanced at 20% (or more) of added PEBA as well. The max-
imum impact strength reached was of 60.5 kJ/m2, indicating
that a significant toughening effect was achieved (Table 8). The
phase morphology evolution in the PLA/PEBA blends during
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SCHEME 2 | (A) Predicted reaction of PLA, PBAT, and T-GMA
[Zhang et al. (2009a), original copyright with kind permission
from Springer Science and Business Media]. (B) Schematic
showing the proposed in-situ crosslinking of the terminal hydroxyl

groups from HBP or PLA with isocyanate groups from the ITPB
during reactive blending in extruder at 180◦C [Nyambo et al.
(2012), original copyright with kind permission from Springer
Science and Business Media].

tensile and impact tests were investigated, and the correspond-
ing toughening mechanism was discussed. Remarkably, a clear
shear yielding bands perpendicular to the stretching direction and
crack propagation along the tensile direction were observed dur-
ing the tensile test. Moreover, the obvious plastic deformation in
the blend was observed during the impact test. The shear yielding
induced energy dissipation and therefore led to the improvement
in toughness of the PLA/PEBA blends.

Polyurethane and polyamide elastomers
Feng et al. used a thermoplastic polyurethane (TPU) elastomer
with a high strength, toughness and biocompatibility to prepare
PLA/TPU blends suitable for a wide range of applications of PLA
as general-purpose plastics (Feng and Ye, 2011). The morpholog-
ical structure and mechanical properties of the PLA/TPU blends
indicated that an obvious yield and neck formation was observed
for the PLA/TPU blends (Figure 6A). The stress–strain curves
of the blends exhibited an elastic deformation stress plateau,
indicating the transition of PLA from brittle to ductile fracture.

The elongation at break and notched impact strength for the
PLA/20 wt% TPU blend reached 350% and 25 kJ/m2, respectively,
without an obvious drop in the tensile strength (Figure 6B). The
respective Tg ’s of PLA and TPU in the blends also shifted to inter-
mediate values, suggesting a partially miscible system due to the
hydrogen bonding formed between the chains of TPU and PLA.
Spherical particles of TPU dispersed homogeneously in the PLA
matrix, and the fracture surface presented much roughness. With
increasing TPU content, the blends exhibited increasing tough
failure thanks to the improved crack initiation resistance and
crack propagation resistance. It was evident that the use of TPU
greatly improved the toughness of PLA.

In a similar study, Han et al. also investigated the toughness
effect of TPU on PLA (Han and Huang, 2011). The study of
the blends morphology as a function of TPU contents showed
that PLA was incompatible with TPU. The spherical particles
dispersed in PLA matrix, and the uniformity decreased with
increasing TPU content. There existed long threads among some
TPU droplets in blend with 30 wt.% TPU. After addition of
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FIGURE 5 | (A) Effect of TBT concentrations on the tensile strength and
elongation at break. (B) Variation of impact strength of PLA/PBAT blends
with TBT concentration. (C) Temperature dependence of storage modulus
of pure PLA and its blends [Reprinted from Lin et al. (2012) with permission
from Elseiver].

30 wt.% TPU, the elongation at break of the blend reached about
600% (Figure 7), and the samples could not be broken up in the
notched Izod impact tests at room temperature. The toughen-
ing mechanism was analyzed through three aspects, including the
stress whitening, matrix ligament thickness, and observation of

the fracture surface of the impacted sample. The matrix ligament
thickness of the PLA/TPU blends was below the critical value, and
the blends deformed to a large extent because of shear yield ini-
tiated by stress-concentrations and interfacial de-bonding. This
resulted in the formation of fibers in both tensile and impact
samples and the dissipation of a large amount of energy.

Some other blends with polyurethane (PU) and polyamide
elastomers (PAE) were elaborated in order to study their mechan-
ical properties (Table 7). PLA/PU blends were found to be par-
tially miscible, and PU was dispersed in PLA within domain sizes
at the submicrometer scale. It was demonstrated that matrix shear
yielding initiated by de-bonding at the matrix/particle interface
was considered to be responsible for the improved toughness.
Their mechanical properties are reported in Table 8.

Dynamic mechanical analysis (DMA) demonstrated a good
compatibility between PAE and PLA blends. A gook tu od disper-
sion of PAE in PLA matrix was shown in SEM images. When the
PAE content was fixed to 10%, the tensile strength of blend was
similar to that of neat PLA, and the elongation increased signif-
icantly to 194.6%. Remarkably, the blends showed a wonderful
shape-memory effect. PAE domains act as stress concentrators
in system with the stress release locally and lead to energy-
dissipation process. This prevents PLA matrix from breaking
under high deformation, and lead to the PLA molecular orien-
tation. Consequently, the blends submitted to deformation upon
tensile load, and heating up the material reform the shape back to
the original shape. Table 8 lists the obtained results.

Natural rubber
Natural rubber (NR) can be a good impact modifier candidate
for PLA because it is derived from renewable resource. However,
because of its incompatibility with PLA, it does not provide the
desired improvement of PLA toughness. It has also several prop-
erties and appearance issues. Interestingly, epoxidized natural
rubber (ENR) is more compatible with PLA. The toughness of
the final material is dependent on the level of epoxy functions
present in the ENR. Bitinis et al. investigated some formulations
of natural rubber (NR)–PLA blends (Bitinis et al., 2011). The rub-
ber phase was uniformly dispersed in the continuous PLA matrix
with a droplet size ranging from 1.1 to 2.0 μm. The ductility of
PLA was significantly improved from 5% for neat PLA to 200%
by adding 10 wt.% NR as reported in Table 8. At this concentra-
tion, the rubber droplets provided an optimum balance between
their coalescence and their beneficial effect provided on the mate-
rial’s physical and mechanical behavior, without sacrificing totally
the transparency of the material. Moreover, the small molecules
contained in the elastomeric phase could be acting as nucleat-
ing agent, favoring the crystallization ability of PLA. According
to the authors, these materials are, therefore, very promising for
industrial applications.

Zhang et al. toughened PLA with epoxidized natural rub-
ber (ENR) by melt-blending in an internal mixer (Zhang et al.,
2013a). Whilst the stiffness of the material was slightly reduced,
the impact strength of the latter could be improved to 6-fold
values as compared to that of pure PLA. Again, the authors
attributed this enhancement to a good interfacial adhesion
between ENR and PLA.
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FIGURE 6 | (A) Tensile stress–strain curves of the PLA/TPU blends: (1) PLA/TPU (100/0), (2) PLA/TPU (90/10), (3) PLA/TPU (80/20), and (4) PLA/TPU (70/30). (B)

Mechanical properties of the PLA/TPU blends as a function of the TPU content. Copyright (2010) Wiley; used with permission from Feng and Ye (2011).

FIGURE 7 | (A) Stress–strain curves, (B) Tensile properties, and (C) Impact strength of PLA/TPU blends with different TPU contents. Copyright (2011) Wiley;
used with permission from Han and Huang (2011).

Ge et al. blended PLA with glycerol monostearate (GMS) (Ge
et al., 2013) (Figure 8). SEM micrographs of the impact frac-
ture surfaces of PLA/GMS blends had a relatively good separation
and this phenomenon was in good agreement with their higher
impact strength. The result showed that the addition of GMS

enhanced the flexibility of PLA/GMS blends as compared to neat
PLA. The impact strength changed from 4.7 kJ/m2 for neat PLA
to 48.2 kJ/m2 for 70/30 PLA/GMS blend (Table 8).

Ma et al. studied the influence of vinyl acetate (VA) content in
ethylene-co-vinyl acetate copolymer (EVA) rubbers (Levapren®)
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Table 7 | Blends with biodegradable elastomers and rubbers.

Elastomer category Elastomer name PLA/Elastomer

(wt/wt)

Tensile

strength

(MPa)

Tensile modulus

E (GPa)

Tensile

elongation

ε (%)

Izod impact

strength (J/m)

References

– – 100/0 65 – 4 64 (Unnotched)
27 (Notched)

Li and
Shimizu, 2007

Biodegradable PU
Elastomer

Thermoplastic
Poly(ether)urethane

70/30 31.5 – 363 315
(Unnotched)

Pellethane™2102-
75A

70/30 – – 410 769 (Notched) Natureworks
LLC, 2007

– – 100/0 46.8 1.8 5.1 – Zhang et al.,
2009b

Biodegradable
Polyamide
Elastomer

Thermoplastic PAE 5 48.1 1.5 161.5 –

20 23.4 - 184.6 –

on toughening mechanisms of PLA-based materials (Ma et al.,
2012) (Figure 9). They showed that the increase of VA content
improves the compatibility between the components of the blend,
since PLA is miscible with PVAc (no phase separation). The
toughness of the PLA/EVA (80/20 wt/wt) blends firstly increased
with VA content up to 50 wt.% and then declined. At high VA
content, it resulted the formation of small EVA particles that
could not cavitate under impact testing, whereas at low VA con-
tent, large EVA particle size was achieved. However, in the latter,
there had a weak interfacial adhesion, affecting the toughness of
the PLA/EVA blends. As a result, the optimum toughening effi-
ciency of EVA on PLA was obtained at VA content of 50–60 wt.%.
The EVA with VA content of 50 wt.% (i.e., EVA50) was selected
to study the toughening effect of EVA content in the PLA/EVA
blends. Even 5 wt.% EVA50 could already make PLA ductile (εb ≈
300%). However, the notched Izod impact toughness of this blend
was not obviously improved due to a strain-rate dependence of
the rubber cavitation (Dompas and Groeninckx, 1994; Jansen
et al., 1999). Interestingly, the notched Izod impact toughness
of the PLA/EVA50 blends was considerably improved in pres-
ence of 15 wt.% EVA50. By further increasing the EVA50 content,
super-tough PLA/EVA50 blends could be obtained. The rea-
son for brittleness of amorphous polymers is strain-localization,
which could be delocalized by the dispersed rubber phase via
a (pre)cavitation process. The morphology of PLA/EVA blends
could be tuned by the VA content in the EVA copolymers as well
as with the EVA content within the blends. The moderate parti-
cle size and the low modulus of the non-crosslinked EVA rubber
particles are suitable for cavitation in the presence of tri-axial
strain/stress [66, (Bucknall and Paul, 2009)]. Consequently, inter-
nal EVA rubber cavitation in the PLA matrix occurred under both
the impact and tensile testing. Meanwhile, no obvious crazes were
observed after deformation. In this regard, internal rubber cavi-
tation in combination with matrix yielding is proposed to be the
dominant toughening mechanism for the PLA/EVA blends.

To improve its toughness and crystallization, Zhang et al.
(2013c) melt-blended PLA with ethylene/methyl acrylate/glycidyl

methacrylate terpolymer (EGA) containing relatively high-
concentration of epoxide groups (8 wt%). Although we cannot
exclude any coupling reaction between epoxide groups and end-
functionality (hydroxyl) from PLA chains, the addition of EGA
accelerated the crystallization rate and increased the final crys-
tallinity of PLA in the blends. Significant enhancements in both
toughness and flexibility of PLA were achieved by the incorpo-
ration of 20–30 wt% EGA. The impact strength increased from
3 kJ/m2 of neat PLA to 60 kJ/m2 and the elongation at break
increased from 5 to 232% (Table 11). The failure mode changed
from brittle to ductile fracture of the blend. The phase sepa-
rated morphology with relatively good interfacial adhesion played
an important role in the improvement in crystallization and
toughness of the blend.

Petchwattana et al. (2012) utilized ultrafine rubbery par-
ticles as toughening agent to reduce the brittleness of PLA.
Elastomeric particles of acrylate rubber were added to PLA in
the range from 0.1 to 10 wt% (Figure 10). Maximum reduc-
tion of the flexural modulus and the tensile modulus was
achieved by 20 and 45% respectively, when the acrylate rub-
ber content was of 10 wt%. However, under stress, the rubber-
modified PLA could be uniaxially deformed to elongation at
break of nearly 200%, accounting for an increase by 50 times
in comparison to PLA. The toughening efficiency of the ultra-
fine rubber particles was also reflected through the signifi-
cant increase in the impact strength by a four-fold factor.
Fractographs of the acrylate rubber-modified PLA revealed a
plastic deformation and a good dispersion and adhesion of
the rubber particles within the PLA matrix. Therefore, they
played an important role in dissipating the energy by forma-
tion of multiple crazes. The crazing mechanism was found to
be the major impact mechanism of the acrylate rubber modified
PLA system.

Jiang et al. (2006) and Li and Shimizu (2007) attributed the
toughening behavior of the PLA-based blends to debonding at the
matrix/particle interface during deformation, which released the
hydrostatic stress and facilitated shear yielding to occur.
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Table 8 | Mechanical properties of different PLA blends with biodegradable flexible/soft polymers.

Formulation (wt.%) Et (MPa) σy (MPa) εb(%) NIIE (KJ/m2)

PLA/PHBV (Ma et al., 2013) U-NIIE (KJ/m2) Ef(GPa) σf (MPa)

100/0 68 4 2.5 16 3.5 109

95/5 62 5 2.7 15 3.4 96

90/10 53 220 3.1 23 3.0 85

80/20 42 230 11 150n.f. 2.5 66

70/30 35 260 10 127n.f. 2.0 51

50/50 15 15 6 41 1.2 21

0/100 9 12 48 45n.f. 0.5 11

PLA/PBAT (Jiang et al., 2006)

100/0 3400 63 3.7 2.6

95/5 – – ∼115 –

80/20 2600 47 >200 4.4

PLA/PEBA (Han et al., 2013)

100/0 1170 ± 42 60.0 ± 1.1 6.7 ± 0.4 4.5 ± 0.6

95/5 1151 ± 75 49.3 ± 1.2 13.7 ± 0.8 7.1 ± 0.3

90/10 1156 ± 44 46.8 ± 0.4 283 ± 18 7.4 ± 0.4

85/15 1062 ± 48 42.5 ± 0.9 313 ± 2 9.1 ± 0.4

80/20 1011 ± 41 42.4 ± 1.0 346 ± 18 39.3 ± 2.2

70/30 911 ± 54 36.8 ± 0.6 335 ± 5 60.5 ± 1.0

PLA/PAE (Zhang et al., 2009b) Es (MPa) Tg PAE(◦C) Tg PLA(◦C)

100/0 1814 46.8 5.1 2460 79.48

95/5 1517 48.1 161.5 2116 –47.31 77.85

90/10 1633 40.9 194.6 2017 –53.87 75.97

80/20 1240 23.7 184.6 1442 –57.89 74.47

70/30 1050 24.6 367.2 1395 –60.26 73.84

PLA/NR (Bitinis et al., 2011)

Pristine PLA 2900 ± 100 63.1 ± 1.1 3.3 ± 0.4

Processed PLA 3100 ± 40 58.0 ± 1.5 5.3 ± 0.7

95/5 2500 ± 60 50.4 ± 1.6 48 ± 22

90/10 2000 ± 50 40.1 ± 1.5 200 ± 14

80/20 1800 ± 80 24.9 ± 0.9 73 ± 45

PLA/GMS (Ge et al., 2013)

100/0 1777 ± 42 69.8 ± 3.2 5.7 ± 0.3 4.7 ± 0.2

95/5 1570 ± 44 44.8 ± 1.3 4.5 ± 0.5 8.1 ± 0.4

90/10 1200 ± 12 41.9 ± 4.6 7.6 ± 2.4 8.5 ± 0.5

85/15 1270 ± 36 39.7 ± 1.0 11 ± 5.0 15.5 ± 0.3

80/20 1210 ± 17 35.1 ± 2.1 9.5 ± 6.5 36.7 ± 0.3

75/25 1190 ± 24 32.4 ± 1.8 11 ± 3.1 46.1 ± 2.9

70/30 695 ± 38 29.9 ± 2.6 45 ± 15.8 48.2 ± 4.6

Et , Tensile modulus; σy , Tensile yield stress; εb, Tensile elongation at break; NIE, Notched Izod Impact Energy; U-NIIE, Un-Notched Izod Impact Energy; Ef , Flexural

modulus; σf , Flexural stress; Es, Storage modulus; Tg, Glass transition temperature by DMA; n.f., Not (completely) fractured.

Zhao et al. (2013) (Figure 11) used a unique ultrafine full-
vulcanized powdered ethyl acrylate rubber (EA-UFPR) as tough-
ening modifier for PLA. Largely improved tensile toughness was
successfully achieved by the incorporation of only 1 wt% EA-
UFPR, while the tensile strength and modulus of the blends were
almost the same as pure PLA. The highly efficient toughening of

UFPR on PLA could be mainly ascribed to the strong interfacial
interaction between PLA and UFPR as well as a good disper-
sion of UFPR particles in PLA matrix. This induces de-bonding
cavitation at the PLA/UFPR interfaces during stretching, leading
to an extensive energy dissipation and superior tensile tough-
ness. It should be highlighted that this work provided an effective
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toughening method to largely improve the mechanical properties
of PLA without sacrificing its stiffness, which is very important
for the wide application of PLA materials.

Taib et al. (2012) toughened PLA with a commercially avail-
able ethylene acrylate copolymer impact modifier. PLA/impact
modifier blends were partially miscible as confirmed by dynamic
mechanical analysis. With increasing the impact modifier con-
tent, the stress-strain curves showed that the brittle behavior
of PLA changed to ductile-failure. The blends showed some
improvement in the elongation at break and notched impact
strength, highlighting the toughening effects provided by the
impact modifier again. In contrast, the yield stress and tensile
modulus decreased with the increase in the impact modifier con-
tent (Figure 12A). Scanning electron microscopy micrographs
revealed that the impact mechanisms among others involved
shear-yielding or plastic deformation of the PLA matrix induced

FIGURE 8 | The impact strength as a function of inter-particle distance

of GMS. Copyright (2012) Wiley; used with permission from Ge et al.
(2013).

by interfacial de-bonding between the PLA and the impact mod-
ifier domains. In addition to shear-yielding of PLA, extensive
deformation of the impact modifier domains was observed on
the fractured surface, which accounts for the “partial” break of
the blend after the impact test (Figure 12B).

PLA with polyethylene using PLLA-b-PE diblock copolymers as a
compatibilizer (Anderson et al., 2003; Anderson and Hillmyer, 2004)
The addition of PLLA-b-PE block copolymers into the binary
blend PLA/LLDPE resulted in improved interfacial adhesion
and finer dispersion of LLDPE in PLA matrix. With the addi-
tion to the blend PLA/LLDPE (80/20, w/w) of 5 wt% of the
block copolymer [with molecular weights for the PLA block
above its entanglement molecular weight Mc, that is, PLLA-b-
PE (30–30 w/w)], the impact strength was drastically increased
to 460 J/m (Figure 13). This difference was attributed to the
superior ability of the block copolymer from the long PLLA
block to suppress the coalescence of dispersed phase. Table 9
lists the impact strength properties as a function of the
blend composition as well as some explanations of the occur-
ring phenomena.

By increasing the amounts of PLLA-b-PE (30–30 wt/wt) block
copolymer in the PLLA/LLDPE (80/20, wt/wt) blends, the size
of dispersed LLDPE particles was gradually reduced. At 3 wt.%
of block copolymer, the size of the dispersed LLDPE particles
began leveling off at less than 1.0 μm, and the impact resistance
drastically increased (Figure 14 and Table 10).

Meng et al. successfully synthetized poly(butyl acrylate) (PBA)
in order to melt-blend with PLA using a Haake Rheometer (Meng
et al., 2012). Dynamic rheology, SEM and DSC results showed
that PLA was partially miscible with PBA. The crystallinity of PLA
increased with the content of PBA (<15 wt.%). By increasing PBA
content, the tensile strength and modulus of the blend decreased
slightly, while the elongation at break and toughness dramatically
increased (Table 11). The failure mode changes from brittle to
ductile fracture of the blend with PBA as well. SEM micrographs
revealed that a de-bonding-initiated shear yielding mechanism is

FIGURE 9 | (A) Impact toughness and (B) tensile properties of the PLA/EVA (80/20) blends as a function of VA content in the EVA copolymers [Reprinted from
Ma et al. (2012) with permission from Elseiver].

www.frontiersin.org December 2013 | Volume 1 | Article 32 | 25

Publication 14/25

http://www.frontiersin.org
http://www.frontiersin.org/Polymer_Chemistry/archive


Kfoury et al. Recent advances in high performance poly(lactide)

involved in the toughening of the blend. Rheological investiga-
tion revealed that a phase segregation occurred at loading above
11 wt.% PBA. UV–vis light transmittance showed that PLA/PBA
blends had a high transparency, but the transparency slightly
decreased with the amount of PBA.

Commercially available impact modifiers for PLA. Recently, sev-
eral polymeric impact modifiers have been specifically produced
and commercialized in order to toughen brittle PLA (Table 12).
These impact modifiers may be based on either linear thermo-
plastics/elastomers having a low glass transition temperature or
crosslinked core-shell block copolymers, where the core is mainly
a rubbery soft block encapsulated by a glassy and rigid shell that
brings a good interfacial compatibilization with the matrix. In the
optimal conditions (dispersion, compatibilization/adhesion, size
and size distribution. . . ), they dissipate the mechanical energy,
retarding the initiation and propagation of micro-cracks through
the polymer matrix.

Recently, Scaffaro et al. (2011) have compared toughening
effects of OnCap™ BIO Impact T and Sukano® PLA im S550
on PLA. Both modifiers were immiscible with PLA, but Sukano®
PLA im S550 displayed a more homogeneous dispersion in the
PLA matrix. It was found that none of the impact modifiers

FIGURE 10 | (A) SEM micrograph and (B) the article size distribution of the
ultrafine acrylate rubber particles [Reprinted from Petchwattana et al. (2012)
with permission from Elseiver].

brought obvious increase in elongation to PLA. The maximum
Izod impact strength of 141 J/m was achieved by adding 8 wt.%
Sukano® PLA im S550, while the impact strength increased only
to 124 J/m even with the addition of OnCap™ BIO Impact T.
Murariu et al. (2008b) studied toughening effects of Biomax
Strong® 100 on PLA and high-filled PLA/b-calcium sulphate
anhydrite (AII) composites. Notched Izod impact strength of
PLA containing 5 and 10 wt.% Biomax Strong® 100 increased
from 2.6 kJ/m2 of the neat PLA to 4.6 and 12.4 kJ/m2, respec-
tively. Elongation at break was more than 25% for the blend
containing 10 wt.% of the impact modifier, while tensile strength
and modulus of PLA gradually decreased with the addition of
the impact modifier. Addition of 5 and 10 wt% of the impact
modifier to the PLA/AII (70/30, wt/wt) composite also increased
their impact strength to 4.5 and 5.7 kJ/m2, respectively. Impact
strength slightly decreased with further increase of the filler
loading to 40 wt.%, but remained higher than that of both
the unmodified composites and the neat PLA. On the other
hand, for the PLA composites containing 40% of filler, tensile
strength and elongation markedly decreased with the incorpo-
ration of the impact modifier. Zhu et al. (2009) studied the
films of PLA blends containing either Biomax Strong® 100 or
Sukano® PLA im S550 as a toughening agent. It was shown
that the modulus decreased when increasing the concentration
of Biomax Strong® 100 modifier, but was relatively independent
of the concentration of Sukano® PLA im S550. The maximum
elongation was of 255% in presence of 12 wt.% of BiomaxVR
Strong 100 and of 240% in presence of 8 wt.% of Sukano® PLA
im S550, while elongation at break of neat PLA was of about
90%. For a given composition, the latter impact modifier gave
a clearer film than Biomax® Strong 100, but the clarity of films
decreased as the concentration increased for both toughening
agents. Afrifah and Matuana (2010) investigated the tough-
ening mechanisms of PLA blended with an ethylene/acrylate
copolymer (EAC) to show a mode of fracture through crazing
or microcracking and debonding of impact modifier particles
with the matrix. This resulted in brittle failure at low content.
Higher impact modifier content than 10 wt% revealed fracture
mechanisms including impact modifier debonding, fibrillation,

FIGURE 11 | Particle size distribution of UFPR (A), PLA-UFPR1 (B), and PLA-UFPR5 (C). Dn, average particle diameter; sn, average matrix ligament
thickness (interparticle distance). [Reprinted from Zhao et al. (2013) with permission from Elseiver].
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FIGURE 12 | (A) Tensile properties of PLA and PLA/impact modifier blends.
(a) Yield stress; (b) tensile modulus; and (c) elongation at break. (B)

Notched impact strength of PLA and PLA/ impact modifier blends. Notched
impact strength for PP = 7.81 6 ± 1.50 kJ/m2. Copyright (2011) Wiley; used
with permission from Taib et al. (2012).

crack bridging, and matrix shear yielding, resulting in a duc-
tile behavior. They also demonstrated that Biomax® Strong 100
yielded superior toughening on semi-crystalline PLA over amor-
phous PLA. With 40 wt.% of the toughening agent, the notched

FIGURE 13 | Relationship between matrix ligament thickness (MLT)

and impact resistance for: 80:20 PLLA/LLDPE binary blend (open

circles); 80:20:5 PLLA/LLDPE/PLLA–PE(5–30) (black circles); 80:20:5

PLLA/LLDPE/PLLA-b-PE(30–30) (gray circles); 80:20 (w/w) PLA/LLDPE

binary blend (open squares); and 80:20:5 (w/w)

PLA/LLDPE/PLLA-b-PE(30–30) (gray squares). Copyright (2003) Wiley;
used with permission from Anderson et al. (2003).

Izod impact strength of the semi-crystalline PLA increased from
16.9 J/m for amorphous PLA to 248.4 J/m for semi-crystalline
PLA. In addition, the presence of 15 wt.% Biomax® Strong 100
reduced the brittle-to-ductile transition temperature of PLA, as
revealed by the notched Izod impact test data from the frozen
specimens. Ito et al. (2010) investigated the fracture mechanism
of neat PLA and PLA blends toughened with an acrylic core–shell
modifier. The acrylic modifier was composed of a crosslinked
alkyl acrylate rubber core and PMMA shell, and the particle size
was in the range of 100–300 nm. Plane strain compression test-
ing of PLA clearly showed strong softening after yielding. Because
the stress for craze nucleation was close to that of yield stress,
brittle fracture occurred for neat PLA. Addition of the acrylic
modifier significantly lowered the yield stress and formed many
microvoids. The release of strain constrained by microvoiding
and the decrease of yield stress led to the relaxation of stress
concentration, and therefore the toughness was improved mod-
erately. Table 9 summarizes the reported mechanical properties
of some of highly toughened PLA blends prepared via melt-
blending. From Table 9, it results that in order for a rubbery
polymer to impart toughness to PLA or any other polymer, sev-
eral criteria must be encountered as follows (Natureworks LLC,
2007):

– the rubber must be distributed as small domains (usually
0.1–1.0 μm) in the matrix polymer;

– the rubber must have a good interfacial adhesion to PLA;
– the glass transition temperature of the rubber must be at least

20◦C lower that the test/use temperature;
– the molecular weight of the rubber must not be too low;
– the rubber should not be miscible, to a certain extent, with the

polymer matrix;
– and the rubber must be thermally stable to PLA processing

temperatures.
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Table 9 | Results summary and explanation.

Blend system Compatibilizer

(PLLA-b-PE)

Impact

strength (J/m)

Explanation

a-PLA – 12

a-PLA/LLDPE (80wt%/20wt%) – 34

a-PLA/LLDPE (80wt%/20wt%) 5 wt%a 36 The difference is attributed to superior ability of the PLLA-b-PE from the
longer PLLA block to suppress the coalescence of the dispersed phase

a-PLA/LLDPE (80wt%/20wt%) 5 wt%b 460

PLLA – 20

PLLA/LLDPE (80wt%/20wt%) – 350 Adhesion test showed a superior interfacial adhesion when used
semicrystalline PLLA instead of amorphous a-PLA

PLLA/LLDPE (80wt%/20wt%) 5 wt%a 510 The tacticity effects on either the Mc of PLA or the miscibility degree of PLA
matrix with LLDPE phase accounted for the difference between the two
binary blends

PLLA/LLDPE (80wt%/20wt%) 5 wt%b 660

a-PLA, amorphous PLA; PLLA, semicrystalline PLA; LLDPE, linear low density polyethylene.
aThe molecular weight of PLLA block in PLLA-b-PE is 5 kg/mol < Mc = 9 kg/mol.
bThe molecular weight of PLLA block in PLLA-b-PE is 30 kg/mol > Mc = 9 kg/mol.

Mc = 9 kg/mol is the critical entanglement molecular weight of PLLA block in PLLA-b-PE.

FIGURE 14 | Effect of the amount of PLLA–PE(30–30) block copolymer

on the impact resistance (squares) and the LLDPE particle size

(triangles) of 80: 20 PLLA/LLDPE blends. Copyright (2003) Wiley; used
with permission from Anderson et al. (2003).

These factors will allow the rubber to induce energy dissipation
mechanisms in PLA, which retard crack-initiation and propaga-
tion and ultimately result in a material with improved toughness.
PLA is similar to many polymers that can undergo plastic flow
mechanisms, initiated by dispersed rubber domains. The increase
in toughness comes from the transfer of the impact energy to
plastic flow, either in the form of crazing or shear yielding mech-
anisms through a large volume fraction of polymer. In PLA,
excellent toughness balance can be obtained with 15–25% of
impact modifier, even if little improvement can be seen by the
addition of 3–5% of impact modifier. Typically like most con-
ventional thermoplastics, PLA can be toughened after blending

Table 10 | Particle size analysis and impact resistance of PLLA

homopolymer and blends [Copyright (2003) Wiley; used with

permission from Anderson et al. (2003)].

PLLA/LLDPE/ PLLA-PE LLDPE particle Izod impact

PLLA-PE block block size (μm) resistance (J/m)

100/0/0 20 ± 2

80/20/0 2.8 ± 1.3 350 ± 230

80/20/5 5–30 1.9 ± 0.2 510 ± 60

80/20/5 30–30 0.9 ± 0.2 660 ± 50

with rubbery polymers such as low modulus polyesters, linear
elastomers, or cross-linked core-shell impact modifiers, which
have been observed to impart the highest degree of toughening
in PLA. These modifiers typically consist of a low Tg crosslinked
rubbery core (Tg < −10◦C) encapsulated by a glassy shell poly-
mer (Tg > 50◦C) that has good interfacial adhesion with the
matrix polymer. When well-dispersed, these modifiers act as
nanoscale or microscale rubbery domains that dissipate mechan-
ical energy to retard or arrest crack initiation and propagation
through the polymer. Some possible major drawbacks resulting
from blending PLA with impact modifiers are the dispersion of
the micro-domains in the PLA matrix and the transparency of
the resulting material. The latter case depends to some extent on
the dispersion of the micro-domains and their size. The addi-
tion of impact modifier to PLA often results in a substantial
decrease in clarity of the toughened blend, although high clar-
ity is required for many PLA applications. To retain the good
clarity and transparency of PLA, for instance, small dispersed par-
ticles have to have a similar refractive index as PLA as well as
the particle size has to be inferior to the visible light wavelength.
The use of very small rubber particles with refractive indexes
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Table 11 | Mechanical properties of different PLA blends with non-biodegradable flexible/soft polymers.

Formulation (wt.%) Et (MPa) σy (MPa) εb(%) NIIE (KJ/m2)

PLA/EVA50 (Ma et al., 2012) Hardness (Shore D) Ef(GPa) σf (MPa)

100/0 75 9 3 86 3.7 105

95/5 68 310 2 85 3.3 90

90/10 61 390 5 84 2.9 75

85/15 54 430 32 82 2.7 70

80/20 45 340 64 80 2.4 65

70/30 37 400 83 76 1.9 50

PLA/EGA (Zhang et al., 2013c)

100/0 1745 ± 39 60.0 ± 3.0 4.9 ± 0.3 3.0 ± 0.4

90/10 1530 ± 35 44.3 ± 2.1 23.4 ± 3.6 3.9 ± 0.3

80/20 1154 ± 42 33.8 ± 2.4 232.0 ± 26 59.8 ± 5.1

70/30 945 ± 49 24.9 ± 1.3 126.0 ± 21 53.2 ± 8.4

PLA/PEBA (Petchwattana et al., 2012) NIIE (J/m)

100/0 2750 ± 120 61.22 ± 1.42 3.46 ± 1.42 23.66 ± 1.33

99.9/0.1 2660 ± 60 61.69 ± 1.99 3.53 ± 0.19 26.62 ± 1.87

99.7/0.3 2680 ± 80 61.57 ± 1.76 5.01 ± 0.34 33.18 ± 2.01

99.5/0.5 2550 ± 70 58.34 ± 0.94 8.94 ± 1.82 36.89 ± 2.43

99.3/0.7 2310 ± 140 58.17 ± 1.83 15.1 ± 2.07 38.12 ± 1.95

99/1 2350 ± 380 58.69 ± 0.91 19.8 ± 4.97 52.15 ± 2.57

97/3 2050 ± 120 53.89 ± 0.84 53.7 ± 4.93 64.59 ± 3.46

95/5 2150 ± 220 54.22 ± 0.97 124 ± 25.9 86.95 ± 4.65

93/7 2040 ± 210 50.31 ± 0.93 167 ± 24.4 96.21 ± 4.99

90/10 2000 ± 250 48.98 ± 1.79 198 ± 31.7 101.0 ± 5.63

PLA/UFPR (Zhao et al., 2013)

100/0 2062 ± 12 68.05 ± 1.42 6.08 ± 0.36 1.60 ± 0.21

99.5/0.5 1922 ± 66 67.53 ± 1.99 106.60 ± 15.08 2.00 ± 0.15

99/1 1896 ± 2 66.26 ± 1.76 219.93 ± 2.64 2.2 ± 0.23

97/3 1768 ± 54 65.67 ± 0.94 231.45 ± 20.55 2.6 ± 0.37

95/5 2029 ± 129 65.39 ± 1.83 215.63 ± 12.21 3.20 ± 0.19

PLA/PBA (Meng et al., 2012) Tensile toughnessa (MJ/m3)

100/0 3510 68 4.52 2.13

95/5 1540 51.77 31.52 3.7

92/8 1490 44.79 74.62 17.0

89/11 1440 40.82 173.98 41.74

85/15 1330 41.01 174.52 47.02

Et , Tensile modulus; σy , Tensile yield stress; εb, Tensile elongation at break; NIIE, Notched Izod Impact Energy; Ef , Flexural modulus; σf , Flexural stress.
aCalculated as the area under stress-strain curve.

comparable to that of PLA can help maintaining transparency
(refractive index in the range of from 1.430 to 1.485). This can
be achieved if the added rubber is slightly compatible with PLA.
Moreover, a poor compatibility and interfacial adhesion can also
result in partially dispersed and large cluster-like domains respon-
sible for the de-bonding of the rubber phase, void-formation,
and a premature failure in a brittle mode. The main nega-
tive consequence resulting from the incorporation of toughening
agents into PLA is the reduction of the material stiffness (elas-
tic modulus). Accordingly, many researchers have investigated the

incorporation of rigid fillers in order to compensate the loss of
stiffness.

Generally, fillers or fibers are incorporated in PLA to either
reduce the cost or modify the physical, rheological, or optical
properties of the polymer. Starch is for instance an excellent
example, which is available at less than $ 0.10/pound and which
retains both renewability and biodegradability characteristics of
PLA while enhancing some structural and mechanical prop-
erties at room or elevated temperature. Some additives (e.g.,
talc), can increase the nucleation rates and crystallinity, and
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thereby improve heat resistance of PLA-based materials (Bopp
and Whelan, 2003). Fillers and fibers can also increase the stiff-
ness of PLA and, to some extent, enhance the toughness of PLA
materials. This can be explained by the fact that the crystalliza-
tion extent of PLA is enhanced on incorporation of fillers, and
therefore yielding a ductile behavior for the resulting PLA-based
materials (Urayama et al., 2003). In order to get the maximum
benefits from the fibers or fillers, several factors must be consid-
ered. For instance, optimizing the extruder screw configuration,
through-put rate, screw speed, temperature and other process
parameters are necessary. The optimal particle size of the filler
is generally in the range of 0.1–12 μm (Ikado et al., 1997). A
good and uniform dispersion must be achieved as well. This is
normally obtained by controlling the addition of the compatibi-
lizers during processing (Kjeschke et al., 2001), which help the
dispersion of filler/fiber as well as minimizes micro-defects in
blends that can cause embrittlement. For instance, the affinity of
organically modified clay in PLLA/PBS blends was found to be
critical for the properties enhancement of resulting composites
(Chen et al., 2005). When a commercially available nanoclays,
i.e., 10 wt% Cloisite® 25A was used as compatibilizer into the
PLLA/PBS (75/25, w/w) blend, the tensile modulus of blends
increased from 1.08 GPa to 1.94 GPa, but the elongation at break
was sacrificed from 71.8 to 3.6% at the same time, which was
even lower than that of neat PLLA (6.9%). In contrast, using
an epoxy-functionalized organoclay (TFC) at the same amounts
that was able to react with the extremities (carboxylic/hydroxylic)
of both polyesters, not only retained high tensile modulus, but

also increased elongation to 118%. Similar compatibilizing effect
of TFC on the PLA/PBSA (75/25 w/w) blends were reported
(Chen and Yoon, 2005). Odent et al. reported immiscible poly-
mer blends made of PLA toughened with Biomax Strong® 100
in order to elaborate ultratough PLA-based materials mediated
with nanoparticles (ref. Odent et al., 2013c). The co-addition of
10 wt% of Biomax Strong® 100 and 10 wt% of silica nanopar-
ticles (CAB-O-SIL TS-530 from CABOT) provided an increase
from 2.7 kJ/m2 to 30.2 kJ/m2, which is related to the formation
of peculiar morphologies (from round-like nodules to elon-
gated structure) mediated by the localization of nanoparticles at
the interface PLA/impact modifier. Same improvement was also
reached by replacing silica with organomodified layered alumi-
nosilicate (clay), with value of 32.6, 37.6 and 21.9 kJ/m2 with only
1 wt% of Cloisite 20A, Cloisite 25A, and Cloisite 30B, respectively.
Coupling agents are often used with glass fibers (Mochizuki and
Suzuki, 2004) or coated fillers to enhance the interfacial adhe-
sion of the additive to the matrix polymer, more particularly
when polar additives are combined with non-polar polymers.
Silane and titinate coupling agents with various structures, which
depends on the polymer to be blended, are often embedded onto
glass fibers and inorganic particulate fillers. These coupling agents
can have beneficial effects on dispersion, toughness and rheol-
ogy, and often allow higher levels of incorporation. However, the
desired beneficial effects from the addition of fillers and fibers
can have some negative consequences. High levels of fillers/fibers
can significantly increase viscosity, cause shear heating and
degradation (molecular weight loss and color formation), and

Table 13 | Mechanical properties of some fillers blended with PLA (http://www.natureworksllc.com/∼/media/Technical_Resources/

Properties_Documents/PropertiesDocument_Fillers-and-Fibers_pdf.pdf).

PLA filled with Filler

loading (%)

Flex modulusa

(MPa)

Dart impact at

23◦C (KJ/m2)

IZOD impactb

(notched) (J/m)

IZOD impactb

(un-notched) (KJ/m2)

Specialty minerals MTAGD609 Talc 1.5 3940 123 43 331

10 5002 112 27 272

30 9248 69 27 176

Vicron 15–15 CaCO3 1.5 3809 107 32 272

10 4287 128 27 288

30 5606 128 32 187

Specialty minerals Mica 5040 1.5 4009 123 32 256

10 5366 139 27 198

30 9874 85 32 123

Synthetic silicate 1.5 3855 144 32 304

10 4345 117 27 214

30 5761 96 21 112

Specialty minerals EMforce™ Bio 1.5 3876 128 32 203

10 4457 134 32 171

30 5687 1057 123 294

Unmodified NatureWorkx™ PLA 4032D 3651 160 37 235

aASTM D 790.
bASTM D 256-92.
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affect the ability to fill thin walled parts. In the case of natural
fibers, they contain high levels of moisture, requiring to apply
extensive drying step before processing. It is worth noting
that adding large amounts of natural fiber into the extruder
requires using side-feeders for uniform extrusion operations.
The batch-to-batch variation in natural fiber composition and
quality can lead to consistency problems in the final blend as well
(http://www.natureworksllc.com/∼/media/Technical_Resources/
Properties_Documents/PropertiesDocument_Fillers-and-Fibers_
pdf.pdf).

Visual problems are also an issue with flow lines, poor col-
orability, and opacity. Table 13 is listing the mechanical properties
of some fillers blended with PLA.

Jiang et al. (Long et al., 2009) compared the effects of
organo-modified montmorillonite (OMMT) and nanosized pre-
cipitated calcium carbonate (NPCC) on the mechanical prop-
erties of PLA/PBAT/nanofiller ternary composites. Mechanical
testing demonstrated that the composites containing OMMT
exhibited higher tensile strength and Young’s modulus, but with
lower elongation, as compared to those containing NPCC. When
25 wt.% PLA was replaced by maleic anhydride grafted PLA
(PLA-g-MA), the elongation of the ternary composites was sub-
stantially increased, possibly as a result of the improved dis-
persion of the nanoparticles and enhanced interfacial adhesion
from maleic anhydride moieties along the PLA backbone. Among
these composites, PLA/10 wt.% PBAT/2.5 wt.% OMMT/25 wt.%
PLA-g-MA demonstrated the best overall properties with 87%
retention of tensile strength of pure PLA, slightly higher modulus
and significantly improved elongation at break (16.5 times than
that of neat PLA). Teamsinsungvon et al. (2010) also reinforced
PLA/PBAT blends using microsized precipitated CaCO3 and
achieved similar toughening effects on PLA/PBAT (80/20, wt/wt)
blends. The incorporation of talc particles significantly acceler-
ated the crystallization process of the PLA matrix (Battegazzore
et al., 2011). The presence of crystals improved the thermo-
mechanical properties. Talc provides both reinforcing and tough-
ening effects on PLA (Yu et al., 2012). The reinforcing effect of talc
particles can be mainly ascribed to the good interfacial adhesion
between PLA matrix and the orientation of talc layers dur-
ing processing. Interfacial debonding of PLA/talc composite can
induce massive crazing, meanwhile talc particles diffused in PLA
matrix can prevent from the void coalescence and propagation
of the crazes, which increase the toughness of PLA. Additionally,
talc layers aligned along the tensile direction make its toughen-
ing effect on PLA more significant in tensile test because they

induce more advantageous shear yielding and prevent microc-
racks from propagation along fracture direction. Some aggre-
gation of talc particles can appear in composites at higher talc
content, which act as a stress concentration points or weak points
and cause poor toughness of PLA/talc composites. Recently,
NatureWorks® has succeeded to develop the Ingeo™ 3801X grade
by co-adding impact modifier, crystal accelerant, reinforcing
agent and nucleating agent into PLA. This PLA-based grade is
a high heat and impact resistance material. Table 14 shows its
composition.

The bio-content of this material is of 70%. It was designed for
non-food, opaque, semi-durable, and non-compostable applica-
tions. Due to its high crystallinity and rapid crystallization rate,
the resulting blend has good thermal and dimensional stability.
It is designed to be processed at fast cycle times. Its mechanical
properties are summarized in Table 15.

Physical compounding of low or high molecular weight com-
pounds offers a convenient approach to modifying biopolymers.
Whether a good compatibility/affinity is present between both
partners, the resulting blends exhibit good properties, being inter-
mediate from that of each polymeric partner. However, only
few biopolymer pairs are miscible or even compatible with each
other. Therefore, chemical routes such as chemical modification
or reactive compatibilization are required. Reactive blending has
proven to be a simple, economically viable, and reliable tech-
nology for designing complex nanostructured polymeric blends.
In this part, it will be pointed out, by reviewing the recent
advances, that reactive extrusion technology represents the most
promising approaches to tune the stiffness-toughness balance of
bio-sourced polymeric materials. Reactive extrusion enables to
manufacture biodegradable polymers through different routes of

Table 15 | Thermal and mechanical properties of the Ingeo™ 3801X

grade (http://www.biocom.iastate.edu/workshop/2010workshop/

2010workshop/presentations/dan_sawyer.pdf).

Mechanical properties Value ASTM standard

Tensile Modulus (MPa) 2980 D638

Tensile yield strength (MPa) 25.9 D638

Tensile elongation at break (%) 8.1 D638

Notched Izod impact (J/m) 144 D256

HDT B at 0.45 MPa (◦C) 65 E2092

HDT at 0.114 MPa (◦C) 140 E2092

Table 14 | Formulation of the Ingeo™ 3801X grade (http://www.biocom.iastate.edu/workshop/2010workshop/presentations/dan_sawyer.pdf).

Material Commercial name Supplier Chemical Formula 25◦C density

weight fraction [g/ml]

Matrix Ingeo™ 3001D NatureWorks LCC PLA 0.711 1.24

Impact modifier Biostrength® 150 Arkema Inc. Proprietary core-shell copolymer 0.100 1.00

Crystal accelerant Plasthall® DOA The HallStar Company Dioctyl adipate 0.090 0.98

Reinforcing agent ULTRATALC® 609 Specialty Minerals Inc. <0.9 μm particle 3MgO.4SiO2.2H2O 0.090 2.8

Nucleating agent LAK-301 Takemoto Oil & Fat Co. LTD Aromatic sulfonate derivative 0.009 1.00
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reactive modification (polymerization, grafting, compatibiliza-
tion, branching, functionalization,...) in a cost-effective polymer
processing (Michaeli et al., 1993; Mani et al., 1999). Most of the
researchers employ this technology for the reactive compatibiliza-
tion of PLA with a rubbery modifier in order to impart toughness
to PLA. In the review, the in situ reactive compatibilization is
defined here as the melt-blending process in which two poly-
mers containing mutually reactive functionalities react with each
other at the interface to combine them during melt blending, gen-
erating in situ block or graft copolymer. The in situ generated
block or graft copolymer will be then able to compatibilize the
blend by reducing the interfacial tension and by improving the
interfacial adhesion. This leads to a significantly improved dis-
persibility of the rubber into much smaller particles (Baker et al.,
2001). Compatibility is defined in this context as the ability of
the rubber modifier to finely disperse into the main PLA phase in
order to form stable morphologies of fine rubber particle disper-
sions with reduced interfacial tension and improved adhesion to
resist delamination. Early patent literature recognized the need
for some types of grafting reactions or an associative interac-
tion between the polymeric components of the blend to obtain
sufficient compatibility for good impact modification (Kray and
Bellet, 1968; Seddon et al., 1971; Murch, 1974; Mason and Tuller,
1983). Interfacial compatibilization and toughening is achieved
through grafting copolymers generated in situ at the interface dur-
ing the melt blending. There are four fundamental requirements
to be addressed for the in situ reactive compatibilization in an
extrusion device:

– Sufficient mixing to achieve the desired distribution and dis-
persion of one polymer into another polymer;

– The presence of reactive functionalities in each phase capable
of reacting together across the interphase;

– Reaction to take place within the available residence time in the
processing device;

– Formation of stable bonds during processing.

In the case of polymers with no reactive chemical function
(such as polyolefins), peroxides are used to create free poly-
meric macroradicals in the blend. Like in some cases the
compatibilization cannot be achieved through the direct reac-
tion between the free polymeric macro-radicals, low molecular
weight (macro)monomers, or a mixture of low molecular weight
(macro)monomers have to be grafted on the free polymeric rad-
icals in order to functionalize the polymeric chains. The role of
these grafted chemical functions is to (1) stabilize the macro-
radicals, and thereby avoid any undesirable free radical side-
reactions by localizing the free radical reactions at the polymers’
interface, and (2) interact at the interface between the polymer
components of the blend for compatibilization. PLA has been
blended and reactive compatibilized with several biodegradable
and non-biodegradable polymer modifiers that will be discussed
here. We have to mention that other researchers have attempted
using reactive extrusion technique to in situ synthetize the tough-
ening agent for PLA.

Biodegradable hyperbranched polymers (HBP)
Hyperbranched polymer-based nanostructures (HBPs) have a
globular molecular architecture with cavernous interiors, many
peripheral functional end-groups, and low hydrodynamic vol-
ume and viscosity. They may have better miscibility with other
polymers than the linear analogous (Seiler, 2002). Due to their
inherently high surface area—volume ratio, structures engineered
at the nano-meter length scales are increasingly played key-roles
in the enhancement of the materials mechanical properties. In
this regard, they have demonstrated a high potential to be used
as impact modifiers for mechanical performances in a variety of
industrial applications after a reactive process (Liu and Zhang,
2011). For instance, non-reactive melt-blending (physical com-
patibilization via H-bonding) of a hyperbranched biodegradable
poly(ester amide) with PLA modestly enhance, yield strength.
Moreover, the tensile failure mode changed from brittle to ductile
fracture and led to a maximum tensile elongation at break of 50%
compared to 3.7% for neat PLA using 20 wt.% HBP (Lin et al.,
2007). This was explained by the fact that the dispersion of hyper-
branched biodegradable poly(ester amide) was not fine enough

FIGURE 15 | Schematic illustrations of in-situ cross-linking of

hyperbranched polymer (HBP) in the PLA melt with the help of a

polyanhydride (PA). Adapted with permission from Bhardwaj and Mohanty
(2007).

FIGURE 16 | In situ Diels-Alder reaction coupling the two immiscible

components HEMI-PLLA and conjugated soybean oil (CS) by means of

reactive compatibilization. Adapted with permission from Gramlich et al.
(2010).

Frontiers in Chemistry | Polymer Chemistry December 2013 | Volume 1 | Article 32 | 34

Publication 14/25

http://www.frontiersin.org/Polymer_Chemistry
http://www.frontiersin.org/Polymer_Chemistry
http://www.frontiersin.org/Polymer_Chemistry/archive


Kfoury et al. Recent advances in high performance poly(lactide)

to get its maximum benefits. In this respect, Bhardwaj and
Mohanty (2007)proposed and demonstrated a new industrially
relevant methodology to develop PLA-based materials, having
outstanding stiffness-toughness balance through in situ cross-
linking reactions. They in-situ cross-linked a hydroxyl functional
hyperbranched polymer (HBP) with a polyanhydride (PA) in the

PLA matrix during melt-processing (Figure 15). Transmission
electron microscopy (TEM) and atomic force microscopy (AFM)
revealed the sea-island morphology of PLA-cross-linked HBP
reactive blend. The domain size of cross-linked HBP parti-
cles in the PLA matrix was less than 100 nm. Compared to
unmodified neat PLA, the PLA/HBP/PA (92/5.4/2.6, wt/wt/wt)

Table 16 | Physical properties of melt blends of CS with PLLA-49 and HEMI-PLLA-67 (Adapted with permission from Gramlich et al. (2010)].

Matrix polymer WCS0 (%)a WCS (%)b E (GPa)c σb(MPa)d εb(%)e XHP (%)f XCS (%)g dlm(μm)h σlm(μm)i MLT (μm)j

PLLA-49 2.4 ± 0.3 58 ± 3 5 ± 2

HEMI-PLLA-67 3.0 ± 0.2 67 ± 9 4 ± 1

PLLA-49 15 9 2.4 ± 0.3 28 ± 4 22 ± 7 1.81 1.8 3.1

HEMI-PLLA-67 15 7 2.0 ± 0.5 34 ± 2 50 ± 30 100 14 0.91 2.0 2.2

PLLA-49 5 4 2.1 ± 0.3 38 ± 1 30 ± 10 1.17 2.0 3.6

HEMI-PLLA-67 5 7 2.5 ± 0.2 37 ± 2 70 ± 30 98 44 0.70 2.1 2.0

PLLA-49/HEMI-PLLA-67k 5 6 2.3 ± 0.3 36 ± 3 20 ± 10 96 39 0.96 1.8 2.1

PLLA-49 2 2 2.6 ± 0.1 51 ± 1 5 ± 2 0.30 2.0 1.3

HEMI-PLLA-67 2 3 2.5 ± 0.2 54 ± 5 4 ± 2 66 70 0.35 1.3 0.5

aWeight fraction of CS added to melt mixer.
bWeight fraction of CS incorporated into blends, by 1HNMR spectroscopy.
cElastic modulus.
d Stress at break.
eElongation to break.
f Conversion of HEMI end-groups for blends with HEMI-PLLA-67.
gConversion of E,E isomers of CS added to mixer.
hLog-mean average CS droplet diameter.
i Log-mean CS droplet size distribution parameter.
j Matrix ligament thickness.
k Matrix polymer was a 50/50 blend of PLLA-49 and HEMI-PLLA-67.

SCHEME 3 | The possible reactions in the melt reactive blends [Reprinted from Su et al. (2009) with permission from Elseiver].

www.frontiersin.org December 2013 | Volume 1 | Article 32 | 35

Publication 14/25

http://www.frontiersin.org
http://www.frontiersin.org/Polymer_Chemistry/archive


Kfoury et al. Recent advances in high performance poly(lactide)

FIGURE 17 | (A) Impact strength as a function of elastomer contents
(to the left), and interparticle distance (to the right) for
PLA/POE-g-GMA blends. Copyright (2012) Wiley; used with permission

from Feng et al. (2013). (B) Strain–stress curve of PLA/POE and
PLA/ POE-g-GMA blends [Reprinted from Su et al. (2009) with
permission from Elseiver].

SCHEME 4 | Reaction of PLLA end groups with SAN-GMA under the catalyst of ETPB [Reprinted from Li and Shimizu (2009) with permission from

Elseiver].
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blend exhibited ∼570% and ∼847% improvement in the ten-
sile toughness (17.4 MJ/m3 vs. 2.6 MJ/m3 for neat PLA) and
elongation at break (48.3% vs. 5.1% for neat PLA), respectively.
However, tensile modulus and strength of the blend slightly
decreased from 3.6 GPa (neat PLA) to 2.8 GPa and from 76.6 MPa
(neat PLA) to 63.9 MPa, respectively. The authors ascribed the
increase in the ductility of modified PLA to the stress-whitening
and the multiple crazing initiated in the presence of cross-linked
HBP particles. As revealed by rheological data, the formation of a
networked interface was associated with enhanced compatibility
of the PLA-cross-linked HBP blend as compared to the PLA/HBP
blend.

The effects on mechanical properties of hydroxyl-terminated
hyperbranched poly(ester amide) (HBP) and isocyanate-
terminated prepolymer of butadiene (ITPB), alone and in
combination, were investigated with the aim to make tough
PLA (Nyambo et al., 2012). The glass transition temperature
did not change from that of neat PLA. Interestingly, due to
synergistic effects, impact strength and elongation at break of
the PLA/HBP/ITPB ternary blend were improved by over 86 and
100%, respectively. Physical and chemical interactions between
the hydroxyl-terminated HBP and the ITPB (Scheme 2B) may
be responsible for the synergistic effect on the improvements
in impact strength without scarifying the tensile modulus and
strength. Scanning electron microscopy (SEM) images on impact
fractures showed evidence of stretched and course surface,

FIGURE 18 | Notched impact strength of PLAs and PLA/EGMA blends

(C, complete break; P, partial break) [Oyama (2009) with permission

from Elseiver].

which indicated a change in fracture behavior from brittle to
ductile behavior after chemical modification. Accordingly, the
impact strength of PLA can be easily enhanced using low additive
loadings of 10 wt% via reactive extrusion with HBP and a suitable
reactive compatibilizer such as ITPB. The modified PLA can
address most issues related to neat brittle PLA, since it can exhibit
a better stiffness–toughness balance and has the potential for use
in durable commercial applications.

Soybean oil
PLLA/soybean oil binary blends containing unmodified soybean
oil undergoes phase inversion at even low concentrations of
soybean oil, leading to the release of the oil during blending.
Therefore, the blends must be compatibilized (Chang et al., 2009).
Ali et al. (2009) demonstrated that moderate improvements in
the elongation at break of PLLA were gained by the addition of
epoxidized soybean oil.

Robertson et al. (2010) explored how the polymerization and
the optimization of soybean oil characteristics prior to blend-
ing improved its level of incorporation into PLLA and increased
toughness compared to PLLA. They also demonstrated mod-
erate improvements in the PLA/polysoybean oil blends regard-
ing elongation at break and toughness of four and six times
greater than those of unmodified PLLA, respectively. Gramlich
et al. (2010) studied a more effective approach to toughen
PLA consisting in the reactive compatibilization of conjugated
soybean oil with PLLA. In a first step, bulk ring-opening
polymerization via reactive extrusion (REx) of L-lactide using N-
2-hydroxyethylmaleimide (HEMI) as a difunctional initiator and
tin (II) 2-ethylhexanoate as a catalyst produced a high molecu-
lar weight reactive end-functionalized PLA (HEMI-PLLA). In a
second step, REx of HEMI-PLLA and conjugated soybean oil (CS)
was carried out through a Diels-Alder reaction in order to cou-
ple the two immiscible components via reactive compatibilization
(Figure 16). Blends of HEMI-PLLA and 5 wt.% CS resulted in a
greater than 17-fold increase in elongation to break compared to
PLLA homopolymer and more than twice the elongation to break
compared to a 5 wt.% CS blend with unreactive PLLA (Table 16).
Analysis of the blend morphology indicated that the in situ for-
mation of the compatibilizer at the HEMI-PLLA/CS interface
decreased the CS droplet diameter to an optimal value (0.7 μm)
compared to unreactive binary blends, explaining the toughening
PLLA with CS.

Use of glycidyl methacrylate (GMA) and its copolymers
The grafting effect on mechanical properties of poly(ethylene
octene) (POE) with PLA via glycidyl methacrylate (GMA) was

SCHEME 5 | Chemical structure of the three polymers used in the study. Adapted with permission from Liu et al. (2011).
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investigated (Su et al., 2009; Feng et al., 2013). POE-g-GMA was
used to prepare high impact modified PLA/POE-g-GMA reac-
tive blends (Scheme 3). The presence of GMA moieties enhanced
the blends compatibility due to the coupling reactions between
the carboxyl and hydroxyl end-groups from PLA and the epoxy
groups from POE-g-GMA (Scheme 3). Moreover, morphology
analysis demonstrated better wetting of the dispersed phase by
the PLA matrix and finer dispersed particles by reactive blending.
Accordingly, the effective interfacial compatibilization promoted
by the grafting reaction was mainly responsible for the significant
improvement of PLA toughening (Figures 17A,B). Interestingly,
the highest toughening effect was obtained at lower particle size
and interparticle distance, which were submicronic (Figure 17A).

PLLA and acrylonitrile–butadiene–styrene copolymer (ABS)
are thermodynamically immiscible and incompatible by sim-
ply melt blending them. Styrene acrylonitrile-glycidyl methacry-
late copolymer (SAN-GMA) as a reactive compatibilizer and
ethyltriphenyl phhosphonium bromide (ETPB) as a catalyst
were thereby introduced during the reactive melt blending of
PLA/ABS96 (Li and Shimizu, 2009). The epoxide group of
SAN-GMA reacted with PLLA end-groups under the mixing
conditions, and the addition of ETPB accelerated the reaction
(Scheme 4). As a result, it was found that the size of the “salami-
like” ABS domains in PLLA matrix significantly decreased and
their dispersion improved by the addition of the reactive com-
patibilizer. A significant shift of glass transition temperatures
for both PLLA and ABS indicated the improvement of the

compatibility between PLLA and ABS. As a result, the compatibi-
lized PLLA/ABS blends exhibited a very nice stiffness-toughness
balance, i.e., an improvement of the impact strength and the
elongation at break with a slight reduction in the modulus. For
instance, the addition of 5 phr of SAN-GMA to the PLLA/ABS
(70/30 wt/wt) blend increased elongation at break from 3.1 to
20.5% and impact strength from 63.8 to 81.1 kJ/m2. By fur-
ther incorporating 0.02 phr ETPB, the elongation at break and
impact strength of the blend increased to 23.8% and 123.9 kJ/m2,
respectively.

Low and high molecular weight PLA (L-PLA and H-PLA,
respectively) were blended with 20% of poly(ethylene-co-glycidyl
methacrylate) (EGMA) (Oyama, 2009). The resulting blend had
a high elongation above 200% compared to 5% for neat PLA.
The notched Charpy impact was only 2 times that of neat
PLA. After annealing, the injection-moulded specimens of the L-
PLA/EGMA (80/20 wt/wt) blend at 90◦C for 2.5 h showed that
the impact strength significantly increased to 72 kJ/m2, about
50 times that of neat L-PLA. Moreover, the improvement in
strength and modulus of the blend was accompanied by a sig-
nificant decrease in elongation at break. With the higher molec-
ular weight PLA (H-PLA) as matrix, such positive effect of
annealing on impact strength appeared relatively less prominent
(Figure 18). The author argued that the crystallization of the
PLA matrix played a key-role in such significant improvement.
It was demonstrated that the interfacial reaction (reactive com-
patibilization) between the polymeric components improved not

FIGURE 19 | Phase structure development for the studied PLA blend systems. Adapted with permission from Liu et al. (2011).

Frontiers in Chemistry | Polymer Chemistry December 2013 | Volume 1 | Article 32 | 38

Publication 14/25

http://www.frontiersin.org/Polymer_Chemistry
http://www.frontiersin.org/Polymer_Chemistry
http://www.frontiersin.org/Polymer_Chemistry/archive


Kfoury et al. Recent advances in high performance poly(lactide)

only the dispersion of the second component but also the bond-
ing between the particles and matrix to expect combination of
crazing and shear yielding, contributing to the formation of the
super-touch PLA materials, superior to commercially available
acrylonitrile-butadiene-styrene (ABS) resins. Furthermore, these
improvements in mechanical properties were achieved without
scarifying the heat resistance of the material. The material high-
lights again the importance of interface control in the preparation
of multicomponent materials.

Liu et al. (2010, 2011) and Song et al. (2012) studied exten-
sively the reactive ternary blends of PLA with ethylene/n-butyl
acrylate/glycidyl methacrylate (EBA-GMA) terpolymer and a
zinc ionomer of ethylene/methacrylic acid (EMAA-Zn) using a
Leistritz ZSE 18 twin-screw extruder having a L/D ratio of 40.
The three polymeric components are represented in Scheme 5
and Figure 19.

The influence of the simultaneous dynamic vulcanization
(crosslinking) and interfacial compatibilization and adhesion on
mechanical and impact performance of the reactive PLA-based
ternary blends was investigated. It was demonstrated that the
EBA-GMA/EMMA-Zn ratio played a crucial role in determining
the phase-morphology. Interestingly, the increase of the EMAA-
Zn content gradually turned the phase of the latter from occluded
sub-inclusions into a continuous phase within the “salami”-like

micro-structure (domain-in-domain morphology) as revealed by
TEM in the case of the ternary blends. It was reasonably proposed
that when the EMAA-Zn content exceeded 10%, a phase inversion
within the sub-structure of the dispersed phase domains could
likely take place, which would account for the pronounced dete-
rioration in interfacial wetting of the dispersed particles by the
PLA matrix in these cases. The phase structure development for
the studied PLA blend systems are schematized in Figure 20. The
EMAA-Zn domains were finally occluded inside the EBA-GMA
particles which were homogeneously dispersed in PLA.

Interestingly, it was demonstrated that at higher extrusion
temperature (240 vs. 185◦C), not only the carboxyl groups in
the EMAA-Zn ionomer were able to trigger more cross-linking
reactions via the epoxy groups in the EBA-GMA phase, but also
more PLA macromolecules were grafted at the interface between
PLA and the elastomer (Figure 20). The Zn ions further cat-
alyzed the reactions. According to the SEM micrographs, this
was confirmed by the better wetting of the dispersed phase by
PLA matrix at higher blending temperature. Accordingly, effec-
tive interfacial compatibilization and adhesion were achieved at
higher compounding temperature.

As a result, although increasing the extrusion temperature did
not significantly influence the tensile properties (Figure 21B),
both blending temperature and elastomer/ionomer ratio were

FIGURE 20 | Proposed reactions during the reactive blending process, together with schematic phase morphologies of the PLA/EBA-GMA/EMAA-Zn

ternary blends extruded at 185 and 240◦C respectively. Adapted with permission from Liu et al. (2010).
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found to play keys-roles in achieving super-toughness (great
improvement of impact strength and strain at break) of the PLA-
based ternary reactive blends (Figure 21A). This can attributed to
the effective interfacial compatibilization at higher temperature
(240◦C).

The correlation between the particle size and impact toughness
had revealed that there existed an optimum submicronic range of
particle sizes of the dispersed domains for PLA super-toughening
in this ternary blend system (Figure 22). Preliminary analysis
of micromechanical deformation suggested that the high impact
toughness observed for some ternary blends was attributed to
the low cavitation resistance of the dispersed particles coupled
with suitable interfacial adhesion. It was found that debonding
mainly occurred around the relatively large particles together
with fibrillated crazes and no cavitation when blended with
an ethylene/n-butyl acrylate/glycidyl methacrylate terpolymer
(EBA-GMA). Addition of a zinc ionomer of ethylene/methacrylic
acid copolymer (EMAA-Zn) within the PLA/EBA-GMA blend

FIGURE 21 | Mechanical properties of PLA/EBA-GMA/EMAA-Zn

(80/x/y in weight, x+ y = 20) blends as functions of weight content of

added EMAA-Zn under 240◦C vs. 185◦C: (A) impact strength (solid line)

and strain at break (%) (dashed line); (B) tensile strength (solid line)

and tensile modulus (dashed line). Liu et al. (2010).

gradually turned the morphology into a salami-like phase struc-
ture, which provides a low cavitation resistance coupled with
suitable interfacial adhesion. Therefore, internal cavitation of the
dispersed particles followed by the matrix shear yielding was pre-
dominant and resulted in the optimum impact strength. All of
these examples regarding toughening mechanisms within PLA are
not exhaustive but strengthens that toughness of PLA is a complex
function which implies all of as-describe mechanisms (crazing,
shear yielding, cavitation and debonding) and mode of fracture.

In a complementary study, Song et al. (2012) investigated
the effect of the ionomer characteristics on reactions and prop-
erties of the PLA-based reactive ternary blends studied above
(Schemes 6A,B). The ionomer was prepared by neutralizing the
EMAA ionomer precursor with ZnO. It came out that the reac-
tivity of the system and the interfacial compatibilization were
drastically enhanced by increasing both the degree of neutral-
ization (DN) of the ionomer and the methacrylic acid (MAA)
content of ionomer precursor. As a result, the particle size and
polydispersity of the dispersed phase reached the right optimum
to greatly improve the impact toughness and tensile elongation at
break of the material (Figures 23A,B).

Super-tough PLA alloy with greatly improved heat resistance
Hashima et al. (2010) toughened PLA by blending it with
hydrogenated styrene-butadiene-styrene block copolymer (SEBS)
with the aid of reactive compatibilizer, poly(ethylene-co-glycidyl
methacrylate) (EGMA). The high temperature property (HDT)
and thermal ageing resistance were improved by further incor-
porating a ductile polymer with a high glass transition temper-
ature, that is, polycarbonate (PC). Based on TEM, differential
scanning calorimetry (DSC), and dynamic mechanical analy-
sis (DMA), the author explained that the origin of the out-
standing toughness and ageing resistance of the 4 component
alloy; e.g., PLA/PC/SEBS/EGMA 40/40/5/5 (wt.% ratio), seems

FIGURE 22 | Izod impact strength of PLA/EBA-GMA/EMAA-Zn

(80/20-x/x) blends with total content of both modifiers fixed at 20 wt%

as a function of weight-average particle diameter (dw). Adapted with
permission from Liu et al. (2011).
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SCHEME 6 | (A) Interfacial compatibilization reaction catalyzed by Zn2+ in the ionomer. (B) Schematic crosslinking reaction of EBA-GMA with ionomer during
melt compounding [Reprinted from Song et al. (2012) with permission from Elseiver].

to come from the negative pressure effect of SEBS that dilates
the plastic matrix consisting of PLA and PC to enhance the local
segment motions. The phenomenon is briefly summarized in
Figure 24.

Jiang et al. (2012) blended PLA with various commercial
rubber components, i.e., poly (ethylene-glycidyl methacry-
late) (EGMA), maleic anhydride grafted poly(styrene-
ethylene/butylene-styrene) triblock elastomer (m-SEBS),
and poly(ethylene-co-octene) (EOR) and compared their tough-
ening effect on PLA (Figure 25). It was observed that: (i) EGMA
was highly compatible due to its reaction with PLA, (ii) m-SEBS
was less compatible with PLA, and (iii) EOR was incompatible
with PLA. SEM and TEM revealed that a fine 3-D co-continuous
microlayer structure was formed in the injection-moulded
PLA/EGMA blends. This led to polymer blends with high
toughness and very low linear thermal expansion both in the
flow direction and in the transverse direction. The microlayer
thickness of rubber in PLA blends was found to play key-roles
in reducing the linear thermal expansion and achieving high
toughness of the blends. Therefore, PLA blends with the notched
impact strength over 20 times higher (ca. 90 kJ/m2) than that of
the neat PLA (ca. 4 kJ/m2) were obtained by reactive blending
of PLA and EGMA at 40 wt.% of rubber loading. It should be

highlighted that the PLA/EGMA blend having both high impact
resistance and low thermal expansion coefficient is of great
importance in applications.

CONCLUSION
In comparison with many other commodity thermoplastics, PLA
presents many advantages, mainly its renewability, biodegrad-
ability, high stiffness and competitive cost production. The main
problem for this biopolyester is its inherent brittleness due to
a crazing deformation mechanism through which the polymer
fails upon tensile and impact testing. Since many applications
require high impact resistance and flexibility bio-based and/or
biodegradable materials, several approaches aiming at tough-
ening PLA has been investigated over the last decades. First
of all, understanding the effect of the pristine microstructure
modification on the mechanical performances was established.
It has been demonstrated that de-aging and molecular orienta-
tion can improve the mechanical properties of PLA. However,
such strategies require long and specific processes, which are
not cost effective for an economical production of high per-
formance PLA materials. Classically, compounding with softer
polymers seems to be the best option for toughening PLA in
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FIGURE 23 | (A) Tensile stress–strain curves of neat PLA and
PLA/EBA-GMA/EMAA-Zn (80/15/5, w/w) ternary blends under speed of
extension of 2 inch/min (solid line) and 0.2 inch/min (dash line), respectively.
(B) Effects of degree of neutralization and functionality of ionomers on the
IS of PLA/EBA-GMA/EMAA-Zn (or EMAA-H) (80/15/5, w/w) blends
[Reprinted from Song et al. (2012) with permission from Elseiver].

costless way. The toughening effects of PLA blends are com-
plicated as many parameters are concerned including the high
interfacial adhesion between the matrix and the toughener, the
domain size of the dispersed phase that should be ideally between
0.1 and 1.0 μm to improve the blend compatibility. The most
common compatibilization way consists on the incorporation
of block copolymers. Recently, chemical compatibilization via
reactive extrusion has proven to be a very promising technol-
ogy and more effective in improving the toughness of PLA
blends. In some cases, outstanding toughness was successfully
achieved, but accompanied with a compromise of the biodegrad-
ability and the initial stiffness of PLA. Therefore, the chal-
lenge pursues to develop a fully bio-based and biodegradable
PLA-based material with a balance of outstanding mechanical
properties.
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a  b  s  t  r  a  c  t

We  developed  experimental  as  well  as  theoretically  based  hierarchical  multiscale  procedures  for  the
evaluation  of effective  elastic  modulus  and  thermal  conductivity  of  poly-lactide  (PLA)/expanded  graphite
(EG)  nanocomposites.  The  incorporation  of  EG  fillers  into  PLA was  carried  out by a  twin-screw  micro-
extruder.  The  dispersion/delamination  of  EG  in  PLA  was  studied  using  Raman  spectroscopy,  SEM  and
TEM.  In  the  multiscale  modeling,  the  thermal  conductivity  constants  and  stiffness  tensor  of  EG  were  first
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eywords:
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acquired  by  the  means  of molecular  dynamics  (MD)  simulations.  Using  the  fillers’  properties  obtained
by  the  MD,  we  developed  finite  elements  (FE)  models  to  evaluate  the effective  thermal  conductivity  and
elastic  modulus  of PLA/EG  nanocomposites.  Our  results,  for a  wide  range  of temperatures  revealed  the
efficiency  in  thermal  and  mechanical  reinforcement  of  PLA  by incorporation  of  EG  nanoparticles.

© 2012 Elsevier B.V. All rights reserved.
ultiscale

. Introduction

The addition of fillers within a polymer matrix is an efficient way
o create materials with advanced properties for engineering appli-
ations (electronic devices, automotive parts, etc.). In recent years,
onsiderable research effort has been devoted to the processing
nd characterization of nanocomposites with graphite nanofillers
r graphene to improve mechanical, thermal, electrical, and gas
arrier properties of polymers [1–5]. The exploit of graphite with

ts combination of extraordinary high physical properties such
s exceptional electron transport, mechanical properties, thermal
onductivity and high surface area [6–10] has created a new class
f polymer nanocomposites.

The  reinforcement is achieved, not only by using the intrinsic
roperties of the nanofillers, but more importantly by optimi-

ing the dispersion, the loading, interface chemistry and nanoscale
orphology to take advantage of the immense surface area per

nit volume that nanofillers cover. Indeed, a lot of efforts have

∗ Corresponding author at: Centre de Recherche Public Henri Tudor, Depart-
ent  of Advanced Materials and Structures, 66, rue de Luxembourg BP 144, L-4002

sch/Alzette, Luxembourg. Tel.: +33 0 6 03 59 96 08; fax: +33 0 3 68 85 29 36.
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040-6031/$ – see front matter ©  2012 Elsevier B.V. All rights reserved.
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been recently developed to exfoliate and optimize the dispersion
of graphite sheets using intercalation with alkali metals [11] or
exposing them to severe acidic conditions [12–14]. Expansion of
layer spacing takes place via heat treatment [11,13] or exposure
to microwave radiation followed by mechanical grinding [15]. As
a result of the expansion, the surface area of graphite is enhanced
considerably.

As a biodegradable thermoplastic derived from sustainable
sources, poly-lactide (PLA) has received considerable attention for
conventional use [16,17]. In the next years, PLA production and con-
sumption is expected to increase exponentially. Therefore, there
is a need to better understand and improve its properties. Some
investigations suggested that the addition of expanded graphite
nanofillers improved the tensile and storage modulus as well as
the thermal conductivity of PLA based materials [2,18,19]. How-
ever, depending upon the processing conditions and characteristics
of both the polymer matrix and filler, the in situ dispersion of the
fillers inside the host polymer by melt blending can be more or less
achieved, leading to intercalated or exfoliated nanocomposites. The
effect of the resulting microstructure on mechanical and thermal
properties is not well established.
Recently,  the optimization of the melt-processing conditions
of 3 wt.% PLA/EG using DSM Xplore twin screw micro-extruder
was achieved to improve the dispersion and the delamination of
the fillers [19]. It was  shown that the combination of techniques
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uch as scanning electron microscopy (SEM), transmission elec-
ron microscopy (TEM), X-ray diffraction and Raman spectroscopy
rovides good and complete information about the dispersion and
articularly the delamination of the fillers. Based on the optimized
onditions, the effect of the expanded graphite concentration on the
tructure, morphology, thermal stability and thermo-mechanical
roperties of the composites are investigated. The correlation
etween the morphology and the physical properties was estab-

ished.
Due to difficulties in experimental characterization of nano-

tructured materials, analytical and numerical simulations are
etting more attractive as alternatives. To this aim, the prediction
nd analysis of materials behavior by numerical tools such as finite
lement (FE) and molecular dynamics (MD) simulations are now
idely considered. This is mainly due to the fact that if the com-
uter simulation results could be used to substitute experimental
tudies, the design costs and quality for a particular product will be
mproved. On another viewpoint, the predictability of a particular

aterial property by computer simulations could be a sign for the
alidity of the simulation procedures and related assumptions as
ell.

In this way, we have also developed theoretically based hier-
rchical multiscale procedures for the evaluation of the effective
lastic modulus and thermal conductivity of PLA/EG nanocompos-
tes. In this frame, first we have developed molecular dynamics

odels for the evaluation of stiffness and conductivity tensors
f the expanded graphite. The validity of the proposed mod-
ling scheme was verified by comparing the simulation results
ith experimental results available in the literature. In the
nal step, using the transversely isotropic materials properties
cquired by molecular dynamics simulations, we  have developed
-dimensional (3D) finite element models to evaluate the thermal
onductivity and elastic modulus of the nanocomposite structures.
n the finite element modeling, disc structures were chosen for
escribing the EG geometries inside the PLA. The diameter to thick-
ess ratio of the platelets, which is commonly called as aspect ratio
AR), is the adjustable and independent parameter in our finite ele-

ent modeling. Comparison of modeling results with experimental
easurements reveals the good efficiency in thermal and mechan-

cal reinforcement of PLA by incorporation of EG particles using the
erein presented experimental procedure.

. Experimental part

.1.  Materials and processing

Poly-lactide  was supplied by Nature Works LLC (grade 4042D)
ith density of 1.25 g/cm3, elastic modulus of 2.7 GPa and ther-
al conductivity of 0.13 W/m-K  at room temperature. Expanded

raphite was supplied from ECOPHIT G. According to the tech-
ical sheet, the principal characteristics of the specific grade of
G used GFG 5 are: real density = 2.25 g/cm3, mean diameter
d50 = 5–7 �m).  It was used without any further purification. Before
rocessing by melt-blending, PLA and EG were dried at 40 ◦C under
acuum to minimize the water content. PLA/EG nanocomposites
ere prepared by mixing, in an appropriate ratio, the molten PLA
ellets and the EG using a twin-screw extruder (DSM Xplore), at
80 ◦C at speed rate of 100 rpm for 10 min. The EG content in PLA/EG
omposites was set to 3.0 wt.% and 6.75 wt.%. For comparison, the
eat PLA was processed in similar conditions of melt-blending like
he composites.

Publicat
In  thermomechanical study (dynamical mechanical analysis)
lates of filled PLA were compression-molded using a Carver press
nd a specific mold. The procedure used was as follow: a) extruded
LA/EG pellets were introduced within the mold, b) PLA material
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was  heated at 190 ◦C for 3 min, c) The composite was compressed
for 30 s with a pressure of 15 MPa, and d) under the same pres-
sure (15 MPa), the material was  cooled by room temperature water
circulation.

2.2. Characterizations

2.2.1. Raman spectroscopy
Raman  scattering experiments were performed at room tem-

perature with a LabRam spectrometer (Horiba Jobin Yvon). All
spectra were recorded in backscattered geometry using a 1800
grooves per mm as the diffraction grating and a spectral resolu-
tion of 1 cm−1 was achieved. Both incident and scattered beams
were collected through an Olympus confocal microscope using a
100x objective lens (NA = 0.9). Rayleigh scattering was blocked with
a holographic Notch filter. The laser excitation wavelength was
514 nm and the laser power was  less than 2 mW to avoid sample
damage.

2.2.2. Transmission electron microscopy
Transmission electron microscopy analysis of PLA/EG were pro-

vided by a LEO 922 apparatus at 200 kV. The samples were 70 nm
thick and prepared with a LEICA EM FC6 cryo-ultramicrotome at
25 ◦C.

2.2.3. Dynamic mechanical analyzer
The influence of the expanded graphite on viscoelastic proper-

ties of filled and non-filled PLA was analyzed by means of a dynamic
mechanical analyzer (DMA) Netzsch DMA  242 C. For this study, we
used 50 × 10 × 1 mm3 rectangular specimens machined from the
compression-molded plates. They were subjected to double can-
tilever mode of flexural loading with a maximum displacement of
40 �m in the temperature range 25 to 100 ◦C (rate 2 ◦C/min) and a
frequency of 1 Hz.

2.2.4. Flash laser
The  thermal diffusivity of PLA and nanocomposites were mea-

sured from room temperature to 100 ◦C using a laser flash
technique (Netzsch LFA 457 MicroflashTM) under inert atmosphere
(argon flow: 100 mL.min−1). Samples were plane and parallel disks
with 12.7 mm in diameter and about 1.1 mm thick. Owing to the PLA
translucency, prior to measurements, graphite was sprayed on both
sample surfaces to avoid the penetration of the laser light through
the sample and to improve the signal-to-noise ratio of the infrared
detector signal. Graphite was  also used due to its high thermal dif-
fusivity, allowing the propagation of heat through the samples.
Their front side was heated by a short laser pulse (0.5 ms). The
induced heat propagates through the sample and causes a tempera-
ture increase on the rear surface. This temperature rise is measured
versus time using the IR-detector. The thermal diffusivity is then
determined using the “half-rise-time” (t1/2) corresponding to the
time for the back face temperature to reach 50% of its maximum
value. The thermal diffusivity can be calculated using:

a  = 1.38L2

�2t1/2
(1)

where  L is the specimen thickness. For each sample and condi-
tion, measurements were repeated three times in order to collect
meaningful data between room temperature and 100 ◦C. Laser Flash
Analysis is a direct measurement method for measuring thermal
diffusivity and an indirect one for measuring of thermal conductiv-

15/25
ity.
Thermal conductivity (k) can be calculated using:

k(t) = aCp� (2)
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Table  1
Comparison of the elastic constants of graphite from MD simulation and experimental studies (GPa).

C11 C12 C13 C33 C44 C66

Present MD study 970 95 8 26 – 449
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Ultrasonic  and static tests [25] 1060 180
Inelastic  neutron scattering [26] 1440 – 

Inelastic  X-rays [27] 1109 139 

here Cp is the heat capacity determined by Differential Scanning
alorimetry and � is the density measured with a densimeter. The
hermal conductivity experiments were performed for five times
or each volume concentration and the mean values were calcu-
ated.

. Multiscale modeling

In  the current study, theoretically based hierarchical multiscale
omogenization procedure is presented for the modeling of ther-
al  conductivity and elastic modulus of PLA/EG nanocomposite.

n the first step, molecular dynamics modeling are utilized for
he evaluation of thermal conductivity and elastic stiffness tensors
f expanded graphite as a transversely isotropic material. In the
ext step, we developed two-phase continuum modeling tools by
eans of finite elements for the evaluation of thermal conductiv-

ty and elastic modulus of a representative volume element (RVE)
f PLA/EG nanocomposites. In this modeling, the material proper-
ies acquired by the MD  simulations are used for introducing the
roperties of EG. Moreover, as a common assumption, the isotropic
roperties of the matrix were assumed to be the same as those of
ulk and non-filled PLA.

.1.  Molecular dynamics modeling

In the current study, classical molecular dynamics simulations
ere carried out in order to evaluate the thermal conductivity and

tiffness tensors of expanded graphite as the reinforcement part in
he continuum modeling. To this aim, LAMMPS [20] package is used
or the atomistic modeling. The expanded graphite is the multilayer
orm of graphene which is the planar structure of honeycomb lat-
ice of sp2 carbon atoms. The carbon-carbon bonded interaction
n this study is modeled by the optimized Tersoff potential devel-
ped by Lindsay and Broido [21]. In the multilayer graphene (MLG)
tructures, the carbon atoms at different layers are not covalently
onded together and they only present van der Waals interac-
ions. Commonly, the nonbonded interactions are expressed by
ennard–Jones (LJ) potential. In this study, we used the LJ potential
ype with the parameterization suggested by Girifalco et al. [22]. To
he best of our knowledge, this has been the mostly used potential
22] for the modeling of nonbonded interaction of carbon atoms
hich also satisfies the density of bulk graphite (2.2 gr/cm3).

In  Fig. 1, the equilibrated MD  model for the evaluation of
G properties is shown. The EG was constructed by putting the
raphene sheets up together with a spacing distance of 3.4 Å. In
he MD  simulations in this study, we applied the periodic bound-
ry conditions (PBC) in the planar directions (X and Y directions in
ig. 1). Thus, these simulations are representative of infinite multi-
ayer graphene sheets. In the evaluation of bulk graphite properties,

e also applied the periodic boundary conditions along the thick-
ess direction (Z directions in Fig. 1). It is worth noting that in
ll of the simulations in this study, prior to the step for proper-

ies evaluation, the structure was allowed to relax to zero pressure
t 300 K in all directions using constant pressure-temperature (i.e.
PT ensemble) simulations by Nosé–Hoover barostat and thermo-

tat method. Then the final equilibrated structure was obtained by
15 36.5  4 440
– 37.1 4.6 460
0 38.7 5 485

performing constant energy (i.e. NVE ensemble) simulations. The
time increment of the simulations was set to 0.5 fs.

3.1.1. Elastic constants
Our  recent molecular dynamics study [23] has shown the

limited dependency of the multi-layer graphene mechanical prop-
erties on the number of atomic planes. It was shown that further
increasing of the number of layers from six does not influence the
in-plane elastic modulus of multilayer graphene. In other word, it
was found that the six-layers graphene structure presents the same
in-plane elastic modulus as that of bulk graphite. In this way, we
developed a six layer graphene structure (as illustrated in Fig. 1)
for the evaluation of expanded-graphite elastic constants at room
temperature. Calculation of elastic constants at finite temperature
is always challenging. One way to do this is to measure the change
in average stress tensor at constant temperature NVT simulations
when the simulation box undergoes finite deformations [24]. By
performing the MD simulations, the elastic constants of expanded
graphite compared to different experimental studies are listed in
Table 1. We  have also verified that the EG presents transversely
isotropic behavior [23].

Generally speaking, the obtained elastic constants by the opti-
mized Tersoff potential are close to the experimental results. It
should be mentioned that due to the uncertainties observed in the
evaluation of C44, we preferred not to report any value and in our
continuum modeling we  used the average value of the experimen-
tal studies (4.5 GPa).

3.1.2. Thermal conductivity
The  equilibrium molecular dynamics (EMD) method is used for

the evaluation of thermal conductivity of EG. The EMD  method
relies on relating the ensemble average of the heat current auto-
correlation function (HCACF) to the thermal conductivity K, via the
Green-Kubo expression:
Fig. 1. The constructed six-layer graphene structure for evaluation of thermal con-
ductivity and stiffness tensors of expanded graphite by molecular dynamics.
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ig. 2. Average in-plane and along the thickness normalized heat current auto-
orrelation  function (HCACF) obtained from MD simulations for bulk graphite.

here  ̨ denotes the three Cartesian coordinates, KB is the Boltz-
ann’s constant, V and T are the volume and temperature of the

ystem respectively. The auto-correlation functions of the heat cur-
ent

〈
Ja(t)Ja(0)

〉
(HCACF) can be calculated using the heat current

(t) as expressed by [24]:

→
(t) =

∑
t

⎛
⎝et

−→vi + 1
2

∑
i<j

(−→
fij ·

(−→vi + −→
vj

))−→
rij

⎞
⎠ (4)

Here,  ei and vi are the total energy and velocities of atom i respec-
ively, fij and rij are respectively the interatomic forces and position
ector between atoms i and j. The in-plane thermal conductivity of
G is obtained by averaging the thermal conductivity along the X
nd Y directions. We  found that the thermal conductivities along
he X and Y directions are considerably close to each other, thus,
he thermal conductivity of EG also presents transversely isotropic
ature. It is worth noting that in order to minimize the statistical
rrors, the thermal conductivity is calculated based on the average
CACF, calculated from eight independent MD  runs with different

nitial atomic velocities.
Fig.  2 depicts the in-plane and along the thickness normal-

zed HCACF obtained from MD  simulation for bulk graphite. It
hows a decay behavior over the entire time range. The ther-
al conductivity is calculated by performing the integration of
CACF using Eq. 3. By direct integration of HCACF over the time

ange, the in-plane and out of plane thermal conductivity of
raphite are obtained to be 1200 ± 100 W/m-K  and 2.2 ± 0.2 W/m-
, respectively. The size independency of the obtained results was
erified by performing the simulations for different length, ran-
ing between 3 to 8 nm and different number of layers from 6
o 8. We  also performed the same study on 5 layers graphene
heets (no PBC along the Z direction) and we found that the in-
lane thermal conductivity falls within the obtained range for
ulk graphite. It is worth mentioning that the latest experimen-
al results [28] suggest a continuous decline of in-plane thermal
onductivity of graphene from single-layer (4100 ± 540 W/m-K)
o four-layer graphene (1230 ± 160 W/m-K) structures. Further

ncrease of graphene number of atomic planes does not change
he reported in-plane thermal conductivity values. The in-plane
hermal conductivity of graphite has also been reported to be in
he range between 800–2000 W/m-K  [28]. Using the optimized
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Tersoff  potential, we  have recently [29] calculated the thermal con-
ductivity of single-layer graphene to be 3000 ± 100 W/m-K. It is
worth mentioning that the thermal conductivity of a single-layer
graphene is predicted to be 350 W/m-K  [30], by REBO [31] poten-
tial and 800 W/m-K [32], by Tersoff [33] potential. As it is clear,
the predictions by optimized Tersoff potential are in better agree-
ment with experimental results in comparison with other available
results in the literature.

3.2.  Finite element modeling

Now-a-days  finite element (FE) modeling is regarded as a ver-
satile technique for modeling and simulations of a wide range
of engineering problems. In the present study, we carried out
3-dimensional (3D) FE modeling for the evaluation of thermo-
mechanical properties of PLA/EG nanocomposites. There have been
numerous studies using FE for modeling of thermal and mechani-
cal properties of nanocomposites [34–40]. For platelets inclusions
like graphene, graphite and clay, one may  use the 2-dimensional
(2D) finite element models [34,36]. The main advantage of 2D mod-
els in comparison with 3D FE models is their lower computational
costs and simplicities in the modeling. However, it was shown
that 2D finite element models underestimate the predictions by
3D models [36]. Furthermore, the 2D finite element models could
not accurately describe the transversely isotropic behavior of EG
platelets. Due to computational cost of FE modeling, the simula-
tions are limited to modeling of a representative volume element
(RVE) of the composite. The FE simulations in this study were car-
ried out using ABAQUS/Standard (Version 6.10). In our FE models,
EG are modeled as discs with the effective mechanical and ther-
mal properties obtained from MD simulation. In the constructed
RVE, the EG platelets were randomly distributed-and-oriented in
the PLA matrix. As discussed earlier, the EGs are a transversely
isotropic material. For the modeling of a randomly distributed
material with transversely isotropic properties, there are two avail-
able approaches. The first approach is to define a local coordinate
system for each platelet and then assign the transversely isotropic
properties for each platelet along this local coordinate. The defi-
nition of local coordinate systems for each platelet results in the
complexity of the modeling and imposes difficulties on apply-
ing the boundary condition. The second approach which is used
in this study is to define anisotropic material properties for each
platelet along the RVE global coordinate system. In ABAQUS, the full
anisotropic elastic and thermal conductivity properties are defined
by introducing 21 and 6 constants, respectively. These constants are
obtained by transformation of each platelet’s transversely isotropic
stiffness and thermal conductivity tensors along their local coor-
dinate to the RVE global coordinate. This method is physically
acceptable for the evaluation of thermal conductivity. In the eval-
uation of mechanical properties, such a technique is valid only for
evaluating the elastic constants at low strain levels because the
rotations of inclusions are neglected.

The bonding between the EG discs and the polymer material
was assumed to be perfect. The dimensions of all the EGs in the
RVE are equal and it is introduced by definition of diameter to
thickness ratio, called Aspect Ratio (AR). The aspect ratio of the
inclusions plays an important role in the load bearing capabilities
of the nanocomposite. A sample of 3D cubic RVE of a nanocompos-
ite containing 2 volume percent of EG platelets with aspect ratio
of 100 and its elements are shown in Fig. 3. The RVE was  modeled
in a way  to satisfy the periodicity criterion. This means that if a
filling disc is cut by a boundary face of RVE, the remaining part of

15/25
that particle should continue from the opposite face. In this way,
by putting these RVE cubes together side by side, no discontinu-
ity will be observed in the constructed sample. Such a RVE was
constructed in ABAQUS by developing a Python user subroutine.
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F l conductivity and elastic modulus of PLA/EG nanocomposites, (a) wire-frame model (b)
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Fig. 4. SEM image of PLA + 3 wt.% EG nanocomposites.
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ig. 3. Developed 3D periodic finite element RVE for evaluation of effective therma
eshed  model.

e  also developed a C + + program for creating the random dis-
ribution of platelets inside the RVE and obtaining the anisotropic

aterials constants in the RVE global coordinates. The provided
nformation by the C + + code was used as input data for Python
cript for the construction of the final models in the ABAQUS. The
pecimen was meshed using the 4-node linear tetrahedron shape
lements, 3-Dimentional stress (C3D4) elements are used for elas-
ic analysis and heat transfer (DC3D4) elements are used in thermal
onductivity modeling.

In  the evaluation of elastic properties, a small uniform strain
as applied on one of the surfaces along the Z direction and the

ther surfaces where fixed only in their normal directions. The
eaction forces on each surface were computed to calculate the cor-
esponding stresses. Using Hooke’s law for an isotropic material,
he effective elastic modulus and Poisson’s ratio of the nanocom-
osite RVE was estimated.

For  the evaluation of thermal conductivity, a constant heating
urface heat flux (+q) was exerted on one of the surfaces along the

 direction and on the opposite surface the same magnitude cool-
ng surface heat flux (-q) was applied. The applied steady state
eat fluxes, establish a temperature gradient along the Z direc-
ion in the RVE. The temperature gradient, dT

dE , was  calculated by
ntroducing the dT as the average temperature differences between
he hot and cold surfaces. The effective thermal conductivity of the
anocomposite was obtained by using the one-dimensional form
f the Fourier law,

(
K = q dz

dT

)
.

. Results and discussions

.1.  Morphological and structural characterization of PLA/EG
anocomposites

To  investigate the detailed morphological of PLA/EG nanocom-
osites, several techniques have been used including X-ray
iffraction, Raman spectroscopy SEM and TEM (see details in [19]).

t was observed by X-ray diffraction [19] that PLA/EG nanocom-
osites exhibited a peak at 2� of 26.5◦ which corresponds to the
tacking of single graphene layers at a distance of 0.335 nm.  The
resence of this peak confirms that the complete exfoliation of EG

s not reached and some sheets still exist in the aggregate form.
owever, SEM images show clearly that EG stacks are dispersed

omogeneously in the PLA matrix (Fig. 4). As it can be observed,
EM image do not show the presence of any interphase between EG
nd PLA (Fig. 5 TEM). In addition, IR analysis performed on EG pow-
er shows the absence of oxidized functions [19]. In this case, the Fig. 5. TEM image of PLA/6.75 wt.% EG.
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ig. 6. Raman spectra: Comparison of the 2D band for PLA nanocomposites with EG
oncentrations of 3 wt.% and 6.75 wt.% respectively.

nteraction between PLA (hydrophobic polymer) and EG is expected
o be strong.

Additional information concerning the structure of PLA/EG
as obtained through Raman spectroscopy analyses [19]. Raman

pectra can provide qualitative and quantitative information on
ost polymer matrix and fillers: concentrations, purities, residual
trains, fillers homogeneity and orientation, etc. Then, some vibra-
ion modes of the carbon lattice can be used as probe to characterize
hysical properties of the nanocomposites. Fig. 6, shows the Raman
pectra of EG and the PLA/EG composites at two EG concentrations:

 wt.% and 6.75 wt.%. At first, no modification of the PLA CH2 and
H3 stretching bands around 3000 cm−1 is observed for all spec-
ra which indicates that the polymer matrix was  not damaged or
nder strain after extrusion. Spectra are thus normalized based on
LA peak. EG is characterized by the G band at 1560 cm−1 and the
D band around 2700 cm−1. In a basic molecular description, the G
and is attributed to the bond stretching and the 2D band, which

s the second order of the D band, is attributed to breathing modes
f sp2 atoms in rings. The 2D band, second order of the D band
s allowed by the selection rule and its shape is sensitive to the
umber of carbon layers and could be used to distinguish graphene

rom graphite. The 2D bands of EG in PLA have a graphite shape

ith relative intensities proportional to the fillers concentrations.

 slight upshift around 5 cm−1 is observed for the lower EG con-
entration. The 2D band shape and Raman shift value do not show
he presence of graphene in the PLA/EG composite. It means that

ig. 7. Size dependency (number of platelets inside RVE) of the finite element results for 

osites.
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in the delamination process during the extrusion, we  could not
get to carbon monolayers. Some graphene sheets may  exist, but
with no significant concentration. This upshift, from EG concentra-
tion of 6.75 wt.% to 3 wt.%, indicates a small compression of carbon
rings as results of mechanical constraint, which disrupts carbon
atoms vibrations. This compression is probably due to mechani-
cal compression of the polymer on the carbon fillers. At high EG
concentration, the carbon rings vibration modes are similar to bulk
graphite ones. Thus, the polymer has no effect on these breathing
modes which means the existence of a normal interaction between
carbon layers and small concentration of PLA-carbon interface. On
contrary, at lower EG concentration, the polymer matrix induces
a compression on carbon rings which suggests a higher density of
interface PLA-carbon which could be explained as a result of delam-
ination process. The mechanical effect of PLA on EG fillers indicates
a good and strong interface PLA-EG which could also be confirmed
by TEM images.

4.2.  Convergence of finite element results

There are always computational limitations in generating of
large RVEs. According to the RVE definition, the calculated effective
results must be independent of the RVE size. Otherwise, obtained
properties could not be used as estimations of bulk properties.
To address this issue, we  developed different RVEs with differ-
ent number of platelets and different configuration of inclusions
to investigate the independency of the reported results to the RVE
size. Fig. 7 shows the predicted elastic modulus and thermal con-
ductivity of the nanocomposite for different RVE sizes (number of
EG platelets), containing 1.7 volume percent (3 wt.%) of EG platelets
with aspect ratio of 50. As expected, by increasing the RVE size, the
variation band of FE results decreases. We  could conclude that the
predicted results by the RVE with 70 platelets of EG shows accept-
able size independency and accuracy as well. In this way, in the FE
results reported in this study we  included at least 70 EG platelets
in the modeling. This also shows that modeling of limited number
of particles by 3D finite element models could be efficiently used
for prediction of thermal conductivity and elastic properties of two
phase composite materials.

4.3.  Comparison between experimental and multiscale modeling

The  comparison between experimental and multiscale predic-
tions of elastic modulus of PLA/EG nanocomposites is shown in

15/25
Fig. 8. The experimental results are reported for two different EG
concentrations of 3 wt.% and 6.75 wt.%, which are equivalent with
1.7 vol.% and 4 vol.%, respectively. As it can be observed, in the
case of 3 wt.% concentration of EG at low temperatures (below

prediction of (a) elastic modulus and (b) thermal conductivity of PLA/EG nanocom-
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PLA atoms and also verify the negligible interphase effects. The
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ig. 8. Experimental and predicted elastic modulus of the PLA nanocomposites with
G concentrations at 3 wt.% and 6.75 wt.%, respectively.

lass transition), finite element results for the elastic modulus with
ffective aspect ratio of 120 for EG platelets match fairly well the
xperimental results. For PLA with 6.75 wt.% concentration of EG
nd at temperatures below the glass transition, the finite element
esults with effective aspect ratio of 60 fall close to the experimental
lastic modulus. We  should remark that for the platelet inclusions,
he modeling results are strongly dependent on the effective aspect
atio of the inclusions inside the polymer [41]. In a fabricated ran-
om nanocomposite material, the inclusions shape would not be
imilar. Therefore, considering similar geometries for all of the EG
latelets inside the polymer matrix in our finite element modeling
ould not be considered as a realistic construction of nanocompos-
te sample. However, the comparison with finite element results
ould be used to verify the efficiency of EG platelets distributions
nd delamination inside the PLA. The agreement of finite element
esults with aspect ratio of 120 with experimental results could
e used as a sign of well distributed and delaminated EG platelets

nside PLA. On the other hand, by increasing the volume concen-
ration of EG platelets, the finite element results with effective
spect ratio of 60 match the experiments, accordingly, this could
mply the decline of the quality of EG distributions and less delam-
nation of EG inside PLA. This is in accord with the experimental
bservations. It is worth mentioning that in the finite element mod-
ling presented here we did not include the interphase effect as a
hird phase. This two-phase finite element modeling could be con-
incing for herein fabricated PLA/EG nanocomposite, since the IR,
EM images and Raman spectroscopy did not reveal any significant
ign for the formation of interphase between EG platelets and PLA
atrix.
The strong mechanical interaction between carbon atoms of EG

nd polymer atoms could satisfy our perfect bonding assumption
n finite element modeling for elastic modulus. As it is illustrated
n Fig. 8, the finite element results are close to the experimental
easurements from room temperature to 50 ◦C. At this point, the

nite element results deviate from experimental ones. We  note that
he basic assumption that we made in our finite element modeling
s that the nanocomposite structure is a perfectly elastic solid. In
he case of polymer materials this assumption is no longer valid
f the specimen temperature approaches or gets higher than the
lass transition temperature. It is important to underline a shift
f the glass transition temperature toward lower values (4–5 ◦C)
n the theoretical curve compared to the experimental one. This
iscrepancy could be explained by the fact that in the theoretical

odel did not take into account the impact of EG on the polymer

hain mobility responsible of the increase of the glass transition
emperature of PLA.
Fig. 9. Experimental and predicted thermal conductivity of the nanocomposite with
EG concentrations at 3 wt.% and 6.75 wt.%, respectively.

Despite strong bonding between EG platelets and the polymer
material, perfect heat flux transfer could not be physically accept-
able, which is due to the existence of thermal boundary resistance
between the fillers and the matrix [42]. Moreover, the thermal con-
ductivity of graphene is much more sensitive to chemical doping
and defects [29] in comparison with mechanical properties [43].
Therefore, we  could expect the overestimation of thermal conduc-
tivity of PLA/EG nanocomposite by the finite element method as
shown by our predicted results in Fig. 9. We  should remark that
the experimental procedure for the evaluation of thermal bound-
ary resistance at the interface between inclusion and matrix at
nanoscale is considerably difficult and complex. For these cases,
the virtual computer simulations using the molecular dynamics
method seems promising.

We  should note that there exist a variety of analytical
approaches such as Halpin-Tsai [44], and Mori-Tanaka [45] meth-
ods for the evaluation of thermal conductivity and elastic modulus
of composite materials. These two methods cannot accurately
consider the interactions between adjacent inclusions. Moreover,
they cannot evaluate the micro-stresses involving with individ-
ual inclusion. The priority of the 3D finite element modeling
in the evaluation of thermal and elastic properties of compos-
ite materials in comparison with micromechanical and statistical
methods is elaborately discussed in our recent study [41]. In
recent works [47], micromechanical models have been developed
to include microstructural features of polymer nanocomposites
such as matrix/fillers interphase and their relative strengths as well
as the shifts of the glass transition due to the addition of nanofillers.

5. Conclusion

We  developed experimental and theoretically based multiscale
approaches for the investigating of the thermal and mechanical
reinforcement of poly (lactide) by addition of expanded graphite
platelets. Due to high stiffness as well as thermal conduction prop-
erties of graphite, we  could observe considerable improvement in
PLA thermal conductivity and elastic modulus by incorporation of
expanded graphite particles. The experimental characterizations of
nanocomposite samples were performed using Infrared and Raman
spectroscopy, dynamic mechanical analyzer, flash laser for evalua-
tion of thermal conductivity and transmission electron microscopy.
The Infrared spectroscopy and transmission electron microscopy
images reveal the strong bonding between expanded graphite and
efficiency of expanded graphite distribution inside the PLA using
twin-screw micro-extruder procedure was also concluded by com-
puters modeling. In the multiscale modeling, first, we  evaluated the
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hermal conductivity and stiffness tensor of graphite by means of
olecular dynamics simulations. The molecular dynamics results

re in close agreement with experimental results available in the
iterature. Next, we developed 3D finite element models for the
valuation of thermal conductivity and elastic modulus of the
anocomposites. Our study proposes the combination of molecu-

ar dynamics and 3D finite element modeling as a characterization
echnique for the evaluation and prediction of thermal conductivity
nd elastic modulus of nanocomposite materials.
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To tune the toughness of PLA, a novel pathway to chemically modify PLA via reactive
extrusion in the presence of ‘‘reactive’’ PEG derivatives is proposed. PEG methyl ether
methacrylate (MAPEG) and PEG methyl ether acrylate (AcrylPEG) are melt-mixed and

extrudedwith PLA in the presence of 2,5-dimethyl-2,5-
di(tert-butylperoxy)hexane (L101) as a free-radical
initiator. Molecular characterization reveals that
about 20 and 65%, respectively, of the initially
introduced MAPEG and AcrylPEG can be grafted onto
the PLA backbone. The plasticization effect is demon-
strated by a significant decrease of the glass transition
temperature and storage modulus together with a
significant increase of the elongation at break as
compared to neat PLA.
G. Kfoury, Dr. F. Hassouna, Dr. V. Toniazzo, Dr. D. Ruch
Department of Advanced Materials and Structures (AMS), Centre
de Recherche Public Henri Tudor, Rue Bommel 5 4940,
Hautcharage, Luxembourg
E-mail: fatima.hassouna@tudor.lu
G. Kfoury, Dr. J.-M. Raquez, Prof. P. Dubois
Laboratory of Polymeric and Composite Materials (LPCM), Centre
d’Innovation et de Recherche en Mat�eriaux Polym�eres (CIRMAP),
UMONS Research Institute for Materials Science and Engineering,
Universit�e de Mons (UMONS), Place du Parc 23, B-7000 Mons,
Belgium
E-mail: philippe.dubois@umons.ac.be

� 2013 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
Macromol. Mater. Eng. 2014, 299, 583–595

wileyonlinelibrary.com
. High-molecular-weight PLA can be readily
1. Introduction

Poly(lactide) (PLA) is the most extensively studied biode-

gradable thermoplastics derived from renewable resources

for commodity applications, due to its industrial imple-
mentation

obtained at low cost production via ring-opening polymer-

ization (ROP) of lactide (LA).[1] Due to its inherent

brittleness, the use of PLA is limited as it cannot fulfil the

applications where high ductility is required compared to

the others.[2,3] In order to improve the mechanical proper-

ties of PLA, plasticizing PLA with low-molecular-weight

compounds has been intensively investigated.[4–6] To get

all the benefits in terms of its processability, flexibility/

ductility, and impact strength,[7] the plasticizer should be

miscible with the polymer at the required loadings.

Depending on their molecular weight, two main classes

of plasticizers can be distinguished as reported by Liu

and Zhang;[8] the first type includes monomers or small

molecule plasticizers and the second one includes oligo-

meric or polymeric plasticizers. Many small molecules/

monomeric biodegradable compounds, mainly based on
DOI: 10.1002/mame.201300265 583
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the family of citrate derivatives and LA monomer have

been investigated. By comparison with oligomeric or

polymeric plasticizers, the small molecule plasticizers are

more miscible and efficient in order to decrease the Tg
of the PLA polymer for their higher mixing entropy

contribution. However, because of their low boiling

point, small molecule plasticizers can get evaporated

during melt processing[3,9–11] as well as have a strong

tendency to migrate toward the surface of the polymeric

material,[9,11–13] reducing the toughness of PLA-based

materials. This can be explained by the tendency of the

plasticized PLA to crystallize with time, which reduces the

amorphous fraction able to retain the plasticizer molecules

in the polymer.[11–15] In addition, the plasticizer migration

can have some risks of food contaminations in packaging

applications. In this regard, oligomeric and polymeric

plasticizers are more preferred in order to plasticize the

polymermatrix,while reducing the extent of theplasticizer

migration. However, the plasticization extent with oligo-

meric and polymeric plasticizers has not been satisfactory

yet, because they can yield macrophase separation at high

loadings with time in the PLA-based blends.

To overcome this problem, Hassouna et al.[16,17]

have succeeded to graft hydroxylated PEG and citrate

plasticizers in the presence of maleic anhydride moieties

grafted onto PLA chains using reactive extrusion (REx),

resulting in a very tough material. A partial grafting of

hydroxylated PEG through maleic anhydride moieties

was evidenced, reducing the tendency of PEG to phase-

separate in the blends. In this work, we hence propose to

chemically modify PLA matrix through the free-radical

grafting of PEG derivatives bearing (meth)acrylates

moieties using REx in order to finely tune the toughness

of PLA-based materials. The free-radical grafting of

unsaturated monomers onto PLA backbone has thereby

shown to be an efficient way to functionalize, but also

to enhance the stiffness of the PLA matrix.[18] This latter is

very important because toughness of PLA is significantly

reduced after plasticization.

Interestingly, REx has proven to be an ecological, cost-

effective, and versatile process to design novel and

high performance bioplastics.[19] Luperox 101 (L101)

was used as free-radical initiator with two unsaturated

low-molecular-weight poly(ethylene glycol)s (PEGs), i.e.,

poly(ethylene glycol) methyl ether methacrylate (MAPEG)

and poly(ethylene glycol) methyl acrylate (AcrylPEG).

Interestingly, depending on the nature of the PEG

derivatives and the concentration of the free-radical

initiator, it was possible to achieve tough to highly-

plasticized materials. The L101 amount in the ternary

REx blends PLA/MAPEG/L101 and PLA/AcrylPEG/L101

was investigated in this regard. A thorough molecular

characterization was performed in order to provide some

mechanistic insights. Thermal and mechanical properties
Macromol. Mater. Eng. 2
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of the so-produced materials were determined, namely in

terms of impact strength and tensile properties.
2. Experimental Section

2.1. Materials and Reagents

4042D (NatureWorksW) grade PL-LA [Mn (PS) � 129 000 gmol�1,

D-(–)-LA monomer content (as determined by selective enzymatic

titration)¼4.6%]was provided byNatureWorks LLC. 2,5-dimethyl-

2,5-di-(tert-butylperoxy)hexane organic peroxide (Luperox101 or

L101), MAPEG,Mn � 300gmol�1, and AcrylPEG,Mn � 480 gmol�1

were purchased from Sigma-Aldrich. L101 was chosen as the

initiator for several reasons. A half-lifetime of 1min at 180 8C and

13 s at 200 8C was reported by the supplier, which indicates a

complete decomposition of the peroxide at the operating temper-

atures and residence times of our process. L101 is also recognized

by the FDA as a food additive (Code of Regulations; Title 21 ‘‘Food

and Drugs’’ part 170 under ‘‘Food Additives’’).
2.2. Reactive Extrusion and Sample Elaboration

All melt (reactive) blends were performed using a twin screwDSM

Xplore Research micro-compounder under nitrogen atmosphere.

Barrel temperature was set at 180 8C. Melt temperature was

measured before and during the process (�170–175 8C). Screw
speedwas fixed to 100 rpm and the residence time to 5min. 15 g in

total per batch were introduced into the micro-compounder. PLA

was first dried for at least 12h at 60 8C in a vacuum oven (Thermo

scientific–Heraeus) before processing. During experiments, the

liquids (MAPEG, AcrylPEG, and L101) were kept in dark, cool, and

inert atmosphere ina closedDewarvase containing liquidnitrogen

to prevent any potential photo-polymerization and any degrada-

tion of the plasticizers by contact with the ambient humidity. PLA

was first introduced and melted in the extruder. MAPEG (or

AcrylPEG) and L101 were mixed in a small glass vial then injected

into the extruder using a syringe. The evolution of the force (N)

during RExwas recorded. Standard samples of resulting PLA-based

materials were then prepared by compression molding using a

Carver manual press (25�25 cm2 plates) at 180 8C during 10min.
2.3. Characterization Methods

2.3.1. Soxhlet Extraction in Methanol

This extraction technique was used to separate and quantify the

residues of the liquid fraction (soluble in methanol) from the PLA

matrix. Approximately 1 g of each extruded samplewas placed in a

thimble-holder thatwas graduallyfilledwith condensedmethanol

from a distillation flask constantly heated at 120 8C. When the

liquidreachedtheoverflowlevel, a siphonaspiratedthesolute from

the thimble-holder and unloaded it back into the distillation flask,

carrying the extracts into the bulk liquid. This operation was

repeated until extraction was complete (�24h). Solid fraction was

dried overnight at 70 8C under vacuum and weighed after being

kept at ambient conditions for at least 15h in order to reabsorb
014, 299, 583–595
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theambienthumidity.Methanolwasevaporatedfromthesolution

fraction by Rotavapor technique, and dried overnight under

vacuum at 50 8C. Extracted fraction (EF in wt%) was calculated

according to EF ¼ before SoxhletðgÞ� after Soxhlet and drying ðgÞ
before SoxhletðgÞ � 100

Soxhlet extraction was repeated at least two times for each

sample. Average and standard deviation were calculated and

the results were plotted.

The residues of the soluble fraction as well as the insoluble

fraction from PLA-based blends were characterized by FTIR

and SEC.

2.3.2. Fourier-Transform Infrared (FTIR) Spectroscopy

Thechanges in thechemical structureofPLA,MAPEG,andAcrylPEG

were evaluated by FTIR spectroscopy in attenuated total reflec-

tance (ATR) mode from 400 to 4000 cm�1 using a Bruker Optics

Tensor 27 spectrometer.

2.3.3. Size Exclusion Chromatography (SEC)

SEC was performed in order to characterize the molecular weight

change of PLA, MAPEG, and AcrylPEG in the presence of different

concentrations of L101. Sample preparation was performed by

dissolving the material to be analyzed in chloroform at a

concentration of 2mg �mL�1. This was followed by the filtration

of the prepared material solution using a syringe and an acrodisk

(0.45mm). SEC used was an Agilent Technologies series 1200

working with a differential refractive index detection and a linear

column (PLgel 5mm Mixed-D, 200 Da<Mw < 400kDa).

2.3.4. Proton Nuclear Magnetic Resonance (1H NMR)

Thechanges in thechemical structureofPLA,MAPEG,andAcrylPEG

were evaluated by 1HNMR. Sample preparationwas performed by

dissolving the material to be analyzed in deuterated chloroform

CDCl3 (containing 0.03% of trimethylsilane) at a concentration of

50mg �mL�1. 1HNMRspectrawere recordedusing aBRUKERAMX-

300 spectrometerworking at a frequencyof 300MHz in amagnetic

field of 7 T. The delay between the scanswas 10 s. A BRUKER AMX-

500 spectrometer was also used where higher precision and

sensitivity were required. The latter worked at a frequency of

500MHz in a magnetic field of 11.6 T.

2.3.5. Differential Scanning Calorimetry (DSC)

5–10mg of each samplewas subjected to thermal characterization

using a TA instrument Q2000 DSC under nitrogen atmosphere. A

‘‘heat/cool/heat’’ program was used and the lower and the upper

temperatures were fixed to –80 and þ200 8C and both the cooling

and the heating rates were fixed to 10 8Cmin�1.

2.3.6. Dynamic Mechanical Thermal Analysis (DMTA)

The viscoelastic properties of elaborated PLA-basedmaterials were

analyzed by means of a dynamic mechanical analyzer (DMA) TA

Instrument Q800. For this study, three rectangular specimens

(60� 12�2 mm3) per sample were prepared by compression-

moulding then conditioned for at least 24h at 20 8C and 50% of

relative humidity before testing. They were subjected to double
Macromol. Mater. Eng.
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cantilever mode of flexural loading with amplitude of 20mm in

the temperature range from –60 to þ120 8C at a heating rate of

2 8C �min�1 and a frequency of 1Hz.

2.3.7. Tensile Tests

Tensile properties were determined according to ASTM D638

procedure using a Zwickline tensile bench. At least four tensile

specimensper sample (narrowsectiondimensions:16�3�3mm3)

were prepared by compression moulding. They were conditioned

for at least 24h at 20 8C and 50%of relative humidity before testing.

After measuring the dimensions of the narrow section, each

specimen was fixed between the grips of both the fixed and the

movablemembers.ThetestwasperformedaccordingtoASTMD638

procedure at 5mm �min�1 till break under the same temperature

and relative humidity conditions. The data acquisition was

managed by testXpert II software.

2.3.8. Notched Izod Impact

At least four rectangular specimens (62�12� 3 mm3) per sample

werepreparedby compressionmouldingandnotchedonaRayRan

1900 notching apparatus according to ASTM D256 specifications.

The angle of the notch was 458 and the radius is 2.5mm. Before

testing, specimens were conditioned at 20 8C and 50% of relative

humidity for at least 24h. Ray Ran 2500 pendulum impact tester

wasused. Eachspecimenwasheldasavertical cantileverbeamand

was broken by a single swing of the pendulum. The line of initial

contact was at a fixed distance from the specimen clamp and from

the center-line of the notch and on the same face as the notch.

The results of all test methods were reported in terms of energy

absorbed per unit of specimen cross-sectional area under the

notch. Testing conditions were: impact velocity: 3.46m � s�1;
hammer weight: 0.668 kg; energy: 3.99 J.
3. Results and Discussion

The influence of free-radical grafting reactions of PLA with

MAPEGandAcrylPEGat 20wt%was assessed over the force

evolved during REx at 180 8C. For a sake of comparison,

a simple blending between PLA and unsaturated PEG

derivatives was carried out, i.e., in the absence of free-

radical initiator. The evolution of the REx force as a function

of time was recorded and plotted in Figure 1.

Irrespective of the plasticizer, the liquid injection in

the viscous PLA matrix resulted in a fast and significant

drop of the extrusion force from �6 000 to 2 000–3 000N.

This observation can be ascribed to the dramatic decrease

of the material viscosity due to the high plasticizer

loading (20wt%). From Figure 1, two different REx force

evolutions can be noticed in function of the plasticizer.

When MAPEG was extruded with PLA (in the presence

or in the absence of L101), the initial extrusion force

fluctuated slightly as MAPEG was incorporated in the PLA

matrix before leveling off after 2min. Moreover, the

extrusion force and to some extent, the blend-viscosity
2014, 299, 583–595
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slightly increased by �500N with the addition of L101. A

similar REx force trend is noticed for the simple blend of

PLA/AcrylPEG, except that slightly higher values are

obtained with respect to all PLA/MAPEG/L101 blends.

When L101 was added to PLA/AcrylPEG blend, the REx

force remarkably increases during the first 2min of REx

before reaching a plateau. The extrusion force at the

plateau is considerably enhanced with the addition of

0.25 and 0.5wt% of L101, passing from 3 250 for PLA/

AcrylPEG to 4 300 and 5 000N for PLA/AcrylPEG/L101

blends, respectively. This attests for the substantial

modifications of the length (higher molecular weight)

and/or topology (chain branching) of the polymer chains

as evidenced on the molecular characterization of the

polymer blends so-produced by REx.
3.1. Molecular Characterization

The plasticizers were extracted from the PLA matrix by

means of Soxhlet technique from methanol as a solvent.

Figure 2 displays the evolution, as a function of the

added L101 amount, of the residues from the soluble

fraction (in wt%) for the different blends investigated.

Up to 19wt% of plasticizer was extracted from the simple

blends made of MAPEG and AcrylPEG. This indicates that

all plasticizer introduced, either MAPEG or AcrylPEG,

remained unreacted in PLA matrix. Interestingly, the

residues amount from the soluble fraction decreases

with the L101 amount. For instance, when 0.5wt% L101

was added in the case of PLA/MAPEG/L101 blends, only

ca. 16wt% of residues from the soluble fraction was

extracted out. This value (ca. 7wt%) was lower in the case

of PLA/MAPEG/L101 blend containing 0.5wt% of L101.

This can be explained by the fact that in presence of L101,

a certain fraction of plasticizer can be grafted onto PLA
Macromol. Mater. Eng. 2
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backbone, and therefore decreasing the amount of the

residues from the soluble fraction. Moreover, the grafting

extent of AcrylPEG onto PLA is much higher than that with

MAPEG.

To support these statements, the resulting PLA-based

materials as well as the corresponding residues of liquid

fractions were characterized by means of FTIR and SEC

techniques (Figure 3 for the PLA/MAPEG/L101 blends and

Figure 4 for the PLA/AcrylPEG/L101 blends). The relative

molecular weights (Mn and Mw, D and DPn) of all samples

were thereby determined by SEC analysis according to

polystyrene standards and are summarized in Table 1.

The average degree of polymerization (DPn) is defined

as the molecular weight of distribution of the PEG

plasticizer after REx (homo-oligomers) per the molecular

weight distribution of the neat reactive plasticizer.

Figure 3F and Figure 4F show that the chromatograms of

the materials recovered just after extrusion is bimodal

(MWD) in both simple blends containing either MAPEG

or AcrylPEG (not added with L101). These two molecular

weight distributions are ascribed to PLA [MWD(PLA)]

and to the plasticizers [MWD(MAPEG) for MAPEG in PLA/

MAPEG, and MWD(AcrylPEG) for AcrylPEG in PLA/AcrylPEG]

by comparison with the chromatograms of the reference

materials (neat PLA, MAPEG, and AcrylPEG, separately).

In other terms, no reaction occurred between PLA and

the plasticizers during the extrusion process as previously

demonstrated by Soxhlet extraction (Figure 2). In the case

of the reactively modified REx PLA/MAPEG/L101 blends,

adding L101 leads to the decrease of MWD(MAPEG) of

MAPEG, together with the appearance of a new molecular

weight distributionMWD(oligo-MAPEG) betweenMWD(MAPEG)

(MAPEG) and MWD(PLA). In the case of the REx PLA/

AcrylPEG/L101 blends, adding L101 also leads to the

appearance of a new molecular weight distribution
014, 299, 583–595
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Figure 3. Left: A) FTIR spectra of the residue from the liquid fractions, B) solid fraction
recovered after Sohxlet extraction, and C) materials before extraction. Right: D) SEC
chromatograms of the residue from the liquid fractions, E) solid fraction recovered after
Sohxlet extraction, F) and materials before extraction.
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MWD(oligo-AcrylPEG), but the AcrylPEG macroinitiator was

almost reacted as evidence by the quasi-total disappear-

ance of [MWD(AcrylPEG)]. In addition, a significant broaden-

ing of MWD(PLA) was noticed, indicating the PLA weight-

average molecular weight Mw and dispersity D increase

(Mw¼ 1 296 400 g �mol�1 and D¼ 10 for the blend
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Figure 4. Left: A) FTIR spectra of the residue from the liquid fractions, B) the solid
fraction recovered after Sohxlet extraction, and C) materials before extraction. Right: D)
SEC chromatograms of the residue from the liquid fractions, E) the solid fraction
recovered after Sohxlet’s extraction, and F) materials before extraction.
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containing 0.5wt% of L101) as compared

to neat PLA (Mw¼ 260 580 g �mol�1 and

D¼ 1.8; Table 1). Although we cannot

exclude any recombinaison of PLA

macroradicals, this can be more likely

explained by the grafting of AcrylPEG

macroradicals onto PLA backbone

during the REx process. In Figure 3C

and Figure 4C, we observe that the

characteristic absorption bands of PLA,

MAPEG, and AcrylPEG in the FT-IR

spectra of all the investigated (REx)

blends. The FTIR spectrum of residues

of the soluble fractions from the PLA/

MAPEG/L101 blends is very similar to

the spectrum of neat MAPEG. However,

the intensity of the absorption band

at 1 637 cm�1 corresponding to the

double-bondmoieties frommethacrylate

derivativesdecreaseswith the increaseof

L101 amount (Figure 3A). Furthermore,

SEC analysis performed on the same

samples (Figure 3D) show the presence

of two molecular weight distributions:
MWD(MAPEG) corresponding to neat MAPEG and

MWD(oligo-MAPEG). One can notice a decrease of MWD(MAPEG)

and an increase of MWD(oligo-MAPEG) as the amount of

L101 increases. The evolution of the absorption band at

1 637 cm�1 determined by FTIR analysis can be therefore

correlated with the evolution of the molecular weight
distribution MWD(MAPEG) of the MAPEG

plasticizer measured by SEC. Indeed,

the decrease of the band intensity of

the double-bond moieties from meth-

acrylate derivatives (1 637 cm�1) with

the increased amount of L101 observed

by FTIR corresponds to the decrease

of MWD(MAPEG) and an increase of

MWD(oligo-MAPEG) as observed by SEC.

Furthermore, Table 1 shows that

the molecular weight distribution

MWD(oligo-MAPEG) is characterized by a

dispersity D of about 1.2, while D of

MAPEG is just slightly higher than 1. In

other terms, the MWD(oligo-MAPEG) popu-

lation can be ascribed to the in situ free-

radical homo-oligomerization of MAPEG

derivatives. Accordingly, the residues

from the soluble fraction from the PLA/

MAPEG/L101blends can be identified as a

mixture of MAPEG and its oligomers.

According to these results, we may

suggestamulti-stageprocessduring free-

radical grafting of PLA with MAPEG
eim 587



Table 1. Molecular weights, dispersity (D) and number-average degree of polymerization (DPn) as determined by SEC on all the investigated
materials.

X

PLA/X/L101

[wt.%]

Mn (PS) [g mol–1] Mw (PS) [g mol–1] D ¼ Mw=Mn DPn
a)

X oligo-X PLA X oligo-X PLA X oligo-X PLA oligo-X

– 100/0/0b) 145 400 260 580 1.79

– 100/0/0c) 132 310 241 550 1.83

MAPEG 0/100/0 420 430 1.03

MAPEG 80/20/0 422 – 102 760 435 – 195 010 1.03 – 1.90 –

MAPEG 79.75/20/0.25 425 1 660 120 460 440 1960 247 830 1.03 1.19 2.28 4

MAPEG 79.5/20/0.5 424 1 756 121 890 437 2142 280 370 1.03 1.22 2.30 4

AcrylPEG 0/100/0 830 940 1.13

AcrylPEG 80/20/0 840 – 113 750 930 – 234 580 1.11 – 2.06 –

79.75/20/0.25 – 6 736 123 130 – 11 368 518 960 – 1.69 4.21 8

AcrylPEG 79.5/20/0.5 – 5 700 129 390 – 9 380 1 296 400 – 1.65 10.01 7

a)DPn ¼
Mn of oligo�MAPEG or oligo�AcrylPEG

Mn of MAPEG or AcrylPEG
; b)Neat PLA; c)Extruded PLA.
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during the REx process (Scheme 1). L101 is a difunctional di-

tertiary alkyl peroxide. The free-radicals as generated

during the thermal decomposition of L101 can initiate

the polymerizations of unsaturated monomers.[20–22]

During reactive melt processing, L101 generates free-

radicals in the medium (decomposition half-time at

180 8C � 1min) (Scheme 1a). The L101 free radicals

activate the methacrylic carbon-carbon double bonds.[23]

The resulting tertiary MAPEG free radicals may then

combine with other MAPEG species, i.e., oligomerization

of MAPEG. Based on FTIR and SEC analyses, the oligomeri-

zation of MAPEG (Scheme 1b) is the main reaction taking

place during the REx process.

One should note that the infrared absorption band

(peak at 2 878 cm�1) related to the C-H single bonds from

the PEO segment remained unmodified, indicating that

the PEO segment itself did not participate to free-radical

grafting of PLA with MAPEG. However, the grafting

reaction of MAPEG onto PLA can be partly considered to

take place during the melt processing. Indeed, FTIR

analysis performed on PLA/MAPEG/L101 materials after

Soxhlet extraction (Figure 3B) reveals a total disappearance

of the C55C groups (1 637 cm�1), but still the presence of

the absorption band at 2 878 cm�1 corresponding to C–H

single bonds from the PEO segments of MAPEG. Similarly,

SEC analysis performed on the same materials shows the

presence of a single molecular weight distribution con-

firming the absence of the starting MAPEG. The molecular

weight distribution can be ascribed to a mixture of PLA

and PLA-graft-MAPEG.

However, onecannotice that furtheradditionofL101, i.e.,

at 0.25 and 0.5wt%, had a slight negative effect on the
Macromol. Mater. Eng. 2
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molecular weight of PLA. This decrease can be explained

by a slight degradation of PLA through free-radical induced

b-scission of the polyester chain.[24]

The residues of soluble fractions from the PLA/AcrylPEG/

L101 materials were also characterized. All the residues of

soluble fractions from the PLA/AcrylPEG/L101 materials

exhibited FTIR spectra similar to neat AcrylPEG. However,

the absorption band corresponding to the carbon-carbon

double bond at 1 637 cm�1 disappeared in presence of L101

(Figure 4A). SEC analysis carried out on the same samples

shows the quasi-total disappearance of the peak corre-

sponding to neat AcrylPEG molecular weight distribution

[MWD(AcrylPEG)] and the appearance of a new peak at

higher molecular weight [MWD(AcrylPEG)] (Figure 4D).

Furthermore, Table 1 shows that the material correspond-

ing to MWD(AcrylPEG) is characterized by a dispersity D of

about 1.7, while D of neat AcrylPEG [MWD(AcrylPEG)] is 1.1.

Consequently, by comparison to the residues of the

soluble fractions from the blends PLA/MAPEG/L101,

MWD(AcrylPEG) is more likely the result of an in situ free-

radical homo-oligomerization reaction of the acrylic

functional end-groups of AcrylPEG in presence of L101.

The residue of the soluble fraction from the PLA/AcrylPEG/

L101 blends can be identified as AcrylPEG oligomers

[oligo(AcrylPEG)]. A mechanism of homo-oligomerization of

AcrylPEG in presence of L101 during the REx process is

proposed in Scheme 1a and c, in this regard. L101 free-

radicals formed during the melt processing attacks the

acrylic carbon-carbon double bonds. The formed secondary

AcrylPEG free-radical may then combine with other

AcrylPEG molecules. FTIR and SEC results suggest clearly

that the oligomerization of AcrylPEG is the main reaction
014, 299, 583–595
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Scheme 1. In situ chemical reactions taking place during the
reactive extrusion of the ternary reactive blends PLA/MAPEG/
L101 and PLA/AcrylPEG/L101.
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taking place during the REx process and again, the grafting

reaction of AcryPEG onto PLA cannot be neglected. Indeed,

FTIR analysis performed on the PLA/AcrylPEG/L101 blends

after Soxhlet extraction (Figure 4B) show the presence of

the absorption band at 2 878 cm�1 attributed to the C–H

single bonds from the PEO segment of AcrylPEG and the
Macromol. Mater. Eng.
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absence of the band at 1 637 cm�1 (double bonds), attesting

for the complete derivatization of AcrylPEG, as observed

by Soxhlet. Indeed, Soxhlet extractions performed on

PLA/AcrylPEG/L101 showed the decrease of the EF for

the plasticizer with increasing the amount of L101 (i.e.,

13wt% of non-extracted plasticizer in the blend containing

0.5wt% of L101).
1H NMR spectra (Figure 5) of PLA/AcrylPEG/L101 blends

after Soxhlet extraction (79.75/20/0.25 and 79.5/20/0.5

in wt%) confirms the absence of C55C functions (absence

of the doublet at d¼ 5.50 and 6.50 attributed to the

protons of the acrylic end-groups) and the presence of

unreacted PEG (peaks between d¼ 3.00 and 4.50 attributed

to the CH2 and CH3 units in PEG chains).Moreover, SEC

analysis carried out on the same blends indicates the

presence of only one molecular weight distribution

[MWD(PLA)] (Figure 4E), which remains the same before

and after Soxhlet extraction (Figure 4F). Accordingly, the

PEG observed by FTIR and quantified by Soxhlet (non-EF)

must be grafted onto the PLA backbone (Scheme 1d,f).

The molecular characterization can be correlated with the

REx force evolution. Indeed, when the plasticizer grafting

extent is high (as in the case of the REx PLA/AcrylPEG/L101

blends), the molecular weight of the resulting modified

PLA chains increases as reported in Table 1 (a drastic

increase of Mw and D) and in Figure 4C (broadening of the

PLA MWD due to the formation of high-molecular-weight

chains). Accordingly, the viscosity of the melt blends and

to some extent the REx force are expected to increase by

comparison with the simple (non-reactive) blend.

Overall, the above results show a clear difference of

reactivity toward MAPEG, AcrylPEG and PLA in presence of

peroxide during the REx process. The grafting efficiency

onto PLA chains proved remarkably higher with AcrylPEG

rather than MAPEG. This could be explained by the nature

of the free radicals generated from MAPEG and AcrylPEG.

Indeed, AcrylPEG can generate secondary free radicals

with lower stability as compared to the tertiary ones

generated by MAPEG.[25]
3.2. Thermal and Mechanical Properties

Thermal and structural behaviors of the investigated

blends were characterized by means of DSC using a heat/

cool/heat cycle.Neat PLA did not display any significant

differences in its thermal profile between the first (not

shown here) and the second heating (Figure 6B). They

both correspond to an amorphous material with a glass

transition temperature (Tg) at ca. 60 8C. This can be

explained by the fact that the studied PLA matrix contains

4.6% of D-LA isomer, reducing its crystallization ability.

In the case of the simple PLA/MAPEG blend (not added

with L101), the addition of 20wt% of MAPEG to PLA leads

to the shift of the glass transition to 16 8C as well as the
2014, 299, 583–595
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Figure 5. Proton NMR spectra of AcrylPEG and PLA/AcrylPEG/L101 (79.75/20/0.25wt%).
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Figure 6. A) Cooling and B) second heating DSC thermograms of
all the investigated materials.
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appearance of a cold-crystallization peak

and a melting peak (Tcc � 59 8C and

Tm¼ 146 8C). This can be attributed to the

higher chain mobility of PLA chains as a

result of thepresence of the large amount

of low-molecular-weight plasticizer as

reported elsewhere. It is worth noting

that these binary blends behave as any

conventionally plasticized PLA materials

since no reactions were observed be-

tween the polyester matrix and the

plasticizing agent. The presence of L101

in the ternary PLA/MAPEG/L101 blend

shifts to higher values both Tg (up to

25 8C), Tcc (to� 64 8C), and Tm (to� 150 8C)
with respect to the reference PLA/MAPEG

blend. This result is considered to be

directly related with the motion ability

of the PLA chains.[14,25] Indeed, in the

simple PLA/MAPEG blend, MAPEG did

not homopolymerize and only low-

molecular-weight MAPEG participated

more efficiently to the plasticization of
PLA materials in contrast to higher molecular weight

oligo(MAPEG) obtained in the case of the REx PLA/

MAPEG/L101 blends. It is also to be mentioned here that

for all the investigated materials, i.e., PLA/MAPEG and

PLA/MAPEG/L101, the melting enthalpy (DHm) of the

materials is about equal to the enthalpy of cold crystalliza-

tion (DHcc). This implies that all the investigated materials

are globally amorphous at room temperature.

Similar tendencies are obtained when AcrylPEG

plasticizer was added to as-extruded PLA. Nevertheless,

in the case of simple PLA/AcrylPEG blend, the decrease of

Tg, Tcc, and Tm shown to be lower than in the case of simple

PLA/MAPEG blend (Tg¼ 29 8C, Tcc¼ 70 8C, and Tm¼ 153 8C).
The addition of L101 to PLA/AcrylPEG leads to the

disappearance of the Tg and Tcc and to the appearance of

shoulders in the melting peaks (Tm¼ 153 8C) of PLA blends

at lower temperatures (144 and 148 8C in the blends

containing 0.25 and 0.5wt% of L101, respectively). More-

over, the degree of crystallinity calculated by DSC

indicates that the addition of 0.25 and 0.5wt% of L101 to

PLA/AcrylPEG enhanced the crystallization of PLA by

about 25 and 27%, respectively, while the simple PLA/

AcrylPEG blend exhibited an amorphous behavior. The

crystallization process of PLA in PLA/AcrylPEG/L101 took

place during the cooling step (crystallization peaks at

104 and 111 8C for the materials containing 0.25 and

0.5wt%of L101, respectively; Figure 6A). The crystallization

process of PLA observed in the materials containing

relatively high amount of L101 (i.e., 0.25 and 0.5wt%) can

be explained by the fact that the PLA-graft-poly(acrylPEG)
generated during the REx processing played the
im www.MaterialsViews.com
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role of nucleating agent and enabled the crystal

growth.[26]

Interestingly, it can be suggested that a new crystalline

phase with a lower melting temperature appeared due to

the grafting of AcrylPEG onto the PLA chains. Interestingly

enough, when the grafting of AcrylPEG is higher (with

higher amount of L101), the new melting temperature

increases from 144 to 148 8C. As a result, the amorphous

phase was therefore reduced and any glass transition

temperature (Tg) could not be detected by DSC. Tg could

not be detected in the blends containing relatively high

amount of L101 for two main reasons: (i) formation of a

significant crystalline phase leading to the reduction of

the amorphous phase content and hindering the polyester

chainmotions, (ii) adrastic increaseof themolecularweight

of the modified PLA chains (highly branched system) as

observed by SEC and REx force evolution reduces the

polyester chain motions.

The thermo-mechanical behaviors of the blends were

investigated by means of DMTA to reveal the influence of

the grafting extent on themechanical characteristics of the

blends. The temperature effect on the storage modulus E0,
loss modulus E00, and damping factor tan d of resulting

blends is represented in Figure7A–C, respectively. The glass

transition temperature Tg has been also estimated by

means of DMTA (coined as Ta) and was associated to the

temperature at themaximum of the tan d peak [(tan d)max].
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At –60 8C, thematerials have a storagemodulus E0 between

2 300 and 2 800MPa (Figure 7A). Neat PLA displays the

lowest loss modulus E00 and damping factor tan d, while

the non-reactive binary PLA/MAPEG and PLA/AcrylPEG

blends the highest values. The curves of the reactively

modified REx blends are located in between them.

Accordingly, PLA seems to have a high elastic behavior,

and the simple blends can thus dissipate more energy as

a response to deformation when the temperatures are

below Tg. With increasing the temperature up to the

onset of glass transition relaxation, �50% decrease of

the storage modulus of plasticized PLA is noted. This

observation indicates that the rigidity and the elastic

behavior of themodified PLA decrease rapidly as a function

of the temperature increase. In the same temperature

range, a much less marked decrease in E0 occurred for

PLA (�15%). The glass transition temperature range of the

plasticized PLA-based materials is lower and wider than

the one of PLA. The glass transition temperature, as

measured as Ta, aswell as the storagemodulus E0measured

at 20 8C are reported in Table 2 for the studied materials.

Neat PLA has a storage modulus E0 measured at 20 8C of

about 1 776MPa and displays a Ta at 59 8C. E0 of neat PLA
displayed a sharp decrease around Ta. As expected, the

addition of MAPEG and AcrylPEG to PLA provokes a

dramatic decrease of the storage modulus E0 at 20 8C
down to 72 and 643MPa, respectively, as reported in
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Table 2. Overall thermal and mechanical properties of all the investigated materials.

X

PLA/X/L101

[wt.%]

Tg
a)

[8C]
Tcc

a)

[8C]
Tm

a)

[8C]
DHcc

a)

[J g�1]

DHcc
a)

[J g�1]

xc
b)

[8C]
Ta

c)

[8C]
E0 d)

[MPa]

ee)

[%]

I.E. f)

[kJ m�2]

– 100/0/0g) 61 132 153 7 8 1 59 1 776� 17 4� 1 2.8� 0.3

MAPEG 80/20/0 16 59 146 25 26 1 17 72� 3 313� 15 39.9� 6.3

MAPEG 79.75/20/0.25 25 63 150 25 26 1 28 289� 63 241� 3 60.0� 9.1

MAPEG 79.5/20/0.5 25 64 150 26 28 2 29 302� 51 279� 3 77.5� 11.0

AcrylPEG 80/20/0 29 67 149 23 25 2 35 643� 46 230� 35 86.0� 8.6

AcrylPEG 79.75/20/0.25 n.d.h) n.d.h) 144, 153 n.d.h) 23 25 41 820� 77 254� 9 101.6� 5.6

AcrylPEG 79.5/20/0.5 n.d.h) n.d.h) 148, 153 n.d.h) 23 25 41 827� 109 199� 47 102.6� 16.3

a)Glass transition temperature from the second heating DSC scans; b)xc ¼ crystallinity ¼ DHm�DHcc

DH0
m
� 100 whereDH0

m of 100% pure PLA is

93.4 J g�1; c)Alpha transition temperature atmaximumtan dpeak (DMTA); d)Storagemodulus at 20 8C (DMTA); e)Tensile elongation at break

at 20 8C according to ASTMD638 (test speed 5mm �min�1); f)Notched Izod impact energy at 20 8C according to ASTMD256; g)Extruded PLA;
h)Not detected.
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Table 2. The addition of L101 to PLA/MAPEG and PLA/

AcrylPEG shows an important increase of the storage

modulus at 20 8C of about 302 and 827MPa, respectively.

After the glass transition relaxation, a weak increase of E00

occurs for all the investigated blends. This process can be

related to the cold crystallization process,[27] also observed

in DSC thermograms. It should be noted that except for

the PLA/AcrylPEG/L101 blends, the plasticizer leaching

was observed for all the other investigated blends (PLA/

MAPEG, PLA/AcrylPEG, and PLA/MAPEG/L101) at the end

of DMTA analysis. The leaching phenomenon occurring

during DMTA tests could be explained by the increase of

PLA chain motion under thermo-mechanical solicitation.

This allowed an easier rearrangement of polyester chains

to crystallize and therefore expulsing a certain fraction of

plasticizer out of PLA matrix because of the crystallization

of the material.[11–15]

Regarding the temperature dependence of loss modulus

E00 and the damping factor tan d, PLA displayed low

damping properties below the onset of its Tg, which

confirm its highly elastic behavior as described previously.

Therefore, PLA chain segments are highly immobilized

due to their linear structure, yielding a very stiff material

at low temperature (T< Tg). In the temperature range of

theglass transition, PLAdisplayedasharp,high,andnarrow

E00 and tan d peaks, respectively. Further heating the

material above the onset value of its Tg allowed the PLA

chains to gain very high segmental mobility. Indeed the

addition of low-molecular-weight plasticizer like MAPEG

and AcrylPEG allowed segmental motions even at low

temperature as the binary PLA/MAPEG and PLA/AcrylPEG

blends displayed higher loss modulus and tan d at lower

temperature as compared to neat PLA. In the range of

their glass transition shifted to the lower temperature

with respect to PLA, the binary blends displayed wider
Macromol. Mater. Eng. 2

� 2013 WILEY-VCH Verlag Gmb
and lower E00 and tan d peaks. The addition of L101 to PLA/

MAPEG and PLA/AcrylPEG narrowed the glass transition

temperature range, increased the intensity and shifted

the peaks to higher temperature as compared to the

simple PLA/MAPEG and PLA/AcrylPEG blends. Indeed, as

aforementioned, the presence of L101 is responsible for

the oligomerization and the grafting of a fraction of the

plasticizers onto PLA chains. This leads to the partially

replacement of the highly plasticized PLA with high

molecular weight PEG derivatives grafted to PLA backone.

Accordingly, the free volume and therefore the segmental

motions in the REx blends containing the peroxide L101

would be reduced in comparison with the same blends

without the peroxide.

Moreover, DMTA is a good tool to provide information

about polymers miscibility.[28] Generally, an immiscible

polymer blend exhibits in the temperature-dependence of

the tan d curve several damping peaks corresponding to

the Tg’s of individual polymers.[29] The curves of a highly

miscible blend show[30] only a single peak in between

the transition temperatures of the component polymers,

whereas broadening of the transition occurs in the case

of partially miscible systems. In the case of miscible or

partially miscible blends, the Tg’s are shifted to higher

or lower temperatures as a function of composition.

Furthermore, the area under the tan d curve has been

shown to be related to the activation enthalpy of

relaxation transition process of the backbone motion in

magnitude.[31] Accordingly, for a given area, the height

of the tan d peak is dependent on the breadth of the

transition and hence the range of different relaxation

processes contributing to the overall transition. In this

regard, both plasticizers were miscible with PLA as the

corresponding simple blends displayed one loss modulus

and tan d peak, respectively. The blends containingMAPEG
014, 299, 583–595
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had the lowest temperature atmaximumpeak (Ta¼ 17, 28,

and 29 8C), the lowest peak intensity and the broadest

tan d peaks. The width, height, and position of tan d peaks

of the blends containing AcrylPEG are between those of

the blends containing MAPEG and the one of neat PLA.

In this regard, higher degree of dynamic heterogeneity

appeared in the blends containingMAPEG,meaning a good

miscibility. The addition of L101 further narrowed the

loss and damping peaks. The mechanisms leading to the

narrowing of the loss and damping peaks are unclear.

Nevertheless, the evolution of the interaction between

PLA chains and the plasticizer as a function of L101

content due to the homo-oligomerization and grafting

reactions of the plasticizer onto PLA chains could be at

the origin of this phenomenon. This shift is even more

pronounced in the case of the reactively modified REx

PLA/AcrylPEG/L101 blends.

Indeed, the shift of tan d toward higher values is related

to the grafting of the plasticizer on PLA backbone, which

limits the PLA segmental motions. Furthermore, in

comparison to the corresponding simple blends (MAPEG

or AcrylPEG), the area under the loss modulus curves is

smaller than in the case of the related ternary REx blends.

Any restriction to the main chain mobility is expected

within the area under the loss modulus vs. temperature

curve. This trend reflected in the intensity of the tan d peak

at the glass transition temperature, which is considered

to reflect the extent of mobility of the macromolecular

chain segments at that temperature.

Nominal tensile axial stress/strain behavior at 20 8C
of all plasticized/modified PLA materials is plotted in

Figure 8. Tensile elongation at break as a function of

L101 amount is reported in Table 2. PLA specimens

exhibited a purely brittle tensile behavior, with an elastic

axial deformation <4% and without displaying neither

a yield point, nor a plastic deformation. Regardless the
Figure 8. Tensile strain/stress curves of the different blends
investigated.
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added amount of L101, the presence of 20wt% MAPEG

and AcrylPEG, has intrinsically changed the uniaxial

deformation (tensile elongation) of the modified materials

to highly ductile behavior. No more yield point was

noticed, and the stress continuously increased as a

function of the deformation (strain) during the entire test.

Over �150% of elongation, a light whitening of the

specimen was noticed and attributed to a crystallization

process under stress with a kind of drawing (orientation)

process. This can be attributed to a globally elastic/rubbery

tensile behavior, because of the absence of the yield

peak (necking of the specimen) at the transition between

the viscoelastic and the viscoplastic behaviors. In

addition, the materials are soft and flexible because

of the plasticization. Accordingly, a very low tensile

modulus and a very high elongation at break (200–300%)

were reported in comparison with 4% for brittle PLA.

These observations are for instance in accordance with

those reported in literature in terms of elongation at break

for the PEG content used in this study.[32] The viscoelastic

deformation was ascribed to an initial elastic expansion

of the materials influenced by the phenomena described

above. Subsequently, the stresses are dissipated by

conformational changes of glassy amorphous PLA chains

that lead to segmental orientation and disentanglement.

Orientation can also occur in crystalline phase of PLA,

proving that shearmechanisms of crystalline lamellae took

place in PLA. The development of crazes in amorphous

layers occurred in the plasticized PLA blends studied since

whitening phenomena were noted at macroscopic scale.

Finally, the influence of the plasticizer and its grafting

yield on the notched Izod impact energy (measured

according to ASTM D256) is reported in Table 2. The

grafting had a positive effect on the enhancement of

the impact resistance of the tested specimens. It should

be mentioned that all the specimens did not break due to

their high flexibility/ductility. It could be seen that the

impact strength significantly increased with the addition

of L101 amount.
4. Conclusion

In this work, we could demonstrate the high interest of

the REx process to design a new biodegradable polyester

based on the in situ solvent-free chemical modification

of PLA. Two unsaturated molecular weight (meth)acryl

functional (reactive) poly(ethylene glycol) plasticizers

could be successfully homo-oligomerized and grafted onto

the PLA chains. This was evidenced by the increase of

the melt viscosity (extrusion force), the decrease of the

plasticizer EF from the so-produced materials (Soxhlet),

and finally by an extensive molecular characterization

demonstrating that the presence of L101 in the ternary
2014, 299, 583–595
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Figure 9. Schematic representation summarizing the effect on some physical properties
and the reactive behavior of the different ternary blends compared to the corresponding
non-reactive binary blends.
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REx PLA/MAPEG/L101 and PLA/AcrylPEG/L101 blends

playedakey role tograft theplasticizers ontoPLAbackbone.

Interestingly, the plasticizer functional end-group dis-

played a significant effect on the grafting efficiencymainly

because of the difference in the reactivity between the

methacrylic and the acrylic functional groups (Figure 9).

Accordingly, a much higher grafting efficiency could be

reachedwhen using AcrylPEG. The organic peroxide played

a key role in promoting free-radical reactions that took

place in the melt during REx. As a result, where only up to

4wt% of MAPEG could be grafted onto PLA chains, up to

13wt% of AcrylPEG (20wt% were initially introduced)

couldbe reactedandgrafted ontoPLA chainswhen the L101

amount was high enough (0.5wt%). In both cases, the non-

grafted fraction of plasticizer that could be extracted

(by Soxhlet) from the material have been identified as a

mixturemadeofunreactedmonomericMAPEGand ‘‘homo-

oligomerized’’ MAPEG (DPn¼ 4). In the case of PLA/

AcrylPEG/L101 (79.5/20/0.5 in wt%) however, the remain-

ing 7wt% of AcrylPEG that could be extracted (by Soxhlet)

fromthematerialhavebeen identifiedascompletelyhomo-

oligomerized AcrylPEG (DPn � 7). The two plasticizers used

were very efficient in terms of lowering the Tg from 59 8C
for neat PLA to 41 8C for PLA/AcrylPEG/L101 (79.5/20/0.5 in
Macromol. Mater. Eng. 2014, 299, 583–595

� 2013 WILEY-VCH Verlag GmbH & Co. KGaA, Weinhe
wt%), and improving the PLA’s ductility

at room temperature (more than 200% of

tensile elongation at break). By compari-

son to the ‘‘conventionally’’ plasticized

binary blends PLA/MAPEG and PLA/

AcrylPEG, grafting the plasticizers on

PLA increased the Tg of the plasticized

reactive blends, permitted to regain a

part of PLA homopolymer stiffness, and

further improved the impact resistance

of the materials while conserving the

plasticized blend flexibility. By compari-

son to the plasticization methods devel-

oped in the literature, the added value of

this approach is its capability of avoiding

the migration of the plasticizer out of

the PLA matrix (no migration could be

noticed after DMTA in the case of the

reactively modified REx PLA/AcrylPEG/

L101) blends. This permanent plasticizer

needs to be validated and quantified by

further physical aging tests.
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Expanded graphite (EG) was added to polylactic acid (PLA)
and then fully mixed in a novel elongational mixing device
(RMX) to obtain PLA/EG nanocomposites. The operation of
the new mixer device is based on the induced multiple pas-
sages of material (by means of reciprocating pistons) at dif-
ferent flow speeds through a short capillary die, thus
creating convergent/divergent elongational flows. Highly
homogeneous materials were obtained at all mixing condi-
tions and particle size ranged from hundred to several hun-
dreds of nanometers. Also, X-ray diffractograms showed
different intensity of the characteristic peak of EG (3% wt/
wt EG was kept constant), suggesting partial exfoliation.
Furthermore, the molecular weight of processed neat PLA
samples was assessed in order to correlate the PLA degra-
dation to morphology and reinforcement mechanisms in
the nanocomposites, as a function of the RMX parameters.
As well, final flow properties of neat PLA and EG com-
pounds were obtained by dynamic rheology. Thermo-
mechanical degradation of PLA was found to play a major
role in the rheology of mixing. On the other hand, PLA
nanocomposites presented a storage modulus between 20
and 40% higher than neat PLA. Finally, morphology com-
parison between the RMX and an internal mixer, at the
same mixing energy input, demonstrated a higher disper-
sive mixing efficiency for the RMX. POLYM. ENG. SCI., 55:214–
222, 2015. VC 2014 Society of Plastics Engineers

INTRODUCTION

Polymer/Graphite Nanocomposites

With the advent of graphene in the last decade [1], research

on polymer/graphite nanocomposites has been gaining relevance

since graphite is a natural source of this revolutionary material.

Graphene is a honeycomb shaped atomic thick monolayer of sp2

hybridized carbon and it is the primary constituent of graphite

and carbon black particles. Literature has remarkably empha-

sized its properties [2]. Back to graphite, this is one of the most

common forms of carbon and, as silicates, its layered structure

makes it a natural filler candidate for the elaboration of polymer

nanocomposites. It has the susceptibility to undergo exfoliation

under proper conditions, that is, to render pristine tactoids into

graphite nanoplatelets (GNP, several layers stacks) and/or gra-

phene. Actually, there is a large volume of work in the literature

devoted to describe different ways to sustainably obtain GNP

and graphene from graphite, in their basic and modified versions

(named, in general, chemically modified graphene, CMG).

Derived from such research, a series of graphitic materials is to

be considered as precursor or structural fillers for the elabora-

tion of polymer nanocomposites, i.e. expanded graphite (EG),

graphite intercalation compounds (GIC), graphite oxide (GO),

graphene oxide (G-O), functionalized graphene sheets (FGS),

chemically reduced GO (R-GO), thermally reduced GO (TrGO),

polymer modified GO (P/GO), and others [2, 3].

Up to now, there are three main methods to prepare graphene

or GNP-based polymer nanocomposites: solvent blending, in situ

polymerization, and melt compounding. The first and second

methods have been, so far, the most successful to produce com-

pounds with filler inclusion in the range of monolayers to sev-

eral layers thick. In this regard, Stankovich et al. [4] and

Brinson and coworkers [5] have reported remarkable results at

working on polystyrene (PS) and polymethylmethacrylate

(PMMA) solution-made nanocomposites, respectively. In the for-

mer case, the authors found an electrical percolation threshold as

low as about 0.1% vol/vol of graphene. In the latter, it was

found a glass transition temperature (Tg) around 25�C higher

than the neat polymer. Nevertheless, despite these promising

results, important limitations arises concerning chemical or sol-

vent approaches: the use of monomers and/or solvents, laborious

procedures, small amounts of final material, and limited capabil-

ity to expand to a larger scale. In view of this, melt compound-

ing continues to be a strong alternative to produce polymer/

graphite nanocomposites in a more reliable manner, even though

results obtained by this method have been so far not that remark-

able. However, the great interest in melt compounding lies in

that it presents very significant advantages, for instance, it may

involve continuous, semi-continuous, and batch processes that

yield high production of material; the use of solvents is normally

avoided and operation is simple and economic. Furthermore,

large and intensive research on clay-based nanocomposites vial

melt blending provides an important and fundamental reference

since the morphology of this type of filler i.e., montmorillonite

possess layered microstructure similar to graphite.

Melt Compounding

The main challenge in melt processing about the inclusion of

nanostructured particles is to attain good dispersion and distribu-

tion at the nanoscale level, searching for the maximum improve-

ment in properties. In this regard, literature on polymer/graphite
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nanocomposites has reported the employment of diverse gra-

phitic materials and strategies to disperse them. For example,

Steurer et al. [6] used TrGO as filler into different engineering

matrixes by solution masterbatchs in a first step and subsequent

melt blending using a twin screw microcompounder. Independ-

ently of polymer polarity, large exfoliated nanocomposites were

obtained. Wilkie and coworkers [7] found that virgin and EG

composites did not undergo exfoliation and presented a slight

improvement of the mechanical properties when blended with

acrylonitrile butadiene styrene (ABS) and high impact polysty-

rene (HIPS) using an internal mixer. Also, Murariu et al. [8] uti-

lized an internal mixer for melt blending of polylactic acid

(PLA) and EG; they obtained a composite with heterogeneous

graphite morphology consisting of discrete domains of exfoli-

ated graphite and large particles. Katbab et al. [9] compared dis-

persion of natural graphite, G, GIC, and EG in polypropylene

(PP)/ethylene-propylene-diene rubber (EPDM) blends, employ-

ing concentrated masterbatch of functionalized PP, followed by

dilution with rubber phase; both steps done by internal mixer.

GIC gave the best results when it came to exfoliation. Macosko

and coworker [10] compared dispersion of graphite and FGS in

polycarbonate using a twin-screw microcompounder, finding

that FGS nanocomposites form a filler network at very low con-

centrations that imparts a strong elastic character to the melt of

the nanocomposite. Nevertheless, a result that seems unexpected

is that tensile modulus was fairly comparable between the two

types of composites at similar range of concentration. On the

other hand, Zhao et al. [11] worked on polyphenylene sulfone

(PPS)/EG systems by means of an internal mixer. The authors

argue that low viscosity of PPS allows for the molecular diffu-

sion into the pores of EG, giving place to intercalated systems

and, thus, matrix reinforcement.

Flow Geometry

From the literature above, and more elsewhere, it has been

strongly demonstrated the key role of particle pre-treatment

before mixing and processing to succeed in obtaining GNP/gra-

phene nanocomposites. However, surprisingly nothing or little is

said about the specific influence of the flow geometry in the

final dispersion of the compounds. As it is known, high shear

contributions to dispersive mixing are common in conventional

mixing devices, as those just mentioned in the literature. This is

because sustained shear flow is easy to build up using relatively

simple geometries compared to elongational flow field, also

present at a different extent and whose contribution depends on

the type of mixer. Nonetheless, on the other hand, it has to be

pointed out that shear stresses necessary for filler dispersion

often involve ranges of high shear rates that considerably reduce

the polymer viscosity in the shear thinning zone, which demands

high energy inputs to reach reasonable dispersion efficiency.

Also, this efficiency is affected by the rotational component of

the shear flow that offers no contribution to filler dispersive

mixing. In this context, it has been stated that a way to highly

improve dispersive mixing is to enhance the contributions of

elongational flow fields in the overall mixing process [12, 13].

Accordingly, greater hydrodynamic stresses are generated in

elongational flow and stresses are transferred more efficiently to

the agglomerates because rotational motion is absent in pure

elongational flow (irrotational flow); as a consequence, the

energy consumption is expected to be less in elongational flow

relative to shear flow [12]. This is why, in the present work, a

new mixer design with predominantly elongational flow contri-

bution (RMX) has been used as a different approach to obtain

polymer/graphite nanocomposites.

Elongational Flow Mixer and Reactor

In the last two decades, new designs have been developed to

create strong elongational flow to improve dispersive mixing.

Developments have been principally applied on the existing con-

tinuous systems like single and twin-screw extruders. Among

these improvements are the tapered slots in screw flights, opti-

mized kneading configuration for twin-screw extruders, and

static elements like screens. In the operation of these mixers, a

critical feature is the multiple passage of the material through

the points of elongational stresses, which compensates for the

relative low velocities needed to develop the elongational flow

field. Also, the idea of promoting elongational flow for enhanc-

ing mixing efficiency has given place to the development of

devices specifically designed to study elongational flow. In par-

ticular, Meller et al. [14] studied the deformation and break up

of dispersed droplets in molten polymer blends of different vis-

cosities. They used a capillary rheometer equipped with dies

having different entry profiles and showed that the mixing effi-

ciency in the converging flow zone was dependent on both the

shape of the convergence and the flow rate. This kind of works

has enabled some authors to revisit and to bring back old mixers

designs like those by Hausman [15] and Westover [16] concern-

ing the concept of flow between two chambers. Mackley et al.

[17] adapted this geometry to design their so-called “multipass

rheometer” in which the influence of the number of passes

through the central die on the rheological properties can be stud-

ied. Recently, Son et al. [18] have shown that the concept of

multipass rheometer can be adapted to design a batch mixer in

which an unlimited number of convergent/divergent flows can

be applied to the material to be mixed.

The RMX is based on similar principles described in the lit-

erature just mentioned. In this mixer, the material is induced to

pass throughout a central die from opposites cylindrical cham-

bers in a back and forth fashion. An unlimited number of con-

vergent/divergent flows can be produced at different speed,

allowing the generation of elongational flow in an efficient man-

ner. A mixing sequence is defined simply by the piston velocity

(v) and the number of cycles (N); the pressure in one of the

chambers is continuously measured during the mixing sequence

by a pressure transducer. Figure 1 [19] shows a general view of

the mixer.

Polylactic Acid

The selected polymer matrix for this work was PLA, given

the great interest at present on biodegradable polymers and

those derived from renewable sources. The diversity of PLA

properties makes it attracting to many applications, like packag-

ing, films, textiles, biomedical products, tableware, etc. being

some of them typically covered by well-known petroleum-based

thermoplastics like polyethylene terephthalate (PET). PLA

belongs to a family of biodegradable polyesters which are char-

acterized for their potentially hydrolysable ester bonds [20]. It is

synthesized through ring opening polymerization of lactide, an
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intermediary form of lactic acid stereoisomers, which can be

obtained by fermentation of carbohydrate rich substances com-

ing from agricultural by-products. In general, properties of PLA

depends on the final stereoisomer structure: poly(L-lactide)

(PLLA), poly(D-lactide) (PDLA), and poly(DL-lactide)(PDLLA).

For instance, polymers with stereo regular chain microstructure

present a medium degree of crystallinity unlike amorphous

PDLLA with racemic mixture of D- and L-lactide. As a conse-

quence, some physical properties varies in the same way but, it

can be said that some of them like elastic modulus, impact

resistance, dimensional stability, and gas barrier remain low in

comparison with equivalent thermoplastics for similar applica-

tions. Because of that, a lot of interest is still being devoted to

improve this property by the inclusion of nanofillers like sili-

cates and different types of carbon particles as described by

some recent results: Carreau and coworkers [21] obtained PLA/

clay nanocomposites with improved mechanical and barrier

properties, avoiding PLA degradation through the addition of

chain extenders. Tait et al. [22] compared the effect of carbon

nanofibers and GNP on PLA using extrusion and injection

molding. A more significant increase in elastic modulus was

attributed to GNP and flexural strength to carbon nanofibers.

Also, injection molding was the most efficient method of

improvement. Murariu et al. [8] increased the elastic modulus of

PLA in a significant way using EG.

On the other hand, even though degradability is the most

important feature for PLA as eco-friendly material, it is precisely

this characteristic that, along with low thermo-mechanical proper-

ties, limits its use up to now. As a matter of fact, kinetics of PLA

degradation, promoted by hydrolysis of the ester groups and chain

scission, is strongly catalyzed at temperatures needed for mixing

and processing operations. Cordari et al. [23] found that the value

of the kinetics constants for the hydrolysis of ester groups pre-

sented at least a threefold increase for every 20�C of temperature

increment. That is why in the present project, the assessment of

RMX performance is accompanied by key considerations on the

degradative process of PLA during the compounding process.

This is possible to do in a much more controlled manner com-

pared to conventional systems since RMX defines very specific

operational parameters, as speed and number of cycles, from

which residence times are very simple to calculate and to correlate

with viscosity and molecular weight changes in PLA.

EXPERIMENTAL

Materials

Amorphous PLA grade 4042D from NatureWorksVR was used

as polymer matrix with average molecular weight, Mw, 157,000

g/mol, Mn, 71,000 g/mol, and polydispersity 2.21. The mol% of

D-isomer units in PLA is 4.3 [23] and density, q 5 1.24 g/cm3

(technical data sheet). As filler, it was used EG EcophitVR from

SGL Group, The Carbon Company, Germany; carbon con-

tent� 95%, D50 �5–7 lm, qpowder �0.115–0.135 g/cm3,

qreal 5 2.25 g/cm3, moisture content� 2 (technical data sheet).

Characterization

Rheological characterization was carried out in both Bohlin

Inst capillary rheometer HR2000 and Anton Paar MCR301 rhe-

ometer. In the first one, shear and elongational viscosities of

pristine PLA in the range of the selected RMX speeds were

obtained, as well as the global shear power law index, n. In

order to estimate elongational properties from capillary measure-

ments, Cogswell approach [24] is commonly used:

ge5
9

32
� n11ð Þ2

g
� DPe

_c

� �2

(1)

re5
3

8
� n11ð Þ � DPe (2)

_e5
re

ge

(3)

where ge is the elongational viscosity, g is the shear viscosity, D
Pe is the entrance pressure drop, _c is the shear rate and re and _e
are the elongational stress and elongational strain rate,

respectively.

In the Anton Paar rheometer, by using oscillation mode, the

complex viscosity, g*, of pristine, neat processed PLA, and

PLA/EG samples as a function of frequency (0.1–600 rad/sec)

was measured. Characterization by X-ray diffraction (XRD) was

done in a Siemens 5000 diffractometer (Cu-Ka radiation)

k 5 1.54 Å, generator voltage of 35 kV, and current 25 mA. A

2 theta sweep from 10� to 30� was applied. Morphology

characterization was realized by transmission electron

microscopy (TEM) in an electronic microscope Hitachi 7500.

Also, for the assessment of molecular weight and polydispersity

of pristine and neat processed PLA, gel permeation

chromatography (GPC) measurements were carried out in an

Agilent TechnologiesVR Chromatograph 1200 employing a

refraction index detector (RDI) and chloroform as a solvent.

Dynamical mechanical properties were evaluated in a DMA

Nietzsch 202D in a three point bending geometry.

Melt Compounding

Previous to blending, PLA and EG were dried under vacuum

at 80�C for 12 h. Before feeding of the RMX with the raw materi-

als, the powder was incorporated into the polymer by means of an

internal mixer Haake Rheomix 600 Thermo Electron
VR

at 200�C
and 20 rpm for 5 min. Afterwards, the integrated material was cut

into pieces to be introduced into the RMX. This integration step

was considered to be necessary since the RMX, at the moment,

does not count on an effective powder feeding system. However,

it has to be pointed out that the selected conditions for this

FIG. 1. Three-dimensional view of the RMX: (a) chamber, (b) piston and

seal, (c) mixing element, (d) feeding unit for melts, (e) feeding channel for

liquids, and (f) optional mold (from ref. 19).
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incorporation stage were kept mild in order to avoid a significant

influence in the final morphology of RMX composites. Discus-

sion on morphology goes back to this point.

The mixing operation was carried out in the RMX which

presents the next main features: controlled pistons speed (v)

range of 3–180 mm/sec which corresponds, using cylinders of

3.2 cm diameter, to volumetric flow (Q) values in the range of

2.4–125 cm3/sec. A basic scheme of its operation is presented in

Fig. 2 [19]. Samples were prepared at 200�C, the concentration

of EG was kept constant at 3% wt/wt and different combinations

of pistons speed, v (mm/sec) and number of cycles, N, were

employed according to Table 1. In general, these conditions

were selected to cover in a first approach a relatively low range

of speeds and number of cycles with respect to the RMX

capacity, trying to prevent large PLA degradation. Also, since

the RMX configuration is analogous to capillary rheometer

geometry, corresponding shear rates at the different speeds were

calculated applying the Rabinowitsch equation to non-

Newtonian flow,

_c5
4Q

pR3
� 3n1 1

4n
(4)

where _c is the true or corrected shear rate, Q is the volumetric

flow, R is the radius of the die, and n is the power low index,

that, at the processing temperature is 0.285. The mixing element

used in the RMX was a round die of u 5 4 mm and L/D5 7.

Also, a following up of the pressure, P, during the mixing

sequence was considered to be fundamental as to describe the

flow behavior within the RMX in real time. Data acquisition of

P values during the RMX mixing sequence was done by Data-

Xport
VR

software. For the sake of morphology comparison and

evolution as a function of the different mixing conditions, a ref-

erence sample was prepared at the lowest piston speed allowed

by the mixer, 3 mm/sec without mixing sequence. Finally, a

mixing efficiency comparison between the RMX and an internal

mixer Haake Rheomix 600 was carried out by preparing sam-

ples at the same specific mechanical energy input (SMEI), cal-

culated for each mixer as follows:

WINT 5
XTt

m
(5)

WRMX 5
DP3N

q
(6)

where N is the number of cycles, q is the polymer density, m,

mass of polymer, t, time, X, the angular speed, and T, torque.

RESULTS AND DISCUSSION

Effect of RMX Mixing Conditions on Flow Properties and PLA
Integrity

A basic understanding of neat PLA flow behavior under cer-

tain mixing conditions in the RMX was considered to be funda-

mental in order to address the role of the degradative

phenomenon of PLA.

Rheology and Molecular Weight Assessment. Figure 3 presents

the shear and elongational viscosity behavior of neat PLA as a

function of shear rate as obtained by capillary rheometry. It can

be observed that shear viscosity, g, decreases in a more signifi-

cant way than the elongational viscosity, ge, thus making the

ratio ge/g higher as shear rate increases. This fact is important

since the elongational to shear ratio remains also high (Fig. 4)

toward shear rates ranges estimated to be reached in the RMX.

Intensive or dispersive mixing of components with significant

cohesive strength is said to be dependent on the magnitude of

FIG. 2. Schematic description of the RMX operation principle. (a) Alimen-

tation, (b) mixing sequence, (c) discharge (from Ref. 19).

TABLE 1. RMX mixing conditions.

v (mm/sec) N (cycles)

Neat PLA 10 40

20 10

40 10

40 20

PLA/EG 10 10

10 20

10 30

10 40

20 10

40 10

FIG. 3. Shear and elongational viscosity of pristine PLA.
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shear and elongational stresses [12, 13, 25], contributing the last

to a greater dispersion efficiency. In conventional mixers, an

important constraint is to reach significant rates of elongation

for the built-up of critical elongational stresses, whereas in the

RMX, due to the easiness with which elongational flow is pro-

duced, this limitation is thought to be far surpassed.

As it was described above, the RMX architecture resembles

that of a capillary rheometer; thus, capillary measurements were

useful to correlate the piston speed, v, one of the main parame-

ters of the RMX, to corresponding shear and elongational strain

rates, _c and _e, respectively, during mixing. This was possible by

approximating convergence ratios, Øc/Ød (diameter of the reser-

voir to that of the die), for both, the capillary rheometer and the

RMX. So that, we can observe in Fig. 5 that, on superimposing

data of two different convergence ratios (15/2 and 15/1) used in

the capillary rheometer, corresponding data series seem to

describe an almost linear relationship between _c and _e at least

in the vicinity of this ratio values. According to that, once a

true _c is estimated in the RMX by means of the Rabinowitsch

equation and, keeping a similar convergence ratio to that of the

capillary rheometer (32/4), Fig. 5 leads to the estimation of the

correspondent _e value in the mixer. The whole values are shown

in Table 2. Thus, for the selected RMX conditions it is possible

to have an estimation of the balance between shear and elonga-

tional strain permitting to envisage better correlations mixing/

properties for the compounds.

On the other hand, it was also necessary to address the effect

of the number of cycles, N, in the PLA melt flow at specific

shear and elongational strain rates. In order to do this, a follow-

ing up of the pressure, P, for every passage was done in the

RMX for 10/40 and 40/10 (v/N) samples, since P is a response

of the system directly related to flow. A transducer fixed in one

of the chambers senses the overall pressure. Figures 6 and 7

show the total pressure cycle as a function of the piston dis-

placement, forward (high P) and backward (low P). Even

though the general trajectory of P is clearly dependent on the

piston speed, v, from both figures it can be suggested a three

stage pattern as a function of the piston forward displacement:

an initial pressure increase because of the induction of the mate-

rial to get into the die; a stable zone derived from the well-

FIG. 4. Shear and elongational stress as a function of shear rate obtained

from capillary measurements for the pristine PLA.

FIG. 5. Elongational strain rate vs. shear rate of pristine PLA at two differ-

ent contraction ratios in a capillary rheometer.

TABLE 2. Estimated shear and elongational strain rates at different RMX

mixing conditions.

v (mm/sec) N _ccorr (sec21) _e (sec21)

Neat PLA 10 40 2070 265

20 10 4140 530

40 10 8280 1060

40 20 8280 1060

PLA/EG 10 10 2070* 265*

10 20 2070 265

10 30 2070 265

10 40 2070 265

40 10 8280 1060

*assumed strain rates for compounds

FIG. 6. RMX pressure trajectory during the mixing sequence of neat PLA

at 10 mm/sec and 40 cycles.
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developed flow inside the die and, a pressure shot possibly due

to over compacting of the last portion of material. The subse-

quent decrease and constant low value of P corresponds to the

filling stage of the chamber or retracting movement of the pis-

ton. However, it is evident a great difference of pressure behav-

ior especially in the steady flow regimes between samples. On

this respect, we can say that at high piston speeds, sample 40/10

(8220 sec21), there is not time enough to develop steady flow

in contrast to sample 10/40 (2070 sec21), where pressure stabil-

izes at a large displacement range in the first cycles. A large

difference in shear viscosity at the corresponding shear rates

(Fig. 3) may also contribute to this behavior.

A second significant finding from Figs. 6 and 7 is the decrease

in P at each cycle as mixing sequence evolves. Total P losses of

about 50% and 30% for mixing conditions at 10/40 and 40/10,

respectively, were estimated at the end of the sequence. Based on

these results and, considering the principle of multiple passage of

the RMX as well as the sensitivity of PLA to degradation, the

effect of viscous heating as a result of the number of cycles was

addressed. This phenomenon is thought to be especially signifi-

cant at high strain rates and/or cycles number [17]. Accordingly,

the estimation of the average adiabatic temperature rise (DT) was

done using the next relationship from Ref. 17]:

DT5
DP

qPLA CpPLA

(7)

where DP is the pressure difference between chambers, qPLA and

CpPLA are the density and the specific heat of PLA at the refer-

ence temperature, respectively. It is worthy to mention that P val-

ues from Figs. 6 and 7 were approached to DP in Eq. 7, given a

very low P in the opposite chamber. Also, P values were taken

from the assumed “steady state” region of the curves. Finally, an

accumulated DT of about 65�C for the sample 10/40 and 35�C
for the sample 40/10 were estimated at the end of the mixing

sequence. High shear contributions, according to DT / g _c2 [26]

accounts for large DT increments at relatively high piston speed

(40 mm/sec), whereas a high number of passages (40) produces

even a much higher viscous heating in spite of employing a rela-

tively low shear rate. Moreover, viscous heating seems to be

greater in the first cycles, what is especially noteworthy in the

sample at 10/40. For example, after the first 10 cycles, differen-

ces in P are much smaller, almost disappearing when approaching

the end of the mixing sequence. Also, if we consider a very large

decrease in viscosity, at those conditions subsequent viscous heat-

ing may be limited in turn by DT / g _c2. Another observation

that calls the attention is the minimum in the trajectory of P as N
increases; it can be argued that additional effects of viscous heat-

ing and PLA degradation in flow stability.

Figure 8 depicts the balance of PLA in terms of complex vis-

cosity, g*, and correspondent weight molecular weight average,

Mw, after being subjected to different RMX conditions. First, the

large drop in both, g* and Mw for all samples, indicates that DP
decrements observed during the mixing sequence in the RMX

was a direct result of PLA degradation. Secondly, somewhat sur-

prisingly, v (related to shear rate) seems to have a little bit more

influence in PLA degradation than N (related to residence time)

given a lower Mw for the sample 40/10 with respect to the sam-

ple 10/40; although, at the end, degradation phenomenon is a

combination of both. On the other hand, effects of mild and hard

mixing conditions are clearly identified since low v and N tend to

preserve Mw (sample 20/10) and, on the contrary, high v an N
promotes large Mw detriments (sample 40/20).

PLA/EG Nanocomposites

Flow Properties. Figure 9 shows the corresponding g* behav-

ior of EG filled PLA. Because of the presence of EG, results

are somewhat not aligned to those of neat processed PLA. As

an illustrative example of this, the sample at highest v (40/10)

presents the highest g* even tough neat PLA at these conditions

reported the lowest Mw. A possible explanation could lie on the

ease of diffusion and/or interlocking of shorter polymer mole-

cules, as a result of chain scission, into the high porosity of EG

particles, enhancing hydrodynamic effect on viscosity. On the

other hand, samples at increasing N (10/20, 10/30, and 10/40)

exhibit lower g* than those of high v, also in contrast to the

FIG. 7. RMX pressure trajectory during the mixing sequence of neat PLA

at 40 mm/sec and 10 cycles.

FIG. 8. Complex viscosity as a function of frequency for processed sam-

ples of neat PLA at different RMX mixing conditions.
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observations of the precedent section. In this regard we could

state that, because of the increase in viscosity of filled samples,

degradation by viscous heating during mixing at long times

becomes predominant. Samples 10/10 and 20/10, in turn, proc-

essed at mild mixing conditions, are expected to preserve in a

greater extent the structural integrity of the polymer matrix and,

hence, show higher g*.

Morphology. XRD. Figure 10 presents XRD diffractograms of

PLA/EG samples, focusing only on the small 2 theta range of the

characteristic peak of graphite (2 theta �26.38�) since it is

expected to be modified as a function of mixing conditions. For

the sake of a valid comparison, a reference sample was processed

at the lowest RMX specification speed, 3 mm/sec, and 1 cycle to

try to preserve the EG structure. On one hand, when comparing,

the 2 theta value of the graphite diffraction peak for all samples

remains practically the same (26.40–26.52) which states the lack

of intercalated structures. On the other hand, we can observe very

important differences in peak intensities as a function of mixing

conditions. In this respect, diffraction peak intensity is related to

the amount of graphitic layers that scatter, it means, to the mass

fraction of crystalline phase [27]. Thus, differences observed may

obey to the development of different dispersion patterns, even par-

tial exfoliation, as a function of mixing [28], where the reference

sample is expected to present a much more agglomerated or pre-

served filler microstructure, which coincides with the highest peak.

Also, although a tendency about the influence of v or N in the sig-

nal intensity is not clear in the processed samples, it is noteworthy

that those at an extreme (40/10) and mild (10/10) mixing condition

presents the highest and lowest peak, respectively. It can be said

that differences in molecular weight of the PLA matrix as a func-

tion of mixing (Fig. 8) may strongly account for the development

of a different filler dispersion pattern for each sample, situation to

be clarified in the subsequent sections.

TEM. Morphology was tried to be complemented by TEM.

Figures 11 and 12 show different samples processed by the RMX

and compared to the reference. The image of the reference sam-

ple shows very large EG particles, suggesting that the previous

incorporation step carried out in the Haake mixer had not a strik-

ing effect or contribution to the mixing process in terms of mor-

phology. An improvement of filler distribution and dispersion is

clearly observed in the RMX processed samples, which evidence

also a lack of filler networking at this concentration. In general,

most of the samples presented a broad distribution of particle

sizes, ranging roughly from 100 nm to 1 lm thick. However, in

many cases, the identification of particles much thinner than 100

FIG. 9. Complex viscosity as a function of frequency for PLA/EG samples

at different RMX mixing conditions.

FIG. 10. XRD diffractograms showing the graphite characteristic peak for

different PLA/EG samples. The small graphic inside shows the general pat-

tern of all samples, in order to point out that the amorphous character of the

PLA matrix was preserved.

FIG. 11. TEM microphotographs of: (a) Reference sample, (b) 10/20, (c)

10/30, and (d) 10/40. 10,0003 (bar 5 2 lm).
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nm could be evident, giving support to X-ray results about partial

exfoliation. Even though direct comparison between samples at

different mixing conditions did not report great visual differences,

samples at higher v and/or N seem to exhibit, in general, lower

particle size but, again, it is not possible to establish a tendency

in this sense. It is important to mention that special difficulties

arose to carry out a more accurate morphology assessment, since

the high hardness of the samples, made it that thin EG edges

have been slightly oriented in the sense of the cut. More work

has to be done on this.

Mixing Efficiency. With the aim of having a qualitative reference

to ponder the RMX performance, for the particular system studied,

two PLA/EG blends were prepared by means of an internal mixer

and their morphology were compared to RMX samples at the same

estimated specific mixing energy inputs (SMEI) as described in the

experimental section. Figure 13 presents micrographs from the two

mixing devices at the lowest (62 J/g) and highest (246 J/g) energy

inputs used in the RMX. In both cases, direct comparison evidences a

less homogeneous EG particles distribution and significantly higher

particle size for the internal mixer blends.

Physical Properties. In order to obtain a basic look at the physi-

cal behavior of PLA/EG compounds, Table 3 is presented. A gen-

eral remarkable increase of elastic modulus, from 20 up to 38%,

was found. It must be recalled that a fixed concentration of only

3% wt/wt of EG has been used; therefore, only the influence of

mixing on properties is addressed. In a closer look to the effects,

the particular results and comparison between different RMX

conditions indicate several scenarios that would have to do with

the issue of molecular weight role in polymer reinforcement.

As it has been stated above, Mw changes at every commanded

mixing condition. About this matter, it is known that, under

proper compatibility between components, high molecular weight

and viscosity of the polymeric matrix leads to the generation of

high shear and elongational stress needed to effectively disperse

and/or exfoliate the filler particles [25, 29], thus improving

mechanical properties through the high increase of interfacial

area. But, on the other hand, low molecular weight promotes bet-

ter chain diffusion into particle galleries (interlocking) what is

said to also promote reinforcing and exfoliation [30, 31]. In the

present case, this could be better explained starting out from sam-

ples at extreme v/N conditions. For example, sample at the mild-

est condition, 10/10, expected to have the highest molecular

weight, presents the second largest E0 increment, around 31%. On

the other hand, sample at the highest speed, 40/10, with the low-

est Mw of the series surprisingly presents the largest E0 increment,

38%. Evidently, reinforcement mechanisms in terms of molecular

weight role are different, suggesting for the first one a predomi-

nant shear/elongational stress contribution to dispersion and rein-

forcement and, for the second one, a more diffusional, molecular

interlocking phenomenon. Although, samples just described seem

to adhere in a greater extent to one mechanism or another, it is

FIG. 12. TEM microphotographs of: (a) Reference sample, (b) 10/10, (c)

20/10, and (d) 40/10. 10,0003 (bar 5 2 lm).
FIG. 13. TEM characterization: Photographs (a, b), internal mixer sample and

RMX sample 10/10, respectively, at 62 J/g. Photographs (c, d) internal mixer

sample and RMX 10/40, respectively, at 246 J/g. 10,0003 (bar 5 2 lm).

TABLE 3. Physical properties of PLA/EG nanocomposites.

Sample (v/N) E0 (MPa) % DE0 Tg (�C)

PLA ref 2750 — 60

10/10 3600 30.9 65

10/20 3350 21.8 64

10/30 3400 23.6 65

10/40 3300 20 64

20/10 3400 23.6 63

40/10 3800 38.2 61
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difficult to discuss in more detail on mechanisms for samples at

relatively medium conditions, having among them a similar E0

increment of about 20%. In this point, the work by Bousmina

[31] gives an important insight; it points outs to a balance

between mechanical stresses and diffusion process that requires

rather low medium viscosity as to favor the best level of exfolia-

tion in, for example, clay-based nanocomposites. In the present

system, a range of viscosities coming up from the mixing pro-

cess, and resultant degradation, favors different balances between

the two mechanisms, diffusion and stress dependent dispersion

and, thus, reinforcement. In spite of the aim to ponder the impor-

tance of flow geometry in dispersion, it is not possible to assess

so far the punctual role of elongational flow contribution since

the drastic effect of viscous heating in PLA produces significant

changes in the rheology of the system in the very same mixing

sequence, specifically, the elongational to shear flow ratios. It is

remarkable, nevertheless, that good morphology/properties of

nanocomposites are attained in a relatively small window of

experimental conditions and using an extremely sensitive poly-

mer, which represents a solid starting point to continue doing

new and promising research on this field.

CONCLUSIONS

A very acceptable performance of the RMX (good distributive

and dispersive mixing) was evidenced, to obtain PLA/EG nano-

composites with remarkable reinforcement (high modulus) at low

weight concentration of filler. An apparently wide distribution of

particle size in a similar range for all samples suggests that

selected mixing conditions could be below those of a possibly

break-through morphology (high degree of exfoliation) as a func-

tion of the RMX capacity. However, for this particular system,

PLA degradation is indeed a limiting factor to further expand the

experimental design. On the other hand, thermo-mechanical degra-

dation of PLA plays a key role during the compounding of PLA/

EG nanocomposites in the RMX. It seems that chain diffusion as

a function of molecular weight reduction during the mixing

sequence dictates at some extent the dispersion and reinforcement

mechanisms and, thus, the efficacy of filler on final PLA physical

properties. Even though it is difficult so far to establish punctual

elongational and shear contributions to the RMX mixing effi-

ciency, because of the drastic rheology changes during mixing,

this proved to be higher than that of an internal mixer at values in

the relatively low to medium RMX capacity. Furthermore, the

specific influence of v and N in the final dispersion and reinforce-

ment of nanocomposites strongly depends on the direct effect of

the mixing parameters on PLA molecular weight.
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Toughening of Poly(lactide) Using Polyethylene Glycol Methyl
Ether Acrylate: Reactive Versus Physical Blending
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To design high-performance poly(lactide)-based materials
(PLA-based) with improved toughness, two approaches
based on the reactive extrusion (REx) process are investi-
gated and compared in the present study. The first
approach relies upon a two-step procedure using a REx-
polymerized poly(ethylene glycol) methyl ether acrylate,
i.e., poly(AcrylPEG), as a highly-branched and compatible
impact modifier for PLA. The free-radical polymerization
proves to be very efficient with a peroxide initiator con-
centration of 1 wt%. The as-produced poly(AcrylPEG) is
then melt-blended with PLA by extrusion. The resulting
materials exhibit largely increase impact resistance (ca.
35 kJ/m2) in presence of 20 wt% poly(AcrylPEG) in com-
parison with neat PLA (2.7 kJ/m2), while moderate ductility
(tensile elongation at break <40%) and limited plasticiza-
tion effect are observed. The second “one-step” approach
consists in in situ grafting of AcrylPEG onto PLA back-
bone via a one-stage REx. The resulting materials exhibit
substantially improved impact resistance (ca. 102 kJ/m2)
for AcrylPEG loading of 20 wt%, high ductility (tensile
elongation at break of ca. 150%) and efficient plasticiza-
tion. A detailed characterization of the morphology of the
materials has been performed using PF-QNM-AFM to bet-
ter elucidate the structure-property relationships. POLYM.
ENG. SCI., 55:1408–1419, 2015. VC 2015 Society of Plastics
Engineers

INTRODUCTION

Poly(lactide) (PLA) is one of the most promising bio-based

thermoplastic resins to compete with petroleum-based polymers

for many applications, not only because of its high strength and

stiffness, but also due to its excellent transparency and biode-

gradability when required. Unfortunately, its inherent brittleness

is a major drawback that limits its range of applications [1].

Typically, like most conventional glassy thermoplastics, the brit-

tleness of PLA is due to strain- and stress-localizations when

deformed below the brittle-to-ductile transition temperature, that

is, under glass transition temperature. Under mechanical loading,

PLA thereby deforms via a highly localized strain and crazing

mechanism. In this regard, the strain-localization can be sup-

pressed namely by compounding the brittle polymer with vari-

ous softening and toughening agents including plasticizers and

rubbery polymers or impact modifiers. For instance plasticized

PLA blends are fully miscible, and the resulting materials

exhibit very high ductility and low stiffness [2–19]. In addition

the glass transition temperature of PLA-based materials

decreases after adding these plasticizers into PLA matrix, so-

increasing the disentanglement ability of PLA chains. However,

the major drawback of these plasticizers is their high ability to

migrate out toward the material surface, resulting in the reduc-

tion of the material flexibility and regaining its brittleness [20].

Accordingly, the most preferred way is to blend PLA with an

impact modifier in order achieve a good toughness-stiffness bal-

ance without scarifying its glass transition temperature. Most of

the polymeric impact modifiers that have been investigated to

toughen PLA are based on either thermoplastic polyesters/elasto-

mers, or cross-linked core-shell block copolymers [21–42]. They

have low modulus and low glass transition temperature to

impart toughness to PLA even at low temperatures. Unlike the

plasticizers, the impact modifiers usually display a phase-

separated morphology within the PLA matrix, because of their

poor or partial miscibility in most cases. Their degree of com-

patibility via interfacial adhesion depends on the chemical

nature of the blend components [43]. A poor compatibility can

result into ill-dispersed and large cluster-like domains responsi-

ble for the de-bonding of the rubber phase, void-formation, and

premature failure in a brittle mode. As of yet, a good compati-

bility can impart with well-distributed/dispersed particles as sub-

micronic domains [41, 44, 45] with low extent of internal

cavitation of the rubber under mechanical testing. This results in

an optimum toughening efficiency [26, 27, 32, 39, 46, 47]. To

address this issue, we hence propose to investigate melt-

blending PLA with as-polymerized poly(ethylene glycol) methyl

ether acrylate poly(AcrylPEG) as highly-branched and compati-

ble impact modifiers on the impact resistance of PLA materials

[48]. In our previous work, to finely tune the toughness of PLA,

we proposed a novel pathway to chemically modify PLA in

presence of “reactive” polyethylene glycol (PEG) derivatives via

reactive extrusion. Luperox 101 (L101) was used as free-radical

initiator with two unsaturated low molecular weight PEGs, i.e.
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poly(ethylene glycol) methyl ether methacrylate (MAPEG) and

poly(ethylene glycol) methyl acrylate (AcrylPEG). Interestingly,

depending on the nature of the PEG derivatives and the concen-

tration of the free-radical initiator (from 0.1 to 0.5 wt%), it was

possible to achieve tough to highly-plasticized materials. The

L101 amount in the ternary REx blends PLA/MAPEG/L101 and

PLA/AcrylPEG/L101 was investigated in this regard. A thor-

ough molecular characterization was performed to provide some

mechanistic insights. Thermal and mechanical properties of the

so-produced materials were determined, namely in terms of

impact strength and tensile properties.

We demonstrated that acryl-functionalized poly(ethylene gly-

col) (AcrylPEG) can effectively react and graft in situ onto PLA

chains via reactive extrusion (REx) in the presence of a free-

radical peroxide. In both cases, plasticization effect was demon-

strated by a significant decrease of the glass transition tempera-

ture and storage modulus, together with a significant increase of

the elongation at break as compared with neat PLA. However,

the best improvement in terms of impact strength and elongation

at break was achieved in the case of PLA/AcrylPEG/L101

(79.5/20/0.5 wt%).

In the present study, we highlight the added value of reactive

blending for in situ designing PLA-based bioplastics having

either only high impact resistance, or both high impact resist-

ance and ductility, using the reactive AcrylPEG and. For this

purpose, two approaches are investigated and compared. This

study comprises a detailed morphological characterization of the

materials using PF-QNM-AFM to better elucidate the structure-

property relationships. The first approach consists in the synthe-

sis of a rubbery polymeric impact modifier (poly(AcrylPEG)) by

free-radical polymerization of the reactive AcrylPEG in pres-

ence of 1wt% of free-radical initiator at full conversion via

REx. The polymerization proved to be very efficient with a per-

oxide initiator concentration of 1wt%. The so-produced poly(A-

crylPEG) was then melt-blended with PLA. On the other hand,

the second approach consists on a one-step synthesis of PLA-

graft-poly(acrylPEG), by in situ free-radical grafting and poly-

merization of AcrylPEG on PLA backbone via extrusion follow-

ing the procedure reported in our previous work [49]. The effect

of the (reactive) melt processing approaches on the material

morphology and microstructure was established. The morpho-

logical and microstructural features are correlated to the

mechanical properties of the recovered blends to understand the

toughening mechanisms involved in the enhancement of PLA

mechanical properties.

EXPERIMENTAL

Materials and Reagents

PLA grade 4042D (average Mn (PS) �129,000 g/mol,

D(2)lactide monomer content (as determined by selective enzy-

matic titration) 5 4.6%) was provided by NatureWorks LLC.

2,5-dimethyl-2,5-di-(tert-butylperoxy)hexane organic peroxide

(Luperox101 or L101), and poly(ethylene glycol) methyl ether

acrylate (AcrylPEG), Mn �480 g/mol were purchased from

Sigma-Aldrich. Ll0l was chosen as the initiator for several rea-

sons. A low half-life of 1 min at 180�C and 13 s at 200�C was

reported by the supplier, matching with the operating tempera-

tures and residence times of the REx process. Ll0l is also recog-

nized by FDA as a food additive (Code of Regulations; Title 21

“Food and Drugs” part 170 under “Food Additives”).

Processing and Elaboration

Polymerization of AcrylPEG via Rex. Fifteen grams of the liq-

uid reactive blend AcrylPEG/L101 (99/1 in wt%) premixed in a

beaker were injected in the running (100 rpm) and preheated

(180�C) DSM Xplore microcompounder (15 mL). After 10 min

of mixing time, the as-produced poly(AcrylPEG) got exited out

of the machine, collected in a beaker and cooled under ambient

conditions. It is worth noting that these prevailing conditions

enabled us to achieve the full conversion/polymerization of the

macroinitiator into poly(AcrylPEG).

Melt processing of PLA/Poly(AcrylPEG) and PLA/L101/Acryl-

PEG Blends and Specimen Preparation for Mechanical Testing.

All melt and reactive blends were performed using a twin screw

DSM Xplore Research micro-compounder under nitrogen atmos-

phere. Barrel temperature was set at 180�C. Screw speed was

fixed to 100 rpm. Melt-temperature was measured before and

during the process (�170–175�C); 15 g in total per batch were

introduced into the micro-compounder. PLA was first dried for

at least 12 h at 60�C in a vacuum oven (Thermo scientific—

Heraeus) before processing. The liquids (AcrylPEG and L101)

were kept in the dark, cooled (to prevent any potential photopo-

lymerization), and under inert atmosphere (to prevent any degra-

dation of the macromonomer by contact with ambient humidity)

in a closed Dewar vessel filled with liquid nitrogen.

Two processing procedures were performed to improve PLA

impact strength. In the first one, PLA was introduced and

melted into the extruder. 10 or 20 wt% of AcrylPEG, and 1

wt% of L101 were hand-mixed in a small glass vial and then

injected into the extruder using a dedicated syringe. In the sec-

ond approach, 10 or 20 wt% of the separately produced poly(A-

crylPEG) were melt blended with PLA.

In both cases, the evolution of the force (N) required to mix

the blends during the (reactive) extrusion was recorded.

Standard samples of resulting PLA-based materials were then

prepared by compression molding at 180�C for 10 min. The

compression-moulding procedure was as following: (i) the mate-

rial was heated at 180�C for 3 min without any pressure to

insure its complete melting; (ii) the sample was degased by

alternating and repeating a compression and decompression

manipulation during 2 min; (iii) the sample was increasingly

compressed under heat from 2 to 10 metric tons during 5 min;

(iv) finally, under the same pressure (10 metric tons) the sample

was cooled using the “cold” Carver press under a cold water cir-

culation (�15�C).

Characterization

Soxhlet Extraction. This extraction technique enables to sepa-

rate (and quantify) the liquid fractions soluble in methanol from

the PLA matrix (insoluble in methanol) or to separate the solu-

ble fraction of poly(AcrylPEG) in chloroform from the insoluble

one in order to characterize the as-produced poly(AcrylPEG).

Approximately 1 g of sample was placed in a thimble-holder

that was gradually filled with condensed solvent from a distilla-

tion flask constantly heated at 120�C. When the liquid reached

the overflow level, a siphon aspirates the solution from the
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thimble-holder and unloads it back into the distillation flask,

thus carrying the extracts into the liquid container. This opera-

tion is repeated until extraction is complete (after �24 h). The

insoluble fraction is dried overnight at 70�C under vacuum and

weighed after being kept at ambient conditions for at least 15 h

in order to re-equilibrate the samples. The solvent was evapo-

rated from the solution fraction by Rotavapor technique, and

dried overnight under vacuum at 50�C. Extracted fraction (EF,

in wt%) was calculated with the following equation:

EF5
Before SoxhletðgÞ2After Soxhlet & dryingðgÞ

Before SoxhletðgÞ 3100

Soxhlet extraction was repeated at least two times for each

sample. Average values and standard deviation were calculated

and the results were plotted.

Fourier Transform-Infrared (FT-IR) Spectroscopy. The

changes in the chemical structure of PLA and AcrylPEG were

evaluated by Fourier Transform-Infrared (FT-IR) spectroscopy

in attenuated total reflectance (ATR) mode from 400 cm21 to

4000 cm21 using a Bruker Optics Tensor 27 spectrometer.

Size Exclusion Chromatography (SEC). SEC was performed in

order to characterize the molecular weight change of AcrylPEG

after (reactive) extrusion. Sample preparation was performed by

dissolving the material to be analyzed in chloroform at a con-

centration of 2 mg/mL. This was followed by the filtration of

the prepared material solution using a syringe and an acrodisk-

branded filter (0.45 mm). SEC equipment used was an Agilent

Technologies series 1200 working with a differential refractive

index detection and two linear columns (PLgel 5 lm Mixed-D,

200 Da<MW< 400 kDa) in addition to a protection column.

Proton Nuclear Magnetic Resonance (
1
H NMR). The chemical

structure of AcrylPEG was evaluated by proton nuclear magnetic

resonance (1H NMR). Sample was prepared by dissolving the

material to be analyzed in deuterated chloroform (CDCl3 contain-

ing 0.03% of TMS) at a concentration of 50 mg/mL. 1H NMR

spectra were recorded using a BRUKER AMX-500 spectrometer

operating at a frequency of 500 MHz in a magnetic field of 7 T.

Differential Scanning Calorimetry (DSC). Five to 10 mg of

each sample was subjected to thermal characterization using a

TA instrument Q2000 DSC under nitrogen atmosphere. A “heat/

cool/heat” program was used between 280�C and 200�C at

both the cooling and the heating rates of 10�C/min. The error

about the transition temperature was of about 60.1�C and that

of melting/crystallization enthalpies was of 60.1 J/g (not explic-

itly reported along the manuscript).

Dynamic Mechanical Thermal Analysis (DMTA). The visco-

elastic properties of elaborated PLA-based materials were ana-

lyzed by means of a dynamic mechanical analyzer (DMA) TA

Instrument Q800. For this study, three rectangular specimens

(60 3 12 3 2 mm3) per sample were prepared by compression-

molding and conditioned for at least 24 h at 20�C and 50% of

relative humidity before testing. They were subjected to double

cantilever mode of flexural loading with amplitude of 20 mm in

the temperature range from 260 to 120�C at a heating rate of

2�C/min and a frequency of 1 Hz. The error about the transition

temperature was of about 60.5�C and that of the storage/loss

modulus was of 65 MPa (not explicitly reported along the

manuscript).

Tensile Tests. Tensile properties were determined according to

ASTM D638 procedure using a Zwick-line tensile bench. Five

tensile specimens per sample (narrow section dimensions: 16 3 3

3 3 mm3) were prepared by compression molding. They were

conditioned for at least 24 h at 20�C and 50% of relative humidity

before testing. After measuring the dimensions of the narrow sec-

tion, each specimen was fixed between the grips of both the fixed

and the movable members. The test was performed according to

ASTM D638 procedure at 5 mm/min until break occurs under the

same temperature and relative humidity conditions. The data

acquisition was mastered by testXpert II software.

Notched Izod Impact. At least four rectangular specimens (62 3

12 3 3 mm3) per sample were prepared by compression moulding

and notched on a Ray Ran 1900 notching apparatus according to

ASTM D256 specifications. The notching angle was of 45� and the

radius was of 2.5 mm. Before testing, specimens were conditioned

at 20�C and 50% of relative humidity for at least 24 h. Ray Ran

2500 pendulum impact tester was used. Each specimen was held as

a vertical cantilever beam and got broken by a single swing of the

pendulum. The line of initial contact was at a fixed distance from

the specimen clamp and from the center-line of the notch and on

the same side as the notch. The results of all test methods were

reported in terms of energy absorbed per unit of specimen cross-

sectional area under the notch. Testing conditions were: impact

velocity: 3.46 m s21; Hammer weight: 0.668 kg; energy: 3.99 J.

Scanning Electron Microscopy (SEM). Room-temperature

impact-fractured and microtome surfaces of specimens were

examined to morphological analysis using a pressure controlled

Quanta 200 Field Effect Gun scanning electron microscope

from Philips-FEI. The microscope is coupled with an EDAX

GENESIS XM 4i EDS. Low voltage (<5 kV) and low vacuum

(150 Pa) conditions were applied during the measurements in

order to avoid the sample degradation.

Atomic Force Microscopy (AFM). Atomic force microscopy

(AFM) was carried out on a Bruker Dimension Icon using Peak

Force Tapping mode (PFT) based on real time force distance

curve analysis recorded at a frequency of about 2 kHz [50]. This

allows locally measuring various mechanical properties of the

material surface at nanoscale such as Young’s modulus (from

data analysis based on DMT model), adhesion, deformation, and

dissipation, simultaneously to the height image. This technology

also provides equal or higher resolution than a Tapping mode

image. In addition, Peak Force QNM controls the force applied

to the sample by the tip, this decreases the contact area between

the tip and sample and deformation depths. There is a minimal

damage to the probe or sample. The samples were microtomed at

2100�C using a Leica UCT microtome before imaging.

RESULTS AND DISCUSSION

The synthesis of a rubbery polymeric impact modifier

(poly(AcrylPEG)) by random free-radical polymerization of
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AcrylPEG was carried out from the following mixture of Acryl-

PEG/L101 (99/1 wt%) at 180�C for 10 min in the DSM micro-

compounder (Fig. 1). After their introduction (AcrylPEG and

L101), the extrusion force remained constant at 50 N during the first

3 min on melt blending (see Fig. 4) and then continuously increased

to reach 340 N after 10 min of REx. This indicates an increase of

the medium viscosity due to the occurrence of free-radical polymer-

ization of AcrylPEG. The as-produced gel-like poly(AcrylPEG)

material is transparent and sticky at room temperature (Fig. 1).

Performing Soxhlet extraction from chloroform on the as-

polymerized poly(AcrylPEG) enabled to extract 60 wt% as solu-

ble fraction. Moreover, the insoluble fraction had been able to

swell 50-times in chloroform. Both soluble and insoluble frac-

tions of poly(AcrylPEG) have been characterized by means of

FT-IR technique (Fig. 2a). By comparison with the FT-IR spec-

trum of the starting AcrylPEG macromonomer, all the infrared

absorption bands corresponding to the acrylic carbon-carbon

double bond (at 811, 986, 1194, 1273, 1296, and 1408 cm21)

disappeared after the REx polymerization of AcrylPEG (Fig.

2a), attesting for the good conversion of AcrylPEG macromono-

mer into polymer. In addition, SEC analysis performed on the

soluble fraction reveals the presence of many overlapped molec-

ular weight distributions, indicating that the presence of a

microgel structure (Fig. 2b). This is further confirmed by proton

NMR spectra (Fig. 3), where the peaks (between 5.6 and

6.4 ppm) corresponding to the protons on the acrylic carbon-

carbon double bond in the AcrylPEG macromonomer disap-

peared after the REx polymerization.

According to the literature, the following reaction mechanism

(Scheme 1) may suggest the free-radical polymerization of

AcrylPEG and the branching of the resulting polymer following

inter- and intra-molecular free-radical transfer reactions. [51–58]

During the initiation step, L101 decomposition generates free-

radicals under heat. The free-radical homopolymerization of

AcrylPEG leads to the formation of linear macromolecules

(Scheme 1). Inter- or intramolecular free-radical (and hydrogen

radical) transfer can lead to a highly self-branched material as

reported previously. [49]

Melt (Reactive) Extrusion of the PLA-Based Blends

After the melting step of PLA in the DSM micro-

compounder, either AcrylPEG/L101 or the previously produced

poly(AcrylPEG) were separately introduced. A higher drop of

the viscosity was observed for the blends containing higher con-

tents of AcrylPEG and poly(AcrylPEG) (Fig. 4). While the vis-

cosity did not increase as a function of time in the case of PLA/

poly(AcrylPEG) blends, it drastically increased from about 2000

N to about 7000 N in PLA/L101/AcrylPEG (79/1/20 in wt%))

and to about 9000 N in PLA/L101/AcrylPEG (89/1/10 wt%) after

less than 2 min of extrusion before starting to decrease. One can

notice that higher viscosities were reached in the reactive blends

(PLA/L101/AcrylPEG) with respect to PLA/poly(AcrylPEG)

blends. The substantial increase of the viscosity in the reactive

blends (PLA/L101/AcrylPEG) attests for some substantial modifi-

cations of the length (higher molecular weight) and/or topology

(chain branching) of the polymer chains during REx.

The Soxhlet extractions of the soluble fractions of AcrylPEG

and poly(AcrylPEG) from the PLA matrix were performed in

methanol for better molecular characterization of the blends

after the (reactive) extrusion. The results are presented in Fig. 5.

Figure 5 shows that the extracted fractions from

PLA/Poly(AcrylPEG) blends are higher than those from PLA/

L101/AcrylPEG, for an equivalent amount of added plasticizer/

modifier. Moreover, while the extracted fraction from PLA/

Poly(AcrylPEG) (90/10 wt%) (ca. 6 wt%) represents approxi-

mately 50% of the extracted fraction from PLA/Poly(AcrylPEG)

FIG. 1. Poly(AcrylPEG) as synthesized by reactive extrusion (REx) of

AcrylPEG in presence of 1 wt% L101 free-radical precursor. [Color figure

can be viewed in the online issue, which is available at wileyonlinelibrary.

com.]

FIG. 2. FT-IR spectra (a) and SEC chromatograms (b) of AcrylPEG and Soxhlet extracted fractions of poly(Acryl-

PEG) produced by REx of the blend AcrylPEG/L101 (99/1 wt%). [Color figure can be viewed in the online issue,

which is available at wileyonlinelibrary.com.]
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(80/20 wt%) (ca 12.4 wt%), the extracted fraction from PLA/

L101/AcrylPEG (89/1/10 wt%) (ca. 1.5 wt%) represents only

about 16% of the extracted fraction from the PLA/L101/Acryl-

PEG (79/1/20 wt%) (ca. 8 wt%). The bigger difference observed

in the latter case (between the reactive blends) is due to the dif-

ference in the starting L101/AcrylPEG ratio. In PLA/L101/

AcrylPEG blends, L101 can activate and promote higher reac-

tive interfacial compatibilization between PLA and AcrylPEG.

This is explained by the grafting of AcrylPEG on PLA, leading

to the formation of PLA-graft-Poly(AcrylPEG) as well as by the

PLA chains coupling [49]. Therefore, for the same amount of

L101, the reactivity is higher in the blend containing the lowest

amount of AcrylPEG (10 wt%). Finally, by contrast to the reac-

tive blends PLA/L101/AcrylPEG, the extracted fractions from

the PLA/Poly(AcrylPEG) physical blends is proportional to the

initially added amount of poly(AcrylPEG), confirming the

absence of chemical reactions in those systems during the proc-

essing. FT-IR and SEC data depicted in Fig. 2 and the proton

NMR spectrum shown in Fig. 3 indicate that for all studied

blends, the extracted fractions are identified as a mixture of

AcrylPEG macromonomers and some related oligomers. Differ-

ential scanning calorimetry (DSC) measurements were per-

formed on as-polymerized poly(AcrylPEG). During the first

(not shown here) and the second heating (Fig. 6b, Table 1),

poly(AcrylPEG) displayed a mid-set glass transition temperature

(Tg) at about 261�C and a sharp melting peak at about 2�C
(with a melting enthalpy DHm �43 J/g), ascribed to the crystal-

line properties of poly(AcrylPEG). Therefore poly(AcrylPEG) is

a semicrystalline rubbery polymer, being fully amorphous at

temperatures higher than 2�C. The melt-blending of PLA/

poly(AcrylPEG) compositions 90/10 and 80/20 in wt% was then

carried out. For the sake of comparison, reactive blends between

PLA/L101/AcrylPEG were carried out as reported elsewhere

[49]. In the case of PLA/poly(AcrylPEG) blends 90/10 and 80/

20 in wt%, it results in materials with Tg of about 50 and 42�C,

respectively. This can be related to the slightly increase of the

mobility of PLA chains due to the some affinity between poly(-

AcrylPEG) and PLA. Some immiscibility extent can be noticed

with the presence of a small melting peak at about 24�C on the

second heating DSC thermogram of the PLA/Poly(AcrylPEG)

blend (80/20 in wt%). It should be noted that this melting peak

was hardly detected in the blend containing 10 wt% of

FIG. 3. Proton NMR spectra of AcrylPEG (reference) and soluble fraction of poly(AcrylPEG). [Color figure can be

viewed in the online issue, which is available at wileyonlinelibrary.com.]

FIG. 4. Extrusion force evolution as a function of mixing time. [Color fig-

ure can be viewed in the online issue, which is available at wileyonlineli-

brary.com.]
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poly(AcrylPEG) because of its lower relative content. In con-

trast, both plasticization and miscibility extents proved to be

more pronounced in the case of reactive blends. For instance, no

Tg can be detected in the PLA/L101/AcrylPEG reactive blends

(where the glass transitions were hardly detected during the sec-

ond heating scan of DSC analyses). The degree of crystallinity

significantly increased to about 32% for the reactive blends

PLA/L101/AcrylPEG, although neat PLA and the binary PLA/

poly(AcrylPEG) blends exhibit much lower crystallinity degree.

The crystallization process of PLA/L101/AcrylPEG reactive

blends took readily place during the cooling step (crystallization

peaks at ca. 85 and 100�C for the materials containing 20 and

10 wt% of AcrylPEG, respectively) (Fig. 6a, Table 1). This can

be explained by the branched structure of PLA-g-AcrylPEG.

Compared with the linear structure of neat PLA, a branched

PLA has a higher free volume caused by the higher number of

chain ends [59] which can explains the Tg depression and the

improved crystallization ability of the materials during cooling.

In addition, the PLA-graft-Poly(AcrylPEG) phase is most likely

acting as a nucleating agent. One should mention that the crys-

talline phase should hamper the amorphous phase from any

molecular/segmental motion, thus the glass transition could not

be detected by DSC during the second heating cycle.

The thermomechanical behavior of the (reactive) blends was

assessed by means of DMTA. The effects of the temperature

and the oscillatory deformation in flexion mode on the storage

modulus E0 and the loss modulus E0’ are presented in Fig. 7a

and b, respectively. The alpha transition temperatures deter-

mined by DMTA and reported in Table 1 can be associated to

the temperature at the maximum of the loss modulus peak.

Glassy and elastic PLA at room temperature is characterized by

a unique alpha transition temperature (Ta) at about 58�C.

SCHEME 1. Free-radical initiation and linear propagation (a); intermolecular free radical hydrogen abstraction and

radical transfer (b). [Color figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]
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However, all the other materials, namely PLA/poly(AcrylPEG)

and PLA/L101/AcrylPEG display two distinct alpha transition

temperatures, indicating the occurrence of a phase-separation

[60, 61]. The first alpha transition temperature (T’a) is equal to

260 and 255�C for PLA/Poly(AcrylPEG) and PLA/L101/

AcrylPEG, respectively. T’a 5 260�C is ascribed to the poly(A-

crylPEG) rubbery phase (according to the previous DSC results)

in the PLA/Poly(AcrylPEG) physical blend. However, the

increase of T’a by 5�C from 260 in the PLA/Poly(AcrylPEG)

physical blend to 255�C in the PLA/L101/AcrylPEG reactive

blend may be explained by the grafting of AcrylPEG moieties

onto PLA chains (PLA-graft-Poly(AcrylPEG)), so-limiting seg-

mental motions of poly(AcrylPEG) in situ generated during the

REx process and so-improving the blend compatibility. More-

over, it is reported that the peak area of loss modulus is propor-

tional to the concentration of the component (poly(AcrylPEG))

in the composition [62]. In this regard, Fig. 7b shows that the

peak area of loss modulus in the case of the PLA/L101/Acryl-

PEG reactive blends (peak at 255�C) is smaller than the peak

area of loss modulus in the case of the PLA/Poly(AcrylPEG)

physical blends (peak at 260�C) for the same initial composi-

tion of AcrylPEG or Poly(AcrylPEG), respectively. It can be

attested that the generation of PLA-graft-Poly(AcrylPEG) in the

case of the PLA/L101/AcrylPEG reactive blends reduces the

free-content in poly(AcrylPEG). Accordingly and as attested by

the smaller T’a peaks for poly(AcrylPEG) as in situ generated

during the REx in PLA/L101/AcrylPEG whichever the initial

AcrylPEG content, some higher miscibility can be further con-

firmed by the decrease of the effective volume of the dispersed

phase due to the grafting of AcrylPEG on PLA [62]. The second

alpha transition (Ta) is located between 40 and 55�C. In the

case of the PLA/poly(AcrylPEG) nonreactive blends, Ta is about

52�C and 48�C for the formulations 90/10 and 80/20 in wt%,

respectively. These values are inferior to that of neat PLA (ca.

58�C). The decrease of Ta as compared with neat PLA can be

attributed, to some extent, to the local plasticization effect of

the PLA matrix by the AcrylPEG oligomers present in poly-

(AcrylPEG), providing higher free volume and segmental

motions. In the case of the PLA/L101/AcrylPEG reactive blends,

the shift of Ta toward lower values (255�C) in comparison with

260�C for the physical blending PLA/Poly(AcrylPEG) can be

ascribed to two phenomena taking place: (i) the enhanced misci-

bility between the dispersed poly(AcrylPEG) phase and the

PLA matrix after the grafting reactions (leading to the in situ

formation of PLA-graft-Poly(AcrylPEG)), (ii) the global plastici-

zation effect of the PLA matrix brought by the oligomeric Acryl-

PEG moieties fully miscible within the PLA matrix.

The storage modulus E0 measured at 20�C of neat PLA is

about 1776 MPa (Table 1). As expected, PLA/poly(AcrylPEG)

materials displayed a decrease of the storage modulus E0 at

20�C from 1776 MPa to about 1416 and 1125 MPa for the com-

positions 90/10 and 80/20 in wt%, respectively. The E0 drop is

more important in the case of the PLA/L101/AcrylPEG reactive

blends with about 1247 and 1000 MPa for the formulations 89/

1/10 and 79/1/20 in wt%, respectively. Indeed the latter blends

are highly plasticized and miscible. It should be noted that no

leaching phenomenon of the plasticizer was noticed for all the

materials after DMTA analysis.

Peak-Force AFM in tapping mode was performed to investi-

gate the bulk-morphology including the phase-miscibility and

separation of the micro-domains within the PLA-based blends.

Figure 8 shows the blends morphology with respect to the sur-

face deformation as assessed by Peak-Force AFM in tapping

mode. The dark zones correspond to low deformation and rigid

surface, while the clear zones are assigned to high deformation

FIG. 5. Soxhxlet extracted fractions in methanol from the different blends

plotted as a function of the initially added AcrylPEG and poly(AcrylPEG)

amount. --�-- for PLA/L101/AcrylPEG and --•-- for PLA/Poly(AcrylPEG).

[Color figure can be viewed in the online issue, which is available at

wileyonlinelibrary.com.]

FIG. 6. Cooling (a) and second heating (b) DSC thermograms of all inves-

tigated materials. [Color figure can be viewed in the online issue, which is

available at wileyonlinelibrary.com.]
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zones. The main differences between PLA/poly(AcrylPEG) (80/

20 wt%) (Fig. 8a) and PLA/L101/AcrylPEG (79/1/20 wt%)

(Fig. 8b) are related to the size of the microdomains and the

rigidity of the matrix. With respect to the contrast, while both

blends displayed “salami-like” or “domains-in-domains” mor-

phologies, the continuous phase of PLA/poly(AcrylPEG) blend

seems to be more rigid than that of PLA/L101/AcrylPEG blend

(where the latter is more plasticized according to the previously

discussed DMTA results). Moreover, the microdomains in the

latter case are clearly smaller (<1 mm) than in the former case

(>1 mm). Similar blend morphologies have been reported for

high impact polystyrene [63] and the reactive ternary blends of

PLA with ethylene/n-butyl acrylate/glycidyl methacrylate (EBA-

GMA) terpolymer and a zinc ionomer of ethylene/methacrylic

acid (EMAA-Zn) extensively studied by Liu et al.[64, 65] and

Song et al. [66]. Accordingly, the microdomains are composed

by rigid PLA-rich submicrodomains (dark color) and soft

poly(AcrylPEG)-rich submicrodomains (clear color). While in

TABLE 1. Overall thermal and mechanical properties of all studied materials.

Blend composition

(in wt%)

Tg
a

(�C)

Tcc
a

(�C)

Tm
a

(�C)

(DHm 2 DHcc)
a

(J/g)

vc
b

(�C)

Ta
c

(�C)

E0d

(MPa)

Et
e

(MPa)

ry
e

(MPa)

eb
e

(%)

I.E.f

(kJ/m2)

Extruded PLA 61 132 153 7 0 58 1776 2243 6 40 — 4 6 0 2.8 6 0.3

Poly(AcrylPEG) 263 225 2 43 — — — — — — —

PLA/L101/

AcrylPEG

90/1/10 — 97 151 29 31 255 & 44 1247 1750 6 44 40 6 2 150 6 21 4.2 6 0.5

80/1/20 — — 149 31 33 255 & 41 1000 653 6 27 — 155 6 27 101.6 6 5.6

(Partial Break)

PLA/Poly(AcrylPEG)

90/10 50 82 88 106 153 1 1 260 & 52 1416 1900 6 82 42 6 1 28 6 5 8.2 6 0.5

80/20 42 77 95 24 & 153 5 6 260 & 48 1125 1500 6 85 27 6 3 37 6 12 35.5 6 5.6

aThermal properties from the second heating DSC scans.
bvc 5 Crystallinity5 DHm2DHcc

DHo
m

3100 where DHo
m of 100% crystalline PLLA is 93.4 J/g.

cAlpha transition temperature at maximum tan d peak (DMTA).
dStorage modulus at 20�C (DMTA).
eTensile properties at 20�C according to ASTM D638 (test speed 5 mm/min).
fNotched Izod impact energy at 20�C according to ASTM D256.

ND: not detected.

FIG. 7. Temperature-dependence of the storage modulus and the loss modulus of all investigated blends. [Color fig-

ure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]
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the case of the PLA/poly(AcrylPEG) (Fig. 8a), the boundary

interfaces between PLA and poly(AcrylPEG) submicrodomains

are very well defined, “immiscibility gradient” characterizes the

PLA/L101/AcrylPEG reactive blend (Fig. 8b) where the bound-

ary interfaces are less well-defined. Regarding the degree of

miscibility, these morphological features are in total agreement

with the DMTA results detailed earlier. As the L101 has a

decomposition time of 1 minute at the REx temperature of about

180�C, it is suggested that the excellent solubility of the

AcrylPEG macromonomer in the PLA matrix during the reactive

extrusion process prior to the free-radical grafting reactions and

polymerization of AcrylPEG onto PLA backbone. This leads to

a better and finer dispersion of the microdomains. It therefore

results in the presence of submicrodomains as obtained after

grafting AcrylPEG onto the PLA backbone in Fig. 8b. In the

case of the non-reactive blends, as poly(AcrylPEG) was synthe-

sized prior to melt-blending with PLA, larger size and size dis-

tribution microdomains are obtained when compared with the

(PLA/L101/AcrylPEG) reactive blends. Moreover, the miscible

AcrylPEG oligomers present in poly(AcrylPEG) are mostly con-

fined in the immiscible poly(AcrylPEG) microdomains indicat-

ing that the compounding could not enable the good dispersion

of poly(AcrylPEG) into the PLA matrix under the processing

parameters used. This explains the limited plasticization effi-

ciency of the non-reactive binary blends with respect to the ter-

nary reactive blends.

Tensile axial stress–strain behaviors of all modified PLA

materials are plotted in Fig. 9. The corresponding tensile proper-

ties are reported in Table 1. PLA exhibited high tensile modulus

and strength at failure (ca. 2.2 GPa and 63 MPa, respectively), a

low elongation at break (<4%) and no yield strength. Indeed

yielding cannot occur in inherently brittle polymers as they

break in their elastic zone before reaching their very high yield

stress [67]. Accordingly, highly localized crazing mechanism is

responsible for the catastrophic damage and break of PLA like

any other brittle polymer below its brittle-to-ductile transition

temperature. Regardless of the added amount of AcrylPEG in

the reactive blends or poly(AcrylPEG) in the physical blends, a

ductile behavior can be clearly evidenced at room temperature

by the appearance of the yielding and necking right after the

elastic zone. Indeed, the yield stress depends on the poly(Acryl-

PEG) and AcrylPEG initial loadings. Higher initial loading of

AcrylPEG results in lower yield stress. After the yielding point,

the reactive blends exhibited much higher ductility and elonga-

tion at break (eb ca. 150%) than the physical blends (eb <40%).

These observations are in accordance with those reported in lit-

erature in terms of elongation at break for the PEG content used

in this study [68]. The viscoelastic deformation was ascribed to

an initial elastic expansion of the materials. Subsequently, the

stresses are dissipated by conformational changes of glassy

amorphous PLA chains that lead to segmental orientation [69].

Orientation can also occur in crystalline phase of PLA, proving

that shear mechanisms of crystalline lamellae took place in

PLA. Because the stress for craze nucleation and crack propaga-

tion in PLA is lower than its yield stress at room temperature,

brittle fractures result. The addition of AcrylPEG or poly(Acryl-

PEG) to PLA significantly lowered the yield stress and may

formed voids inside the rubbery domains. The release of the

strain constraint due to the formation of many voids and the

decrease of yield stress resulted in the relaxation of stress con-

centration, and the toughness was improved [33, 70–72]. A

whitening of the specimen was noticed. The whitening in plasti-

cized PLA containing rubbery inclusions can be due to (i) struc-

tural transformation within PLA matrix as crystallization and/or

(ii) cavitation of rubbery inclusions. In the two cases, scattering

of the light may be explained by the formation of domains with

size on the order of the light wavelength (0.4–0.8 mm) engender-

ing a variation of the refractive index compared with the rest of

the material. In addition, the materials PLA/L101/AcrylPEG are

soft and flexible because of the plasticization. Accordingly, low

tensile modulus and very high elongation at break (thus very

ductile materials) are reported for the PLA/L101/AcrylPEG

reactive blends in comparison with brittle PLA.

Figure 10 shows the cryofractured surface in the direction of

tensile drawing of the different materials investigated. The PLA/

L101/AcrylPEG blends (Fig. 10a for 79/1/20 and Fig. 10c for

89/1/10 in wt%) display much higher deformation extents than

the PLA/poly(AcrylPEG) physical blends (Fig. 10b for 80/20

and Fig. 10d for 90/10 in wt%). These results are in complete

agreement with the tensile elongation at break values reported

FIG. 8. Peak force AFM images showing the blends morphology with respect to the surface deformation. (a) Corre-

sponds to PLA/poly(AcrylPEG) 80/20 in wt% and (b) to PLA/L101/AcrylPEG 79/1/20 in wt%. [Color figure can be

viewed in the online issue, which is available at wileyonlinelibrary.com.]
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in Table 1. The much larger ductility of the samples PLA/L101/

AcrylPEG (Fig. 10a for 79/1/20 and Fig. 10c for 89/1/10 in

wt%) is namely explained by the high deformation rates of both

the plasticized PLA matrix and the microdomaines. Indeed, the

plasticized matrix with oligo(AcrylPEG) together with the high

interfacial adhesion between the matrix and the microdomains

(due to the reactive compatibility thanks to the higher grafting

rate) are playing the key-role for making the materials very duc-

tile and tough. In contrast, in the case of the PLA/poly(Acryl-

PEG) non reactive blends (Fig. 10b and d), much lower

deformation rates of about 53 and 28% for the compositions 80/

20 and and 90/10 in wt%, respectively, are noticed because the

PLA matrix in these latter cases is not sufficiently plasticized as

most of the oligo(AcrylPEG) moities are confined in the poly(-

AcrylPEG) microdomains. Interestingly, matrix ligaments and

fibrillation process can be noticed on Fig. 10a and c. The liga-

ment thickness appears to be larger in Fig. 10a than in Fig. 10c.

This larger ligament thickness can be attributed to a greater

plasticized matrix and to a higher grafting rate of the acrylic

dispersed phase onto the PLA matrix. It should be noted that in

all cases, no de-bonding of the acrylic microdomains from the

matrix was noticed. Once again, the exact origin of the macro-

scopic specimen whithening observed during the tensile testing

(Fig. 9) can not be elucidated at this stage of the study.

Advanced mechanical characterization of the reactive material is

required to attempt elucidating the mechanism of whitening.

FIG. 9. Tensile strain–stress curves of the different materials. [Color figure

can be viewed in the online issue, which is available at wileyonlinelibrary.

com.]

FIG. 10. SEM images on cryofractured surfaces in the direction of tensile drawing of (a) PLA/L101/AcrylPEG (79/

1/20 wt%); (b) PLA/poly(AcrylPEG) (80/20 wt%); (c) PLA/L101/AcrylPEG (89/1/10 wt%); (d) PLA/poly(AcrylPEG)

(90/10 wt%).
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Finally, the influence of the grafting yield and the polymer-

ization of acrylPEG on the notched Izod impact energy

(measured according to ASTM D256) is plotted in Fig. 11 and

the related values are reported in Table 1. Regarding the (non-

reactive) physical blends, while the addition of 10 wt% of the

so-produced poly(AcrylPEG) impact modifier leads to an

improvement of the impact energy to about 8 kJ/m2, the

addition of 20 wt% of the same impact modifier resulted in a

material with an impact energy of about 35 kJ/m2 in comparison

with 2.7 kJ/m2 for neat PLA. Regarding the reactive blends on

the other hand, while a moderate improvement of the impact

energy to about 4 kJ/m2 is observed due to the presence of 10

wt% of AcrylPEG, the impact resistance of PLA material

reaches about 102 kJ/m2 and the notched samples did not break

due to the addition of 20 wt% of AcrylPEG. Indeed, in addition

to impact modification, the PLA matrix in the PLA/L101/Acryl-

PEG reactive blends is also plasticized due to the presence of

AcrylPEG oligomers. Accordingly, the grafting has a positive

effect on the enhancement of not only the impact resistance, but

also the ductility of the specimen tested.

CONCLUSION

This study highlights the added value and the high interest of

reactive extrusion (REx) as a versatile technology in designing

high performance PLA-based bio-plastics. Indeed, two

approaches are investigated and compared. As a two-step proce-

dure, the first approach consists in ex situ synthesizing the

impact modifier, namely poly(AcrylPEG), by random free-

radical polymerization of AcrylPEG via REx. The so-produced

poly(acryPEG) is then melt-blended with PLA. The resulting

materials exhibited good (ca. 8 kJ/m2) to high (ca. 35 kJ/m2)

impact resistance depending on the poly(AcrylPEG) loading (10

wt% and 20 wt%, respectively), while limited ductility (tensile

elongation at break <40%) and poor plasticization effect were

observed. Dynamic mechanical thermal analysis (DMTA)

revealed a clear phase separation in the materials. Furthermore,

peak force quantitative nanomecahnical atomic force microscopy

(PF-QNM-AFM) together with gel fraction determination per-

mitted to suggest that the soluble AcrylPEG oligomers remain

confined inside the insoluble poly(AcrylPEG) gel fraction rather

than being dispersed in the PLA matrix, thus limiting the plasti-

cization of the latter. Multiple crazing is most likely the pre-

dominant toughening mechanism that is taking place. On the

other hand, as a one-step procedure, the second approach con-

sists in in situ synthesis of a rubbery impact modifier, namely

PLA-graft-poly(AcrylPEG), by in situ free radical grafting and

polymerization of AcrylPEG on PLA backbone via REx. The

resulting materials exhibited improved (ca. 4 kJ/m2) to very

high (ca. 102 kJ/m2) impact resistance depending on the Acryl-

PEG initial loading (10 wt% and 20 wt%, respectively), and

high ductility (tensile elongation at break of ca. 150%) and effi-

cient plasticization. An immiscibility gradient between the PLA

matrix and the “salami-like” domains-in-domains is revealed by

Peak-Force Quantitative Nano-Mechanical Atomic Force

Microscopy (PF-QNM-AFM).
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Strain-induced deformation mechanisms
of polylactide plasticized with acrylated
poly(ethylene glycol) obtained by reactive
extrusion
Kui Wang,a Berit Brüster,a Frédéric Addiego,a* Georgio Kfoury,a

Fatima Hassouna,a David Ruch,a Jean-Marie Raquezb and Philippe Duboisb

Abstract

This work aimed at identifying the tensile deformation mechanisms of an original grade of plasticized polylactide (pPLA)
obtained by reactive extrusion. This material had a glass transition temperature of 32.6 ∘C and consisted of a polylactide
(PLA) matrix grafted with poly(acryl-poly(ethylene glycol)) (poly(Acryl-PEG)) inclusions. pPLA behaved like a rubber-toughened
amorphous polymer at 20 ∘C, and its tensile behavior evolved toward a rubbery semicrystalline polymer with increasing
temperature. The drawing of pPLA involved orientation of amorphous and crystalline chains, crystallization, and destruction
of crystals. It was found that crystal formation and crystal destruction were in competition below 50 ∘C, resulting in a
constant or slightly decreasing crystallinity with strain. Increasing temperature enhanced crystal formation and limited crystal
destruction, resulting in an increased crystallinity with the strain level. Drawing yielded a transformation of the initial spherical
poly(Acryl-PEG) inclusions into ellipsoids oriented in the tensile direction. This mechanism may engender the formation of
nanovoids within the inclusions due to a decreased density, assumed to be responsible for the whitening of the specimen.
© 2015 Society of Chemical Industry

Keywords: polylactide; plastification; tensile testing; chain orientation; crystallinity

INTRODUCTION
Polylactide (PLA) is one of the most attractive biosourced poly-
mers due to its renewability, biodegradability, high biocompatibil-
ity and low production cost.1 This polymer is characterized by a
low tendency to crystallize, as it usually contains between 2 and
4 mol% of D-isomeric units randomly distributed along its pre-
dominantly L-isomeric backbone. PLA possesses a glass transition
temperature (T g) of around 60 ∘C and is characterized by a high
rigidity (Young’s modulus of about 4 GPa at room temperature).2

When it is semicrystalline, its melting point is of the order of 160 ∘C.
PLA is mainly used for packaging, textile, agriculture and biomed-
ical applications and is being viewed as a promising green alter-
native to synthetic non-degradable polyolefin commodities like
polypropylene. In this respect, one of the main challenges of PLA
is to achieve a high tensile strength and a high toughness or
impact resistance within a wide range of temperatures. An under-
standing of PLA tensile deformation mechanisms, which are con-
trolled by its composition, processing and structure, is of high
importance to identify the key parameters to control its tensile
strength.

The tensile deformation mechanisms of neat PLA at different
temperatures were previously elucidated by wide-angle X-ray
scattering (WAXS) for amorphous and semicrystalline grades.3 – 7

Depending on the initial crystallinity and testing temperature,
the drawing of PLA involves (i) ordering of the amorphous phase
resulting in the formation of a metastable mesomorphic phase

and/or formation of the 𝛼′ and 𝛼 crystalline phases, (ii) transfor-
mation of the initial 𝛼 crystalline phase into mesophase and/or
𝛼′ crystalline phase, and (iii) damage by cavitation. To increase its
toughness and impact resistance, PLA is generally plasticized with
plasticizing agents such as poly(ethylene glycol),8,9 poly(propylene
glycol)10 and citrate.11,12 However, after long-term storage migra-
tion of the plasticizer toward the material’s surface is observed
in the case of low molecular weight plasticizers. In contrast, high
molecular weight plasticizers have a lower mobility and there-
fore have less tendency to leach out. However, they significantly
reduce the rigidity of PLA compared to low molecular weight
plasticizer, which is not desirable. A relevant strategy to stabilize
low molecular weight plasticizers within PLA is the chemical
grafting of functional plasticizer onto the PLA backbone
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by reactive extrusion.13,14 By this methodology, Kfoury
et al.15 have recently developed a transparent plasticized
grade of PLA (pPLA) derived from grafting reactions of PLA
with acrylated poly(ethylene glycol) (Acryl-PEG) as reac-
tive plasticizer in the presence of a free-radical initiator, i.e.
2,5-dimethyl-2,5-di(tert-butylperoxy)hexane (Luperox 101,
L101). After grafting Acryl-PEG onto the PLA backbone, pPLA
exhibited an original morphology, leading to the formation of
rubbery poly(Acryl-PEG)-based inclusions. The amount of grafted
Acryl-PEG was proved by Soxhlet extraction: the extracted fraction
(non-grafted Acryl-PEG) was less than 10 wt%; therefore it was
considered that about half of the plasticizer was grafted onto
the PLA matrix. The T g of this novel pPLA (PLA/Acryl-PEG/L101
79.5/20/0.5 wt%) was about 40 ∘C and its elastic modulus was
about 0.8 GPa at room temperature, as determined via dynamic
mechanical analysis.15 The tensile deformation mechanisms of
this original pPLA have not been elucidated to date. The objective
of this work was to identify the strain-induced chain orientation,
phase transformation and possible damage mechanisms of pPLA
during drawing carried out at different temperatures and strain
rates. WAXS, SEM and DSC investigations were conducted to
assess the deformation mechanisms of pPLA compared with
neat PLA.

EXPERIMENTAL
Materials and processing
PLA was supplied by NatureWorks (Minnetonka, MN, USA) under
the reference 4042D and contained 4.2 mol% D-isomeric units.
For the reactive extrusion, Acryl-PEG (Mn ≈ 480 g mol−1) from
Sigma-Aldrich (Steinheim, Germany) was utilized as plasti-
cizer, while Luperox 101 (L101) from Sigma-Aldrich (Steinheim,
Germany) was used as free-radical initiator. The reactive pro-
cessing was performed using a twin-screw DSM XPlore 15 mL
micro-compounder (Geleen, The Netherlands) at 180 ∘C with a
nitrogen purge to remove oxygen from the extruder housing.
It should be noted that L101 offers a half-life time of 1 min at
180 ∘C.16 The screw speed was adjusted to 100 rpm, while the
overall residence time was 5 min. 15 g in total per batch was intro-
duced into the micro-compounder. PLA pellets were first dried
for 12 h at 60 ∘C in a vacuum oven (Heraeus, Thermo Scientific,
Langenselbold, Germany) before processing. PLA was introduced
and melted in the micro-compounder. Acryl-PEG and L101 were
then mixed in a small glass vial and injected into the extruder
using a syringe. PLA/Acryl-PEG/L101 systems with the compo-
sitions 79/20/1 and 100/0/0 (in wt%) were chosen for this study
and are denoted pPLA and PLA, respectively. The extruded rods of
pPLA and PLA were ground and hot-pressed with a Carver manual
press (Wabash, IN, USA) to obtain tensile specimens based on
ASTM D638-10 with sample type V. The specimen had an overall
length of 63.5 mm and a thickness of 3 mm. The gauge section
of the specimen had a length of 25 mm and a minimum width
of 3 mm. The hot-pressing procedure consisted in (i) heating the
material at 180 ∘C for 3 min without any pressure to ensure its com-
plete melting and inter-pellet chain diffusion, (ii) degassing the
material by several successive compression and decompression
procedures for 2 min, (iii) compressing the material at 180 ∘C by
progressively increasing the pressure from 0.3 to 1.5 MPa during
5 min to ensure good consolidation, and (iv) cooling the material
with water circulation within the press plates (water temperature
of about 15 ∘C) under 1.5 MPa.

Tensile testing
The quasi-static uniaxial tensile testing was done with a uni-
versal testing machine Instron model 5967 (Norwood, MA, USA)
equipped with an environmental chamber. To get the same exper-
imental condition for each testing, at each change of tempera-
ture the chamber was first heated without specimen for 30 min
to obtain a uniform temperature. Then, the specimen was placed
in the chamber for 15 min to allow thermal equilibration, and
finally was tested. The engineering axial stress 𝜎 versus axial strain
𝜀 curves were recorded at constant crosshead rates of 0.6, 6 and
60 mm min−1. Based on the tensile specimen gauge length of
25 mm, the corresponding initial strain rates �̇� were 4× 10−4 s−1,
4× 10−3 s−1 and 4× 10−2 s−1, respectively. For each strain rate, ten-
sile testing was carried out at temperatures T of 20 ∘C, 50 ∘C and
80 ∘C. As usually noted for polymers, PLA and pPLA samples under-
went a non-uniform deformation process inducing a necking that
generally initiated at geometrical, structural and/or mechanical
defects.17 Because of technical limitations, we were not able to
measure the local mechanical variables at the necking level. Spe-
cial attention was paid to the influence of the experimental con-
ditions (T and �̇�) on Young’s modulus E, the yield stress 𝜎y, the
ultimate strain 𝜀u and the ultimate stress 𝜎u of the materials. The
plastic flow activation volume v was calculated from the Eyring
equation based on a previous paper:18

𝜎y =
Eo

v
+ kT

v
× ln

2�̇�
�̇�o

(1)

where 𝜎y is the yield stress, �̇� is the strain rate, E0 is the activation
energy barrier for plastic deformation, k is Boltzmann’s constant,
T is temperature and �̇�0 is a pre-exponential factor. A plot of 𝜎y

versus ln(�̇�) allowed the determination of v via the resulting slope
which was equal to kT/v. Note that we decided to use Boltzmann’s
constant k instead of the gas constant R in Eqn (1) as was done in
the previous study.18 The characterization of the specimens was
conducted ex situ at different strain levels. Each strain considered
corresponded to the maximum strain reached at the end of the
loading stage. Then, the specimen strain was kept constant during
30 min in a stress relaxation stage (at the same time the specimen
was rapidly cooled to 20 ∘C for testing conducted at 50 ∘C and
80 ∘C), and finally the specimen was quickly analyzed by the
different techniques described below. Some optical pictures of
the deformed specimens were recorded with a stereomicroscope
Leica MZ 125 (Heerbrugg, Switzerland) to observe the whitening
mechanism.

WAXS measurements
The WAXS technique was selected to reveal the structural fea-
tures of PLA and pPLA as a function of strain. Testing was done
with a Panalytical X’Pert Pro MPD equipment (Almelo, The
Netherlands) configured in the transmission mode and using
Cu K𝛼 radiation (wavelength 𝜆= 1.54 Å) generated at 40 kV and
40 mA. The samples were cut from the center of the drawn tensile
specimen. The diffractograms were recorded at room temperature
in the 2𝜃 range 5∘ − 40∘. As primary optics, a focusing mirror was
used with specific slits to allow high resolution in the 2𝜃 range
of interest. As secondary optics, a PIXcel detector (Panalytical)
was utilized to record the scattering intensity. The specimen was
positioned on a spinner that enabled different azimuthal angles
𝜙 to be analyzed. When the angle 𝜙 was equal to 0∘ detection
was performed perpendicular to the tensile axis, and when the
angle 𝜙 was equal to 90∘ detection was performed parallel to
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(A)

(B)

Figure 1. WAXS diagram deconvolution of (A) PLA and (B) pPLA in the
non-deformed state exhibiting in the two cases three amorphous halos at
2𝜃 = 15.0∘ , 21.2∘ and 31.0∘ and in the case of pPLA four crystalline peaks at
2𝜃 = 14.6∘ , 16.5∘ , 18.8∘ and 22.2∘ engendered by the (010), (110/200), (203)
and (210) reflections, respectively.

the tensile axis. The analyzed volume corresponded to an irra-
diated surface of 0.6 mm× 2 mm multiplied by the specimen
thickness which depended on the deformation state. Note that
the final thickness of each specimen was systematically measured
by means of digital calipers. The scattering intensity I(2𝜃) was
first corrected by means of the Beer− Lambert relationship by
considering an absorption coefficient of 9.23 cm−1 for PLA and
pPLA and the sample thickness. The absorption coefficient for
the PLA repeating unit− (C3H4O2)n −was calculated as the sum
of the atomic mass coefficients considering their weight fraction
in the repeating unit. The atomic mass coefficients used for Cu
K𝛼 radiation of C, H and O were 4.51 cm2 g−1, 0.391 cm2 g−1 and
11.5 cm2 g−1, respectively.19 Then the WAXS curves were treated
with the software PeakFit (Systat Software, Framingham, MA, USA)
to perform background subtraction by means of an exponential
function and peak deconvolution by means of Gaussian functions
(Fig. 1). To this end, we considered three amorphous halos located
at a 2𝜃 angle of around 15.0∘, 21.2∘ and 31.0∘ (Fig. 1(A)). The first
two scattering halos were attributed to interchain periodicities,
while the last scattering halo was attributed to an intrachain peri-
odicity (distance between methyl groups).5 Concerning crystalline
phases, we attributed the peaks centered at 2𝜃 angles of 14.6∘,
16.5∘, 18.8∘ and 22.2∘ (Fig. 1(B)) to the (010), (110/200), (203) and
(210) reflections, respectively.5,20 Since it is generally not possible
to unambiguously distinguish between the crystalline phases 𝛼

and 𝛼′, we only considered one crystalline phase for all the WAXS
analyses.4 In the case of PLA, an amorphous to mesomorphic
phase transformation can occur when drawing the material result-
ing in the formation of a broad peak centered at 16.5∘.7 For a given
azimuthal 𝜙 direction, the weight fraction of crystallinity Xc was
calculated as the ratio between the total crystalline peak area to
the overall peak area. The average crystallinity ⟨Xc⟩ was calculated
using the equation21,22

⟨Xc⟩ = ∫
𝜋∕2

0
Xc (𝜙) ×

∑
A (𝜙) × sin (𝜙) × d (𝜙)

∫
𝜋∕2

0

∑
A (𝜙) × sin (𝜙) × d (𝜙)

(2)

where Xc(𝜙) is the crystallinity obtained for a given azimuthal angle
𝜙, while ΣA(𝜙) is the sum of the area of all the peaks (amorphous,
crystalline and mesomorphic phases) for a given azimuthal angle
𝜙. The same methodology was used to calculate the weight
fraction of the mesophase ⟨Xmes⟩. In particular, we found that the
average crystallinity of non-deformed PLA and pPLA was 0 wt%
and 15.4 wt%, respectively (Fig. 1).

The Herman orientation function was calculated for the three
amorphous halos, the two main crystalline peaks (110/200) and
(203) and the mesomorphic peak based on

fi,z =
3
⟨

cos2 𝜙i,z

⟩
− 1

2
(3)

where i is the considered case and ⟨cos2 𝜙i,z⟩ is the average of
the cosine squared angle between the normal of the scatter-
ing planes i considered (evolved by the crystalline diffractions
or by the amorphous molecular scatterings) and the drawing
direction z. In the rest of the paper, f 1,z corresponds to the amor-
phous halo positioned at 15.0∘, f 2,z corresponds to the amor-
phous halo positioned at 21.2∘, f 3,z corresponds to the amorphous
halo positioned at 31.0∘, f (110/200),z corresponds to the crystalline
peak (110/200), f (203),z corresponds to the crystalline peak (203)
and f mes,z corresponds to the mesophase. ⟨cos2 𝜙i,z⟩ was calcu-
lated from

⟨
cos2 𝜙i,z

⟩
=

∫
𝜋∕2

0
Ii (𝜙) × sin (𝜙) × cos2 (𝜙) × d (𝜙)

∫
𝜋∕2

0
Ii (𝜙) × sin (𝜙) × d (𝜙)

(4)

where Ii(𝜙) corresponds to the scattering intensity of the i objects
considered (crystalline peaks or amorphous halos) for a given
azimuthal 𝜙 direction.

DSC measurements
DSC testing was carried out using a Netzsch DSC 204 F1 instrument
(Selb, Germany) as a complementary investigation to WAXS. For
DSC experiments, samples with mass 5± 1 mg were heated from
10 ∘C to 180 ∘C with a heating rate of 10 ∘C min−1 under a nitrogen
gas flow. All the measurements were conducted during the first
heating. Special attention was paid to measurement of the glass
transition temperature of PLA (T g), the cold-crystallization temper-
ature of PLA (T cc), the melting temperature of PLA (T m) and the
melting temperature of the PLA mesophase (T mes). The crystallinity
enthalpy of PLA was calculated from its melting enthalpy (ΔHm)
subtracted by its cold-crystallization enthalpy (ΔHcc) based on the
equation

Xc =
ΔHm − ΔHcc

ΔH0
m

(5)

whereΔH0
m is the enthalpy of a 100% crystalline PLA polymer taken

to be equal to 93 J g−1.23 For pPLA, Xc was calculated using Eqn
(5) but in this case ΔH0

m was multiplied by the effective fraction
of PLA which was 0.79. The mesophase content in neat PLA was
determined by using the mesophase enthalpyΔHmes based on the
equation

Xmes =
ΔHmes

ΔH0
mes

(6)
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whereΔH0
mes is the heat of fusion for a 100% mesophase PLA taken

to be equal to 70 J g−1.6

SEM observations
The microstructure of PLA and pPLA induced by drawing was
studied by means of a pressure-controlled scanning electron
microscope model Quanta FEG 200 from FEI (Eindhoven, The
Netherlands). The materials were first observed with the large field
detector (LFD) at a water pressure of 150 Pa from polished sam-
ples in the case of PLA and cryo-surfaced samples in the case of
pPLA. Cryo-surfacing consisted in removing very thin specimen
sections at −30 ∘C with a cryo-ultramicrotome Leica EM UC6/UF6
(Wien, Austria) equipped with a glass knife. Observations were
conducted at the center of the specimen necking characterized
by the highest deformation level. pPLA was also investigated with
the transmission mode of the scanning electron microscope called
the STEM mode from 80 nm- thick specimens prepared with the
cryo-ultramicrotome. To this end, a small specimen volume was
first extracted and grossly trimmed with a razor blade from the
center of the tensile specimen. The specimen was afterwards sec-
tioned at −30 ∘C parallel to the tensile direction with a glass
knife and subsequently with a diamond blade (Diatome Cryo 35∘,
Hatfield, PA, USA). STEM images were recorded with the bright field
detector enabling phase contrast imaging.

RESULTS AND DISCUSSION
Tensile behavior
The influence of temperature and strain rate on the tensile behav-
ior of pPLA is shown in Fig. 2, while the extracted mechanical
parameters are reported in Table 1. As a reference, the same
mechanical investigation was conducted on the untreated PLA
grade. At 20 ∘C and 4× 10−2 s−1 (Figs 2(A) and 2(B)), the tensile
behavior of pPLA exhibited three stages: (i) an initial viscoelas-
tic stage where the stress increased drastically with strain up to
a maximum point related to the yield point 𝜎y = 25 MPa charac-
terized by a Young’s modulus of 865 MPa; (ii) the onset of the vis-
coplastic stage characterized by a drop in stress; and (iii) a final
increase of the stress until the break point at the ultimate strain
𝜀u = 165%. Under the same conditions, PLA exhibited a brittle ten-
sile behavior without any viscoplastic stage characterized by a
Young’s modulus E = 3123 MPa and an ultimate strain 𝜀u = 2%. In
the case of pPLA, with increasing temperature or decreasing strain
rate, a decrease of Young’s modulus, yield stress and ultimate stress
were noted. At the same time, an increase of the ultimate strain
was observed (Table 1). For example, at 80 ∘C and 4× 10−4 s−1,
E = 63.5 MPa, 𝜎y = 4 MPa and 𝜀u = 470% for pPLA. It must also be
mentioned that the intensity of the stress drop at the beginning of
the viscoplastic stage decreased with decreasing strain rate from
4× 10−2 s−1 to 4× 10−4 s−1 and increasing temperature from 20 ∘C
to 80 ∘C. For PLA, on increasing the temperature from 20 ∘C to 50 ∘C
a viscoplastic stage appeared with an ultimate strain of 298% (Figs
2(A) and 2(B)). The yield activation volume of the materials was cal-
culated using the Eyring equation (Eqn (1)) from the yield stress
(Table 1). As PLA was brittle at room temperature and exhibited
no plasticity, no activation volume was determined for this con-
dition. It was found that the activation volume of pPLA at 50 ∘C
(9.2 nm3) was higher than that of PLA (0.2 nm3). At 80 ∘C, the activa-
tion volume of PLA was higher than that of pPLA (27.6 nm3 versus
19.7 nm3). For the two materials, the activation volume increased
with temperature.

(A)

(B)

Figure 2. Influence of the temperature at 4× 10−2 s−1 (A) and of the strain
rate at 20 ∘C (B) on the tensile behavior of pPLA including a zoom-in view of
the initial part of the curves (some reference curves of PLA are also plotted
for comparison).

Some optical microscope images of pPLA recorded for different
strain levels and strain rates are presented in Fig. 3. For character-
ization of the whitening intensity, the average grey level of the
optical image was calculated by means of the software ImageJ
(National Institutes of Health, USA) from a 1.5 mm× 1.5 mm area
at the center of the specimen. The average grey level ranged from
0 (black) to 255 (white). In the non-deformed state (Fig. 3(A)),
pPLA was quite transparent (but less transparent than untreated
PLA) with a grey level of 102.5. With increasing strain level at
20 ∘C and 4× 10−4 s−1, a progressive whitening of the samples was
observed (Fig. 3(A)). Indeed, the grey level increased from 102.5 in
the non-deformed state to 254 for a strain of 240%. Note that at a
strain of 150% the grey level was equal to 191.8 for the same strain
rate. Increasing the strain rate to 4× 10−2 s−1 led to a weak increase
of the whitening at a strain of 150% as the grey level increased
from 191.8 at 4× 10−4 s−1 to 208.8 at 4× 10−2 s−1 (Fig. 3(B)). After
a recovery period of 1 week at an initial strain of 150% obtained
at 4× 10−2 s−1, a partial disappearance of the whitening related
to a grey level of 123.8 was observed (Fig. 3(C)). When the strain
rate was decreased to 4× 10−4 s−1, the whitening was more per-
manent than for 4× 10−2 s−1 (images not shown here). Concerning
PLA, some whitening phenomena were also noted at the highest
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Table 1. Young’s modulus E, yield stress 𝜎y, ultimate strain 𝜀u and ultimate stress 𝜎u of PLA and pPLA as a function of temperature and strain rate
extracted from tensile testing curves and yielding the activation volume determined from the Eyring equation

Material Temperature T (∘C)
Strain rate
�̇� (s−1)

Young’s
modulus E (MPa)

Yield stress
𝜎y (MPa)

Yielding activation
volume V (nm3)

Ultimate
strain 𝜀u (%)

Ultimate stress
𝜎u (MPa)

PLA 20 4× 10−2 3123 Brittle n.m. 2 58.8
4× 10−3 2839 Brittle 1.7 47.3
4× 10−4 2766 Brittle 1.6 45.8

50 4× 10−2 1748 42.2 0.9 298.2 28.6
4× 10−3 1297 29.2 327.0 26.3
4× 10−4 922 18.2 366.1 24.9

80 4× 10−2 2.0 0.9 27.6 845.4 7.7
4× 10−3 1.2 0.4 1114.1 1.6
4× 10−4 n.m. 0.1 n.m. n.m.

pPLA 20 4× 10−2 865 24.5 2.0 165.1 21.9
4× 10−3 626 17.7 179.6 24.8
4× 10−4 567 15.2 239.8 23.3

50 4× 10−2 174 8.4 9.2 342.3 16.8
4× 10−3 134 6.9 372.8 16.9
4× 10−4 123 6.1 419.5 16.4

80 4× 10−2 67 5.1 19.7 409.9 8.6
4× 10−3 64.9 4.4 452.5 9.0
4× 10−4 63.5 4.0 469.7 8.3

n.m., not measurable.

(A)

(B)

(C)

Figure 3. Optical microscope images of pPLA deformed in tension at 20 ∘C
showing the effect of strain level at 4× 10−4 s−1 (A), the effect of strain rate
at a strain level of 150% (B) and the effect of relaxation after 1 week (C). The
images were recorded at the center of the tensile specimens.

strain rate of 4× 10−2 s−1 and 50 ∘C (images not shown here), and
in this case it was permanent even after several weeks.

To understand the macroscopic behavior of pPLA, its initial glass
transition temperature T g and crystallinity Xc were first deter-
mined. By DSC, we found a T g of 32.6 ∘C for pPLA and 59.8 ∘C for
PLA (see the next section). Note that the T g of poly(Acryl-PEG) was
found to be −61 ∘C by DSC in a previous study,24 and hence the
inclusions were considered to have a rubbery behavior between
20 ∘C and 80 ∘C. Based on WAXS measurements, Xc was equal to
0 wt% for PLA and 15.4 wt% for pPLA. The tensile behavior of pPLA

is therefore influenced by the glassy/rubbery state, the presence
of the rigid crystalline phase and the presence of the rubbery
poly(Acryl-PEG) inclusions. At 20 ∘C, the tensile curve of pPLA is
similar to that of rubber-toughened amorphous polymers such as
high-impact polystyrene drawn below their T g.25,26 In this case,
the tensile curve is characterized by an initial viscoelastic stage
where the stress drastically increases with strain until the yield
point. At the onset of the viscoplastic stage the stress drops result-
ing in a strain-softening stage and then finally increases resulting
in a strain-hardening stage. Despite the glassy state of the molec-
ular network, these materials exhibit ductility due to the vicinity
of the testing temperature to their glass transition temperature
and to the presence of the rubbery poly(Acryl-PEG) inclusions.
In other words, pPLA has enough mobility to withstand the set
strain, exhibiting plasticity. The presence of the crystalline phase
in pPLA is expected to increase Young’s modulus, to increase the
tensile strength and to decrease the ductility compared to neat
PLA. In contrast, the presence of rubbery poly(Acryl-PEG) inclu-
sions is expected to get the opposite effect. The yield in pPLA may
be induced by the activation of shearing mechanisms in crystalline
lamellae (crystal plasticity), as commonly considered for semicrys-
talline polymers.27 To prove the effective role of crystalline lamel-
lae on the mechanical behavior of PLA, stress transfers have to
be active between the amorphous phase and crystalline lamel-
lae. This point was further investigated by WAXS. In parallel, the
presence of rubbery poly(Acryl-PEG) inclusions in pPLA may also
play a role on the activation of the material plasticity by yield-
ing internal cavitation.28 It is important to note that in the case of
neat PLA stretched below its T g the onset of the viscoplastic stage
can be associated with cavitation mechanisms within the polymer
matrix.3 The measurement of the yielding activation volume of the
materials may provide information about the molecular mecha-
nisms involved in the plastic flow (Table 1). At 50 ∘C, the higher
activation volume of pPLA compared to PLA may be explained by
a lower chain mobility in PLA compared to pPLA as neat PLA is
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in its glassy state. It can also be explained in pPLA by the pres-
ence of crystalline lamellae and the inclusions that are expected
to contribute to the plastic flow, increasing the number of molec-
ular segments involved in the yielding process of pPLA compared
to PLA. Increasing temperature generally increases the molecular
mobility, which may be at the origin of the increased activation vol-
ume for PLA and pPLA. Note that this increase in mobility appears
more marked for PLA than for pPLA resulting in a higher activation
volume for PLA than for pPLA at 80 ∘C.

The possible cavity formation during the viscoplastic stage
in neat or rubber-toughened amorphous polymers may induce
marked variation in the refractive index compared to the matrix,
and consequently visible light can be scattered off. If cavities have
a micrometer size, like visible light wavelengths, they can induce
a whitening phenomenon as they scatter approximately the same
amount of light for all the visible spectrum wavelengths.29 – 31 For
pPLA and PLA, whitening was observed upon drawing (Fig. 3).
Whitening was non-reversible for PLA and reversible for pPLA, indi-
cating different underlying mechanisms. The presence of cavities
in PLA and pPLA will be verified below.

For pPLA, the yield stress and the strain-softening intensity
decreased with increasing temperature or decreasing strain rate
(Fig. 2 and Table 1). These results can be explained by enhanced
molecular relaxation and orientation of the amorphous chains, and
at the same time enhanced shearing mechanisms of the crystalline
lamellae. As a result, the material may exhibit less resistance to
the imposed strain. The influence of rubbery poly(Acryl-PEG) inclu-
sions on the yield of pPLA is also expected to decrease with increas-
ing temperature yielding less cavitation. From 50 ∘C, the tensile
curve of pPLA is similar to that observed for semicrystalline poly-
mers drawn above their glass transition temperature characterized
by a rubbery amorphous phase.21,22 At 80 ∘C, the yield stress of
pPLA was higher than that of PLA due to the presence of the crys-
talline phase in pPLA, which may significantly increase the tensile
strength above T g.

DSC investigation
DSC thermograms of non-deformed PLA and pPLA exhibited crys-
tallinity for pPLA (Xc = 25.4 wt%), while PLA was totally amorphous
(Fig. 4). The glass transition and cold-crystallization temperatures
were greater for PLA (T g = 59.8 ∘C and T cc = 128.5 ∘C) than for pPLA
(T g = 32.6 ∘C and T cc = 73.2 ∘C), indicating that the plastification
of PLA by reactive extrusion effectively increased the molecular
mobility of the matrix. The drawing process significantly modi-
fied the thermograms of the two materials. In the case of pPLA,
the melting temperature was lower for non-deformed pPLA com-
pared with deformed pPLA for all experimental conditions, show-
ing that deformation induced smaller crystalline lamellae. At 50 ∘C
and 4× 10−2 s−1, pPLA had an increased crystallinity at a strain
state of 300% compared to the non-deformed state, reaching
a maximum of 30.5 wt%. At 20 ∘C and 4× 10−3 s−1, pPLA had a
decreased crystallinity with a strain of 100% compared to the
non-deformed state, reaching a minimum of 14.1 wt%. Therefore,
strain significantly changes the crystallinity of pPLA, and hence
crystalline lamellae participate in the overall deformation mech-
anisms of the material. The deformation mechanisms of the crys-
talline phase are investigated in more detail in the next section.
The glass transition temperature increased from 32.6 ∘C to a max-
imum at 45.6 ∘C (T = 50 ∘C, 𝜀= 300%, �̇� = 4× 10−2 s−1) comparing
non-deformed pPLA with deformed pPLA, and at the same time
the cold-crystallization temperature decreased from 73.2 ∘C to a
minimum of 59.6 ∘C (T = 50 ∘C, 𝜀= 300%, �̇� = 4× 10−3 s−1). It is

Figure 4. DSC curves of PLA and pPLA at various strain levels and temper-
atures.

generally admitted that the glass transition involves cooperative
motions in one chain that are influenced by intramolecular interac-
tions and intermolecular interactions. A certain dynamic free vol-
ume is required enabling conformational change of the chain.32

In the case of pPLA, the grafting of the plasticizer is expected to
space out the chains and hence may increase the free volume
and decrease T g. The increase in T g with imposed strain may be
explained by a chain ordering process by orientation that glob-
ally reduces the free volume and hence hinders the glass transition
process. It was found, however, that the free volume in the vicinity
of the chain ends increased with stretching, indicating more mobil-
ity in these regions for the glass transition.33 The strain-induced
ordering of the chains may facilitate the cold-crystallization of
pPLA, which can explain the decrease in T cc for non-deformed
pPLA compared with deformed pPLA. No significant effect of the
strain rate was noted on the thermal properties of pPLA for stretch-
ing at 20 ∘C and 50 ∘C. Concerning PLA, the imposed strain again
caused an increase in T g and a decrease in T cc compared to the
non-deformed state, which can be explained in the same way. An
original aspect of stretched PLA is the occurrence of an endother-
mic peak positioned at about 70 ∘C that is attributed to the melt-
ing of the mesomorphic phase.6 For the same strain level of 300%
at 50 ∘C, we found a fraction of mesophase that increased from
9.5 wt% to 12.0 wt% when the strain rate was increased from
4× 10−4 s−1 to 4× 10−2 s−1. The formation of the mesophase in the
case of neat PLA induced by drawing at 50 ∘C may be due to its
low chain mobility that does not enable the more ordered 𝛼 or 𝛼′

crystalline phase to be created.
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(A) (B) (C)

(D) (E) (F)

(G) (H) (I)

Figure 5. WAXS investigation of pPLA showing the evolution of the orientation function of the three amorphous halos (labeled 1 to 3) and of the two
main crystalline peaks (labeled (110/200) and (203)) (left-hand axis) and of the crystallinity (right-hand axis) as a function of strain. Tensile testing was
conducted at different temperatures (20 ∘C (A)− (C), 50 ∘C (D)− (F) and 80 ∘C (G)− (I)) and different strain rates (4× 10−4 s−1 (A), (D) and (G); 4× 10−3 s−1

(B), (E) and (H); and 4× 10−2 s−1 (C), (F) and (I)).

WAXS investigation
The evolutions of crystallinity and of the orientation functions
with the strain level of pPLA and PLA subjected to tension are
represented in Figs 5 and 6, respectively. Crystallinity found by DSC
analyses was higher compared with WAXS results. This variation is
due to the fact that these two techniques rely on different methods
and in addition each of them has inherent uncertainties. It must be
noted that, by DSC analyses, drawing did not yield the formation of
a mesophase in the case of pPLA for all the temperatures and strain
rates investigated. In the case of PLA, drawing induced the forma-
tion of a mesophase only at 50 ∘C. At 20 ∘C, pPLA had a decreased
crystallinity with increasing strain level whatever the strain rate. In
particular, Xc evolved from 15.4 wt% in the non-deformed state

to 6.6 wt% at a strain level of 240% obtained with a strain rate
of 4× 10−4 s−1. At 50 ∘C, the crystallinity of pPLA was stable or
slightly decreased with strain level and then increased with high
strain levels. At 80 ∘C, the crystallinity of pPLA increased with strain
level. In particular, Xc reached a maximum of 37 wt% for a strain
of 400% at a strain rate of 4× 10−4 s−1. These results demonstrate
that during the drawing of pPLA a competition between crystal
destruction and crystal formation is present. Crystal destruction
may be due to the shearing and subsequent fragmentation of
the initial crystalline lamellae,21 while crystal formation may be
due to the ordering of the amorphous chains. The deformation of
the crystalline phase by shearing is shown in pPLA by decrease
of the orientation functions f (110/200),z and f (203),z with strain for all
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(A) (B) (C)

(D) (E) (F)

Figure 6. WAXS investigation of PLA showing the evolution of the orientation function of the three amorphous halos (labeled 1 to 3), of the mesophase
peak (labeled mes, just at 50 ∘C) and of the two main crystalline peaks (labeled (110/200) and (203), just at 80 ∘C) (left-hand axis) and of the crystallinity
(right-hand axis) as a function of strain. Tensile testing was conducted at different temperatures (50 ∘C (A)− (C) and 80 ∘C (D)− (F)) and different strain
rates (4× 10−4 s−1 (A), (D); 4× 10−3 s−1 (B), (E); and 4× 10−2 s−1 (C), (F)). At 50 ∘C, the crystallinity is based on the mesophase peak.

temperatures and strain rates. At the same time, the ordering of
the amorphous chains is proved by the evolution of the orien-
tation functions f 1,z , f 2,z and f 3,z from 0 to values above 0.5 for
f 3,z , from 0 to values below −0.125 for f 2,z and from 0 to values
below −0.25 for f 1,z . With increasing temperature from 20 ∘C to
80 ∘C, it appears that the intensity of the orientation of the crys-
talline chains increased considering the orientation function of the
main crystalline peak (110/200) at a strain of 100%. For example,
f (110/200),z decreased from 0.00 to −0.33 when the temperature was
increased from 20 ∘C to 80 ∘C at 4× 10−4 s−1. This result shows
that crystal shearing is facilitated with increasing temperature and
that fragmentation may hence be restricted, resulting in no or
limited crystalline destruction. At the same time, the intensity of
the orientation of the amorphous chains increased as shown by
the values of the orientation function of the main amorphous
halo 1 positioned at 15.0∘. For example, at a strain of 100%, f 1,z

evolved from −0.12 to −0.23 with increasing temperature from
20 ∘C to 80 ∘C at 4× 10−4 s−1. Therefore crystal formation in pPLA is
enhanced when the tensile testing temperature is increased. This
WAXS investigation proves that in pPLA both amorphous and crys-
talline phases exhibit chain orientation during drawing, demon-
strating that deformation mechanisms involve these two phases

and that stress transfers are effective between them. Concerning
PLA, the formation of the mesomorphic phase was observed at
50 ∘C whatever strain rate was investigated, confirming the DSC
results. The fraction of the mesomorphic phase reached 5.2 wt%
at a strain of 300% and for a strain rate of 4× 10−4 s−1. At 80 ∘C,
PLA exhibited formation of the 𝛼 or 𝛼′ crystalline phase for all
strain rates. With increasing temperature, the ordering of the amor-
phous chains upon drawing increased in the case of PLA as an
amorphous to mesophase transformation evolved to an amor-
phous to crystalline transformation. At 50 ∘C and 80 ∘C, PLA was
characterized by an increase in the orientation of its amorphous
and non-amorphous chains (crystalline or mesomorphic phases)
with strain. It must be noted that for pPLA and PLA no significant
effect of the strain rate was observed on the evolution of crys-
tallinity/mesophase fraction and on the orientation functions with
the strain level.

Morphological investigation
The morphology of deformed PLA and pPLA observed by SEM
is represented in Fig. 7. PLA exhibited some micro-sized primary
cavities having an ellipsoid shape with major axis oriented in
the tensile direction (Fig. 7(A)). Based on image analysis of SEM
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(A) (B)

Figure 7. SEM observations with the LFD mode of deformed (A) PLA (strain of 298% obtained at 50 ∘C with a strain rate of 4× 10−2 s−1) and (B) pPLA
(strain of 165% obtained at 20 ∘C with a strain rate of 4× 10−2 s−1): 1, primary cavities containing a secondary cavity; 2, secondary cavities; 3, drawn
poly(Acryl-PEG) micrometer inclusions.

(A) (B)

Figure 8. STEM observations of (A) non-deformed pPLA and (B) deformed pPLA (strain of 165% obtained at 20 ∘C with a strain rate of 4× 10−2 s−1): 1,
initial poly(Acryl-PEG) inclusions with high density; 2, drawn poly(Acryl-PEG) micrometer inclusions with decreased density.

images with the software ImageJ (National Institutes of Health),
the average ellipsoid height and width were found to be 2.2 μm
and 0.6 μm, respectively, corresponding to a shape factor of 3.7.
We also noted an original damage aspect here that was the
presence of secondary cavities oriented in the tensile direction
that seemed to interact with the primary cavities. Indeed, some pri-
mary cavities clearly contained a secondary cavity passing through
their center. To our best knowledge, damage mechanisms in neat
PLA subjected to tension have not been described in detail in the
literature. In the work of Rezgui et al.,3 the presence of primary
cavities in drawn semicrystalline PLA was noted but no secondary
cavity was observed. The micrometric cavities in PLA may induce
variation in the refractive index compared with the matrix, and
hence visible light can be scattered yielding the whitening. In
contrast, pPLA did not exhibit cavities at the scale of observa-
tion but elongated poly(Acryl-PEG) inclusions forming ellipsoids
with major axis oriented in the tensile direction (Fig. 7(B)). More-
over, with the LFD mode which provided topographical contrast,
inclusions appeared as dark grey, which can indicate the pres-
ence of voids that emit few or no electrons. By image analysis with
ImageJ, we found that the average ellipsoid height and width were
2.8 μm and 0.65 μm, respectively. Therefore, their shape factor was
about 4.3. In the non-deformed state, poly(Acryl-PEG) inclusions
had a spherical shape with an average diameter of about 0.7 μm
(SEM image not shown here). To get complementary information
about the deformation mechanism of poly(Acryl-PEG) inclusions

in pPLA, some micrographs were recorded with the STEM config-
uration of the microscope (Fig. 8). The contrast observed here is
a phase contrast linked to the difference in electron scattering by
the specimen areas. On STEM images, areas appearing in dark grey
correspond to areas having a high density, and inversely. Based on
Figs 8(A) and 8(B), the density of the poly(Acryl-PEG) significantly
decreases with deformation as the grey level of the inclusions
evolved from dark grey to light grey. This result indicates that the
volume of these inclusions increased with strain level on assum-
ing that they have a constant mass, confirming their increased size
on SEM images (Fig. 7(B)). It is thought that the deformation of
poly(Acryl-PEG) involved the formation of nanovoids that are not
visible by SEM and STEM explaining their increased volume. These
voids may be generated by the separation of poly(Acryl-PEG)
chains from each other in molecular regions characterized by a
high free volume.34 However, to scatter visible light voids must
have a micrometric size of visible light wavelengths. It is hence
thought that whitening is not due to the scattering by each
nanovoid but to scattering by each micron inclusion containing
the nanovoids.30,31 After strain recovery, the whitening partially
disappeared demonstrating that it is not permanent (Fig. 3(C)). In
particular, the rubbery inclusions may shrink during the recovery
stage resulting in a partial disappearance of the nanovoids. Further
investigations are needed to identify with more detail the defor-
mation mechanisms of the inclusions at the molecular level.
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CONCLUSIONS
The tensile behavior of pPLA (initial crystallinity of 15.4 wt% based
on WAXS) was assessed for temperatures ranging from 20 ∘C to
80 ∘C and strain rates ranging from 4× 10−4 s−1 and 4× 10−2 s−1,
while the underlying deformation mechanisms were identified by
DSC, WAXS and SEM. At 20 ∘C, the stress–strain curve of pPLA
was typical of a rubber-toughened amorphous polymer drawn
below its glass transition temperature exhibiting a strain-softening
stage after the yield point and a certain ductility. With increasing
temperature, the tensile behavior of pPLA evolved towards the
behavior of a rubbery semicrystalline polymer, especially when
passing its glass transition temperature of 32.6 ∘C. With increas-
ing temperature or decreasing strain rate, the yield stress and
the strain-softening intensity decreased, while the ultimate strain
increased. pPLA exhibited a progressive whitening during the
drawing that partially disappeared after a recovery period. Neat
PLA also showed whitening upon drawing but in this case the
whitening was permanent.

The evolution of the crystallinity and of the orientation func-
tions of amorphous and crystalline chains with strain level was
carefully studied by WAXS. The crystallinity of pPLA was stable
or slightly decreased with strain at low temperature, while it
increased with strain at high temperature. A competition between
crystal destruction due to shearing and subsequent fragmenta-
tion of the lamellae and crystal formation due to amorphous
chain ordering was noted. The shearing of the lamellae was
proved by a decrease of the orientation functions of the crys-
talline peaks (110/200) and (203) with strain. The ordering of the
amorphous chains was demonstrated by an increase or decrease
of the orientation functions of the three amorphous halos with
strain. With increasing temperature from 20 ∘C to 80 ∘C, the inten-
sity of the orientation of the crystalline and amorphous chains
increased for a strain of 100%. Therefore, crystal shearing is facil-
itated with increasing temperature and fragmentation may hence
be restricted resulting in no or limited crystalline destruction.
At the same time, crystal formation in pPLA was enhanced by
the increased amorphous chain ordering. The restricted fragmen-
tation and enhanced ordering may explain the increased crys-
tallinity when pPLA is drawn at high temperature compared to
low temperature. The WAXS study demonstrates that in the case
of pPLA both amorphous and crystalline chains exhibit orienta-
tion during the drawing, and hence stress transfers are effective
between them.

By DSC analyses, it was shown that the melting temperature sys-
tematically decreased comparing non-deformed with deformed
pPLA, indicating that deformation induces smaller crystalline
lamellae. DSC measurements also indicated that pPLA crystallinity
decreased with strain at low stretching temperature, while it
increased with strain for high stretching temperature. Therefore,
DSC confirmed that the crystalline phase was involved in the ten-
sile deformation mechanisms of pPLA. It was also observed that
in the case of pPLA the glass transition temperature increased
and the cold-crystallization temperature decreased with the strain
level. These results were explained by a possible decrease in the
free volume of the chains with the drawing that may hinder the
glass transition relaxation and by the strain-induced chain order-
ing that may facilitate the crystallization, respectively. For neat PLA
that was initially amorphous, DSC revealed that stretching induced
the formation of a mesomorphic phase at 50 ∘C, while the forma-
tion of this phase did not occur for pPLA.

The morphological investigation by SEM showed that pPLA
exhibited an elongation of the initial poly(Acryl-PEG) inclu-
sions forming ellipsoids with major axis oriented in the tensile
direction. This mechanism may engender a decrease in inclu-
sion density resulting in possible nanovoid formation inside
the inclusions and specimen whitening. The presence of these
nanovoids was not experimentally proved, however. In the case
of PLA, drawing induced the formation of micron cavities that are
expected to scatter visible light and hence may cause specimen
whitening.

The current work provides new aspects about plasticized
biosourced polymer deformation mechanisms that could be the
basis of a physically based model enabling the tensile curve of
these materials to be predicted. To go further, the detailed molec-
ular deformation mechanisms of the rubbery poly(Acryl-PEG)
inclusions have to be assessed with attention focusing on their
possible voiding.
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a b s t r a c t

The thermo-mechanical recycling of poly(lactide) (PLA) by reprocessing was recently considered as a
new end-of-life scenario for this biosourced and biodegradable polymer. With this regard, the degra-
dation mechanisms of plasticized PLA (pPLA) engendered by multiple reprocessing were little investi-
gated to date, and hence, the relevancy of its reprocessing was not assessed. They were identified in this
paper by a multiscale approach in the case of a lab-developed grade of pPLA obtained by the reactive
extrusion of PLA with acrylated poly(ethylene glycol) (acryl-PEG) as reactive plasticizer. pPLA structure
consisted of a semi-crystalline PLA matrix in which grafted poly(acryl-PEG) micro-inclusions were
dispersed. Up to 5 successive processing cycles including extrusion and compression-molding, the tensile
and impact properties drastically dropped indicating an embrittlement of pPLA. Structural analyses
revealed that reprocessing caused these mechanisms: chain scission of PLA, crystallization of PLA,
damaging of the inclusions, decrease of the size of poly(acryl-PEG) phases within the inclusions, and
cracking of PLA. At the same time, the amount of grafted poly(acryl-PEG) was not influenced by the
reprocessing. Inclusion damaging and matrix cracking are believed to be responsible for the embrittle-
ment of pPLA after multiple reprocessing, which makes it not suitable for being reused for its initial
application.

© 2016 Elsevier Ltd. All rights reserved.
1. Introduction

Poly(lactide) (PLA) currently raises hope to replace petroleum-
based polymers due to its lower environmental impact concern-
ing production related to its renewability, and waste management
related to its biodegradability [1]. The end-of-life scenarios of PLA
include composting, but also incineration and chemical recycling,
all these scenarios provide a low carbon dioxide footprint [2].
Recently, it was shown that thermo-mechanical recycling by
reprocessing and reuse of PLA could further reduce energy and
renewable resource consumption compared to the end-of-life
scenarios indicated above [3]. While the thermo-mechanical recy-
cling of common petroleum-based polymers like high-density
o).

17
polyethylene (HDPE) [4], polypropylene (PP) [5], and poly-
ethylene terephthalate (PET) [6] was intensively investigated with
well-identified degradation mechanisms, degradation of PLA was
scarcely studied. Pillin et al. [7] reprocessed PLA by injection
molding up to seven times and observed a decrease of the glass
transition temperature from 66 �C to 57 �C. The initial molecular
weight decreased to 50% already after three reprocessing steps and
the viscosity dropped from initial 3960 Pa.s to 25 Pa.s after seven
cycles. At the same time, the crystallinity increased to values over
50%. Concerning mechanical properties, Pillin et al. [7] also showed
that recycling had no impact on the tensile modulus of PLA after
seven cycles, while at the same time its stress at break drastically
decreased from 65 MPa to 25 MPa. It was explained that the raised
crystallinity in combination with the lower molecular weight
dropped the ultimate strain during reprocessing. Badia et al. [8]
confirmed the previous work [7] and justified the chain scission

mailto:frederic.addiego@list.lu
http://crossmark.crossref.org/dialog/?doi=10.1016/j.polymdegradstab.2016.07.017&domain=pdf
www.sciencedirect.com/science/journal/01413910
http://www.elsevier.com/locate/polydegstab
http://dx.doi.org/10.1016/j.polymdegradstab.2016.07.017
http://dx.doi.org/10.1016/j.polymdegradstab.2016.07.017
http://dx.doi.org/10.1016/j.polymdegradstab.2016.07.017


B. Brüster et al. / Polymer Degradation and Stability 131 (2016) 132e144 133

Publication 20/25
with increasing crystallization enthalpy, while the cold crystalli-
zation temperature decreased by nearly 10 �C. Furthermore, in this
particular study PLA stayed amorphous during the recycling and by
FTIR no significant change in functional groups was observed.
Another study [9] dealt with the impact of multiple extrusions on
PLA properties. On the one side, the tensile strength, the tensile
stress at break and the impact strength decreased slightly by less
than 10% and the Young's modulus did not vary. On the other side,
the glass transition temperature was not influenced, but the cold
crystallization temperature decreased. Since the crystallization and
melting enthalpy increased equally, the material was considered to
remain amorphous, despite the increased cold crystallization abil-
ity. All studies dealing with the recycling or reprocessing of PLA
came to the same conclusion. The main degradation mechanism
was proved to be chain scission engendering a change of thermal
properties and a decrease of mechanical performance. It was
concluded that PLA material cannot be re-used for the same ap-
plications unless virgin pellets of PLA aremixedwith amaximum of
50% of recycled ones [10] or stabilizers are used in the initial
formulation [7].

Compared to PET or HDPE, the low thermal stability and the low
impact resistance at room temperature of PLA limit its application
range. One common way to improve PLA's impact resistance is its
plasticization by dispersing a plasticizer within PLA matrix [11].
However, phase separation and plasticizer migration toward PLA
surface occur in the case of lowmolecular weight plasticizer, which
is at the origin of the interest for the grafting between PLA back-
bone and the plasticizer by reactive extrusion [12e16]. Processing
of PLA with an acrylated poly(ethylene glycol) (acryl-PEG) by this
method lowered the glass transition temperature significantly (up
to 20 �C lower). Concerning mechanical properties, plasticized PLA
obtained by reactive extrusion had a decreased elastic modulus at
room temperature (around 25% lower), increased the ultimate
strain at room temperature (up to 165% higher), and increased
impact energy at room temperature (more than 30 times higher)
compared to neat PLA [15e17]. Special attention was paid to the
original structure of this modified PLA. In the study conducted by
Kfoury et al. [16], the reactive extrusion at 180 �C of PLAwith acryl-
PEG and 2,5-bis(tert-buthylperoxy)-2,5-dimethylhexane used as
free-radical initiator (half-life time of 1 min at 180 �C [18]) formed a
material composed of a plasticized PLA matrix, free (non-grafted)
poly(acryl-PEG), and on the PLA backbone grafted poly(acryl-PEG)
micro-inclusions that led to partial cross-linking of PLA. The
appearance of partially grafted inclusions was proved by Soxhlet
extraction highlighting an extracted fraction of poly(acryl-PEG)
comprised between 5 wt% and 8 wt% for an initial acryl-PEG
amount of 20 wt% [15,16].

To the best of our knowledge, just a few studies dealt with the
thermo-mechanical recycling of modified or plasticized PLA. Scaf-
faro et al. [19] analyzed the degradation mechanisms of PLA con-
taining 8% of a commercial impact modifier after multiple injection
molding procedures and reached the same conclusions as for neat
PLA: the main degradation mechanism was chain scission leading
to poor mechanical properties, although the crystallinity was
improved. However, little details were provided in this pioneer
work that lacks microstructural and molecular characterization of
the recycled modified PLA, as well as no comparison with the
reference neat PLA. Further works are needed to identify the
degradation mechanisms of the impact modifier itself, and to un-
derstand the effective influence of the impact modifier on the
degradation mechanisms of PLA.

The objective of this work was to identify the degradation
mechanisms engendered by multiple reprocessing of a plasticized
PLA (pPLA) grade obtained by grafting/polymerizing acryl-PEG
within PLA via reactive extrusion, and of a neat PLA grade as
reference. Due to the complexity of the pPLA structure, a multi-
scale characterization approach was considered. In particular, the
viscoelastic, tensile, and impact behaviors were first assessed as a
function of the processing number. Thermal characterization of the
materials by differential scanning calorimetry (DSC) was also con-
ducted. To understand these macroscopic aspects, the microstruc-
ture of the as-(re)processed materials was analyzed by scanning
electron microscopy (SEM) and atomic force microscopy (AFM).
Last, attention was focused on the molecular scale in terms of i)
chemical structure by nuclear magnetic resonance (1H NMR)
spectroscopy, ii) chemical functions by Fourier transform infrared
(FTIR) spectroscopy, and iii) molecular weight by size extrusion
chromatography (SEC) and rheology testing. To provide details
about the degradation mechanisms of pPLA, some separations be-
tween the non-grafted plasticizer and the PLA matrix phase were
conducted by Soxhlet extraction, and the extracted material frac-
tions were analyzed at the molecular scale.

2. Experimental

2.1. Materials

Poly(lactide) (PLA) reference 4042D (4.2% D-lactide content) was
purchased from NatureWorks LLC (Minnetonka, MN, USA). PLA did
not contain neither stabilizer nor antioxidant. The plasticizer
poly(ethylene glycol) methyl ether acrylate (acryl-PEG, Mn 480 g/
mol) and the free-radical initiator 2,5-bis(tert-buthylperoxy)-2,5-
dimethylhexane (Luperox101 or L101) were ordered from Sigma-
Aldrich (Steinheim, Germany). At the investigated processing
temperature (180 �C) the initiator offered a half-life time of 1 min
that was suitable to produce significant reaction [16,18].

2.2. Processing

2.2.1. Extrusion
Processing and reprocessing of PLA and pPLA were simulated

with laboratory equipment, meaningwith small material quantities
and specific machines with operating conditions that may only
partially reflect industrial realities. Nevertheless, lab-scale simula-
tion of recycling appeared as a fast and cost-effective procedure to
get first information about recycling-induced degradation mecha-
nisms of the materials enabling to optimize an eventual scale-up
study of their recycling.

Before the first extrusion, neat PLA was dried in a vacuum oven
(Thermo-Scientific Heraeus, Waltham, MA, USA) at 50 �C for 12 h.
The two materials, PLA (PLA/acryl-PEG/L101 with weight compo-
sition 100/0/0) and plasticized pPLA (PLA/acryl-PEG/L101 with
weight composition 79/20/1) were extruded using a twin screw
micro-compounder reference Xplore 15 cc from DSM (Geleen,
Netherlands) with a nitrogen purge. The melting temperature was
set to 180 �C and the screw speed was adjusted to 50 rpm. In total
12 g per batch were introduced within the micro-compounder for a
total extrusion time of 5 min (with recirculation) to produce
strands of diameter 3e5 mm. For pPLA reactive extrusion, acryl-
PEG and L101 were first mixed in a glass vial and then injected
within the micro-compounder by means of a syringe after the PLA
was melted in the extruder. In the rest of the manuscript, (p)PLA
stands for PLA or pPLA.

2.2.2. Compression molding
Before shaping by compression molding, the extruded strands

were cut by hand into 5 mm-long pellets. Compression molding
was conducted on a Carver manual press (Wabash, IN, USA)
equipped with heating plates. (p)PLA pellets were placed in a tile
mold Carver (Wabash, IN, USA) enabling to produce plates of
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10 cm � 10 cm x 0.2 cm and then were melted at 180 �C for 10 min
without applying any pressure. After several degassing steps by
successive compressing/decompressing procedures with a
maximum applied load of 7 metric tons, the materials were com-
pressed with a constant applied load of 7 metric tons at 180 �C for
10 min. The plates were cooled down under the same pressure
during 10 min by a room temperature water circulation within the
press plates.
2.2.3. Reprocessing
After the shaping by compression molding, the recycling was

simulated by several cutting/extrusion/cutting/compression-
molding procedures, as represented in Fig. 1. Each cutting step
was done by hand using a sharp tile nipper. Before each re-
extrusion, pPLA pellets were dried at 30 �C in a vacuum oven for
12 h, while PLA pellets were dried at 50 �C under the same con-
ditions due to the Tg difference between the two materials. All
samples were named starting with their material type (PLA, pPLA)
and finishing with the number of compression molding steps (CM1,
CM3, CM5). It is to be noted that the characterization was sys-
tematically conducted from the shaped plates of (p)PLA.
2.3. Characterization

2.3.1. Dynamic mechanical analysis
The viscoelastic response of (p)PLA was assessed by dynamic

mechanical analysis (DMA) using a Netzsch DMA 42 C equipment
(Selb, Germany). For this measurement, samples with dimensions
10 mm � 60 mm x 2 mm were machined from compression-
molded plates. DMA testing was conducted with the double
cantilever mode of flexural loading in the temperature range
from �100 �C to 120 �C with a heating rate of 2 K/min. The spec-
imen were subjected to a loading amplitude of 20 mm and fre-
quencies of 1, 5, 10, 50 and 100 Hz. Attention was focused on the
evolution of storagemodulus E0, and loss factor tan d¼ E’’/E’ (E00 was
the lossmodulus) as a function of the temperature. All thematerials
were tested twice.
2.3.2. Tensile testing
The elastoviscoplastic response of (p)PLA at different tempera-

tures was obtained by tensile testing. Dumbbell specimens were
machined from the 2 mm-thick compression-molded plates to
obtain ASTM D638-10 sample type V specimens. The quasi-static
uniaxial tensile testing was measured with a universal testing
machine Instron model 5967 (Norwood, MA, USA) equipped with
an environmental chamber at the temperatures 20 �C, 50 �C and
80 �C. First, the environmental chamber was heated to the targeted
testing temperature and then was left to this temperature for
temperature homogenization during 30 min. The specimen was
mounted and left 15 min at the chamber temperature for thermal
equilibration before being tested. The engineering axial stress se
axial strain ε curves were recorded at the constant crosshead speed
of 60 mm/min. Based on the tensile specimen gauge length of
25 mm, the corresponding initial strain rate _εwas 4 � 10�2 s�1. It is
important to note that the deformation of (p)PLAwas non-uniform
and led to necking due to geometrical, structural, and/or mechan-
ical defects [20]. Our reported engineering axial stress s e axial
strain ε tensile curves did not take into account localization of strain
because of technical limitations. The tensile modulus E, the yield
stress sy, the ultimate strain εu and the ultimate stress su of the
materials were calculated as a function of the number of recycling
cycles and the temperature. For every condition at least three
specimens were tested.
2.3.3. Impact testing
For impact testing, specimen of dimensions 62 mm � 8 mm x

2 mm were machined from compression molded plates. The
specimen were notched with an Instron Ceast Motorized Notchvis
machine (Norwood, MA, USA). The radius of the notch was 25 mm,
while its angle was 45�. The samples were tested on an impact
pendulum Instron Ceast 9050 (Norwood, MA, USA) at room tem-
perature according to ISO 180 standard. The exact specimen di-
mensions were measured and the impact energy was calculated by
the integrated software of the pendulum machine. At least 5
specimens were tested per condition.

2.3.4. Differential scanning calorimetry
The glass transition temperature (Tg), the melting temperature

(Tm), the melting enthalpy (DHm), and the cold crystallization
enthalpy (DHcc) of (p)PLA were obtained by differential scanning
calorimetry (DSC) from samples with weight comprised between
3 mg and 5 mg. DSC measurements were done by using a Netzsch
DSC 204 F1 (Selb, Germany), while the curves were analyzed with
the Software Netzsch Proteus Thermal Analysis. The samples were
cooled down to �100 �C and then were heated to 180 �C. The
selected heating and cooling rates were 10 K/min and �10 K/min,
respectively. All the thermal properties (Tg, Tm, DHm, and DHcc)
were calculated from the heating stage. The crystallinity was
calculated based on equation (1), where xacryl-PEG was the total
amount of acryl-PEG, and DHm,0 was the melting enthalpy of a 100%
crystalline PLA determined to be Hm,0 ¼ 93J/g [21].

Xc ¼
DHm � DHcc�

1� xacryl�PEG
�
DH0

m

(1)

2.3.5. Scanning electron microscopy
The microstructure of pPLAwas studied by means of a pressure-

controlled scanning electron microscope (SEM) model Quanta FEG
200 from FEI (Eindhoven, The Netherlands). The samples were cut
from compression molded plates and prepared by polishing the
surface with a manual polishing machine. SEM observations were
done at a water pressure of 150 Pa, with an accelerating voltage
�7 kV to limit the pPLA surface degradation and with the large field
detector for topographical contrast imaging.

2.3.6. Atomic force microscopy
The morphology of the samples was characterized by means of

an atomic force microscope (AFM) in acoustic mode on an Agilent
5100 from Agilent Technologies (Santa Clara, CA, USA). The scanned
pictures consisted of 512 pixels � 512 pixels images obtained at a
scanning speed comprised between 0.9 and 1.1 lines per second. As
operating parameters, a cantilever free amplitude of 2 mm and a
resonance frequency of 285.8 kHz were selected. The samples were
prepared with a cryo-ultramicrotome Leica EM UC6/UF6 (Vienna,
Austria) at �50 �C by cutting small surfaces first with a glass knife
and polishing the surface subsequently with a diamond blade
(Diatome Cryo 35�, Hatfield, PA, USA).

2.3.7. Size exclusion chromatography
The molecular weight and molecular weight distribution of PLA

were assessed by size exclusion chromatography (SEC). To this end,
samples were dissolved in chloroform to a concentration of 1.5 mg/
ml and filtered with a nylon acrodisc syringe filter (pore size
0.45 mm). SEC was performed on an Agilent Technologies series
1200 (Santa Clara, CA, USA) working with a differential refractive
index detection and two linear columns (PLgel 5 mm Mixed-D,
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200 Da < MW < 400 kDa) in addition to a protection column. The
number average (Mn) and weight average molecular (Mw) weights
standardized to polystyrene and the dispersity index (D ¼Mw/Mn)
were determined for all the samples. At least 3 samples were tested
for each material and the average with standard deviation was
calculated from these 3 values. Note that pPLA samples were not
totally soluble in chloroform, so that no SEC measurement on this
material could be performed.
2.3.8. Fourier transform infrared spectroscopy
The chemical functions of (p)PLA were characterized by Fourier

transform infrared spectroscopy (FTIR). Such analyses were con-
ducted on a Bruker Tensor 27 (Ettlingen, Germany) in attenuated
total reflection (ATR) mode. First, a background spectrum was
recorded and subtracted from the sample spectrum in the area
from 4000 cm�1 to 400 cm�1.
2.3.9. Nuclear magnetic resonance spectroscopy
The chemical structure of (p)PLA was analyzed by nuclear

magnetic resonance spectroscopy (NMR). In particular, the samples
were dissolved in deuterated chloroform (CDCl3, containing 0.03%
of tetramethylsilane (TMS)) to obtain a concentration of about
50 mg/ml. 1H NMR spectra were recorded with a Bruker AMX-500
(Karlsruhe, Germany) at a frequency of 500 MHz and in a magnetic
field of 11.6 T. Peak positions and integrals (PLA: CH3 doublet at
1.58 ppm and CH at 5.16 ppm; poly(acryl-PEG): CH2 singlet at
3.59 ppm) were determined with the software MestReNova (Mes-
trelab Research S.L., Santiago de Compostela, Spain) and the acryl-
PEG weight content was determined by equation (2):

wt%ðPEGÞ ¼
areaPEG
NH;PEG

$MPEG
areaPLA
NH;PLA

$MPLA þ areaPEG
NH;PEG

$MPEG
(2)
2.3.10. Rheology
The rheology measurements were conducted to obtain from the

viscosity values qualitative information about themolecular weight
of cross-linked pPLA samples. To this end, testingwas conducted on
an ARES Rheometer from Rheometrics (Piscataway, NJ, USA) at
180 �C. The gap for the sample was 0.5 mm and the diameter of the
plates was 25mm. Themeasurements were conducted on the same
samples in two modes. Strain sweep mode at a frequency of 1 Hz
was conducted in the strain range 100%e0.01%, while frequency
sweep mode at a strain of 1% (if 1% contained in the linear area of
strain sweep) was conducted from 100 Hz to 0.01 Hz. For both
measurement modes, 30 points per decade were recorded.
2.3.11. Soxhlet extraction
The non-grafted fraction of poly(acryl-PEG) within pPLA was

extracted and quantified by Soxhlet extraction with methanol. An
extraction thimblewas filled with about 1.5 g of (p)PLA (mo) sample
and put in a 100 ml Soxhlet extractor. The extractor was set be-
tween a 500 ml round-bottom flask filled with 350 ml of methanol
and a reflux condenser. The soluble fraction was extracted for 24 h
under reflux. The remaining solid fraction was dried at 50 �C in a
vacuum oven over night and the methanol was evaporated from
the extracted fraction and extracted fractionwas also dried at 50 �C
in a vacuum oven over night. The percentage of extracted fraction
(EF) was calculated from the mass of extracted fraction (mEF) based
on equation (3) and this fraction was further characterized by SEC
and 1H NMR.

EF ¼ mSF

mo
(3)

3. Results and discussion

3.1. Influence of the reprocessing on the macroscopic behaviors

The viscoelastic behavior of pPLA (PLA/acryl-PEG/L101 79/20/1
in wt%) and of the neat reference PLA (PLA/acryl-PEG/L101 100/0/
0 in wt%) processed under the same conditions were studied by
DMA analysis. For the case pPLA CM5, it was not possible to ma-
chine DMA specimen that systematically broke during the
machining, highlighting a certain brittleness of the materials. Fig. 2
illustrated the viscoelastic responses of pPLA and PLA in the tem-
perature range from �100 �C to 120 �C at a frequency of 5 Hz.
Briefly, in the temperature range �30 �C to 50 �C, the plasticizing
led to a decrease of PLA storagemodulus and an increase of PLA loss
factor, indicating a lower ability to restore mechanical energy and a
higher ability to dissipate it, respectively. These findings confirmed
previous results where the differences between PLA and pPLAwere
discussed in details [16]. The glass transition temperature Tg was
defined as the corresponding peak position in the tan d e tem-
perature T curves. Tg was equal to 50 �C for pPLA CM1 and 65 �C for
PLA CM1. Consequently, the reactive extrusion of PLA with acryl-
PEG led to a decrease of Tg of about 15 �C in comparison with
neat PLA. Based on all the DMA data obtained at different fre-
quencies, no important impact of recycling was noted on the E’ - T,
E’’ - T and tan d e T curves. However, recycling caused a weak shift
of the cold-crystallization peak toward lower temperatures for
pPLAwhen comparing CM1 with CM3 (Fig. 2 (a)) and for PLAwhen
comparing CM1 with CM3 or CM5 (Fig. 2 (b)). Recycling also
engendered a decrease of the storage modulus of PLA when
comparing CM1 with CM3 or CM5 demonstrating a lower ability of
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PLA to restore mechanical energy after reprocessing (Fig. 2 (a)).
The typical tensile behavior of PLA and pPLA assessed at 50 �C

was represented in Fig. 3, while the extracted mechanical param-
eters at all the temperatures were reported in Table 1. In this part,
we decided to test all the materials at 50 �C and 80 �C, while at
20 �C only PLA CM1, pPLA CM1 and pPLA CM3 were tested. This is
due to the fact that tensile testing is material-consuming especially
for repeatability, it was hence chosen to promote tensile testing at
high temperatures for which PLA and pPLA may exhibit a high
ductility. At 20 �C, the tensile modulus of PLA CM1 was higher than
that of pPLA CM1 (3062.0 MPa vs. 1134.7 MPa), as was the case in
the evolution of the storage modulus E0 as a function of tempera-
ture in DMA measurement (Fig. 2 (a)). Moreover, plasticization
improved the ductility as shown by the increase of elongation at
break from 4.1% for neat PLA CM1 to 54.1% for pPLA CM1 yielding a
material having a wide elastoviscoplastic stage at 20 �C, as
described in a previous work [17]. At the same time, the plastici-
zation decreased the tensile resistance as shown by the decrease of
ultimate stress su from 71.9 MPa for PLA CM1 to 19.4 MPa for pPLA
CM1, and the decrease of yield stress sy from 77.9 MPa for PLA CM1
to 26.6 MPa for pPLA CM1. For the non-recycled materials, the
tensile modulus E decreased, the yield stress sy decreased, the ul-
timate strain εu increased and the ultimate stress su decreased with
increasing temperature. It is to be noted that PLA was very soft at
80 �C with a tensile modulus of about 2 MPa, and hence, achieved
the displacement limit of the machine corresponding to 800% of
elongationwith no breaking point. pPLAwas more ductile than PLA
Fig. 2. DMA analysis of PLA and pPLA after 1,3, and 5 processing cycles in the tem-
perature range from �100 �C to 120 �C at 5 Hz with some high temperature close-in
views: a) storage modulus E0 , and b) loss factor tan d.
only at room temperature, for the other temperatures the opposite
case was noted. The tensile modulus of pPLA did not significantly
vary with recycling, as noted for the storage modulus measure-
ments by DMA (Fig. 2 (a)). In contrast, pPLA ultimate strain mark-
edly decreased with recycling at all the temperatures,
demonstrating an important embrittlement of the material that
exhibited no or limited elastoviscoplasticity (Table 1). For example,
between CM1 and CM5, εu decreased from 142.3% to 5.2% at 50 �C,
and from 221.8% to 2.8% at 80 �C. Excepted at 20 �C, the ultimate
stress su of pPLA was quite constant with recycling (CM1 to CM3),
su of pPLA markedly decreased too with the recycling number.
Concerning PLA, recycling engendered a decrease of the tensile
modulus when comparing CM1with CM3 or CM5 at 50 �C, as noted
by DMA for the storage modulus measurements (Fig. 2 (a)). Con-
trary to pPLA, no embrittlement was noted in the case of PLA with
recycling. Only a decrease of the tensile resistance was observed
through the decrease of su when comparing the non-recycled
material with the materials processed 3 times or 5 times at 50 �C
and 80 �C.

The impact testing, carried out at 20 �C, showed for PLA a slight
decrease from the first to the third recycling cycle, but no change up
to the fifth (Table 1). Concerning pPLA, it was again not possible to
machine impact testing specimen that systematically broke during
the machining of the notch, showing again a certain brittleness of
the materials. pPLA CM1 exhibited a higher impact energy (4.7 kJ/
m2 compared to 3.6 kJ/m2 for PLA CM1), but after three recycling
cycles the impact energy of pPLA decreased to 2.1 kJ/m2 (pPLA
CM3), which was below that of the recycled PLA samples PLA CM3
(2.4 kJ/m2). Therefore, after 3 processing, the toughness of pPLA
decreased by 55.3%, while that of PLA decreased by 33.3%. The
toughness decrease was hence more marked for pPLA than for PLA.
It is important to mention here that due to different processing
conditions, we did not attain the toughness of pPLA indicated in a
previous study (101.6 kJ/m2 for PLA/acryl-PEG/L101 79/20/1 wt%)
[22]. Indeed, due to a motor torque limitation of the extruder it was
not possible to mix the same amount of material (12 g instead of
15 g) and use the same speed (50 rpm instead of 100 rpm). Our
processing conditions certainly lead to a less intense elongational
flow in the extruder compared to the previous study. It is thought,
that decreasing elongational flow yields to a lower dispersion state
of the plasticizer and free-radical initiator within PLA matrix, and
hence, to a non-optimal dispersion of the inclusions limiting the
toughness increase.

The thermal properties of PLA and pPLA were analyzed by DSC
and the extracted results were summarized in Table 2. pPLA
exhibited a higher crystallinity compared to PLA (Xc¼ 31.2% vs. Xc <
1%) that was considered as amorphous. An important finding was
that pPLA crystallinity increased slightly from 31.2% to 35.6% with
recycling. At the same time, PLA remained amorphous whichever
the processing number was. The determined crystallinity was
confirmed by x-ray diffraction (XRD) testing based on the meth-
odology reported in a previous work [14] (curves not shown here).
Another important finding was the presence of a double melting
peak for pPLA that is transformed into a simple melting peak with
recycling, while it was the opposite situation for neat PLA.
Furthermore, the main melting peak was positioned at
Tm¼ 151.0 �C for pPLA and Tm¼ 155.8 �C for PLA, indicating thinner
lamellae in the case of pPLA compared to PLA during the melting.
Based on the study of Ma et al. [23], the double melting peak in
pPLA can be interpreted as the presence of thin crystals with
different extent of perfection due to the grafting of plasticizer [24],
while for PLA, crystals may have a higher perfection and hence may
be thicker. Recycling caused a disappearance of the double peak for
pPLA indicating a higher perfection compared to pPLA processed
one time. On the contrary, recycling induced crystal imperfection in



Fig. 3. Influence of the processing cycle on the tensile curves engineering stress e engineering strain of pPLA and PLA as reference including a zoom-in view of the initial part of the
curves at 50 �C.

Table 1
Mechanical parameters with standard deviation obtained from tensile testing at 20 �C, 50 �C and 80 �C, and impact testing for pPLA and PLA as reference (n.t. stands for non-
tested, n.m. stands for non-measurable, no b.p. stands for no breaking point at the maximum crosshead displacement of the tensile machine).

Temperature Material Recycling cycle Tensile modulus E (MPa) Yield stress sy (MPa) Ultimate strain εu (%) Ultimate stress su (MPa) Impact energy (kJ/m2)

20 �C PLA CM1 3062.0 (±17.3) 77.9 (±2.3) 4.1 (±0.3) 71.9 (±0.1) 3.6 (±0.8)
CM3 n.t. 2.4 (±0.1)
CM5 n.t. 2.4 (±0.1)

pPLA CM1 1134.7 (±56.1) 26.6 (±0.4) 54.1 (±9.7) 19.4 (±1.0) 4.7 (±0.7)
CM3 1212.7 (±36.3) 2.3 (�) 3.2 (±2.3) 22.5 (±3.8) 2.1 (±0.2)
CM5 n.t. n.t.

50 �C PLA CM1 2511.5 (±2.4) 46.2 (±1.0) 272.0 (±2.0) 34.1 (±1.3)
CM3 1930.4 (±242.6) 42.2 (±4.5) 217.5 (±55.5) 22.5 (±4.2)
CM5 1458.0 (±296.8) 39.0 (±1.9) 233.7 (±92.5) 22.4 (±6.8)

pPLA CM1 297.1 (±10.4) 12.3 (±0.1) 142.3 (±9.5) 11.5 (±0.2)
CM3 273.4 (±18.6) 7.1 (±0.3) 6.6 (±0.5) 9.5 (±0.4)
CM5 285.5 (±7.3) 5.3 (�) 5.2 (±4.7) 5.3 (±0.6)

80 �C PLA CM1 2.9 (±0.5) 1.0 (±0.0) >800, no b.p. >11.9, no b.p.
CM3 2.7 (±0.1) 0.7 (±0.0) >800, no b.p. >4.1, no b.p.
CM5 2.5 (±0.2) 0.7 (±0.0) >800, no b.p. >1.5, no b.p.

pPLA CM1 131.6 (±12.5) n.m. 221.8 (±75.6) 6.9 (±0.1)
CM3 147.8 (±19.5) 4.5 (±0.4) 5.8 (±0.4) 5.8 (±0.7)
CM5 148.8 (±6.5) n.m. 2.8 (±0.5) 3.5 (±0.6)
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the case of PLA. PLA melting temperature (Tm) increased slightly
when comparing PLA CM1 with PLA CM3 or PLA CM5, while that of
pPLA was quite constant. Furthermore, for PLA the cold crystalli-
zation enthalpy (DHcc) increased with the processing number,
while the cold crystallization temperature (Tcc) decreased. In
contrast to PLA, pPLA did not exhibit any cold crystallization peak in
DSC unlike in DMA. Cold crystallization results from sufficient chain
mobility that leads to chain orientations. Zhang et al. [25]
demonstrated that the simple addition (without grafting) of
amorphous phase of poly(3-hydroxybutyrate-co-3-
hydroxyvalerate) (PHBV) and poly(butylene succinate) (PBS)
could activate the chain mobility of PLA and enhance the cold
crystallization. pPLAs structure was earlier described by Kfoury
et al. [13] as a PLA matrix plasticized with partially grafted
poly(acryl-PEG) that formed partially cross-linked inclusions. The
bonds between the PLAmatrix and the plasticizer phase can reduce
the PLA chainmobility and hinder the cold crystallization, while the
crystallization from the melted state is possible. It is to be noted
that cold crystallization of pPLA was observed by DMA testing that
was conducted at a lower heating rate (2 K/min) compared to DSC
(10 K/min). As shown in previous works [15,16], pPLA had a lower
glass transition temperature (Tg ¼ 34 �C) compared to amorphous
PLA (Tg ¼ 60 �C). After recycling, pPLA glass transition was little
visible and the exact glass transition temperature could not be
determined by DSC, but DMA measurement showed already that
recycling had no influence on Tg up to three processing. The glass
transition temperature of PLA (Tg) stayed stable with increasing the
recycling number (Fig. 4).

Based on their macroscopic behaviors, PLA and pPLA undergo
different degradation mechanisms, and hence, the plasticization
has an influence on the thermo-mechanical degradation of PLA.
Concerning molecular relaxations, DMA showed nearly no effect of
the recycling for pPLA, while PLA underwent a decrease of storage
modulus. A shift of cold-crystallization relaxation toward lower
temperatures was however observed for PLA and pPLA with recy-
cling. Tensile testing highlighted no change of tensile modulus for
pPLAwith recycling (as observed in DMA), but at the same time this
material was characterized by an important loss of ductility and
hence an embrittlement. Concerning PLA, tensile testing showed a
decrease of tensile modulus (as observed by DMA for the storage



Table 2
Data from DSC measurements with standard deviation.

Material Tg (�C) Tcc (�C) Tm (�C) DHcc (J/g) DHm (J/g) Xc (wt%)

PLA CM1 59.8 (±0.9) 127.4 (±1.9) 155.8 (±1.1) 9.0 (±3.6) 9.6 (±2.8) 0.6 (±1.2)
PLA CM3 58.9 (±1.1) 122.0 (±4.0) 158.8 (±1.2) 24.2 (±5.7) 25.3 (±4.6) 0.7 (±3.9)
PLA CM5 61.3 (±3.0) 118.4 (±1.5) 159.6 (±1.2) 30.0 (±3.4) 32.7 (±2.6) 1.8 (±2.2)
pPLA CM1 34.0 (±8.9) 63.3 (±5.5) 151.0 (±0.2) 2.2 (±0.8) 25.1 (±1.0) 31.2 (±1.5)
pPLA CM3 hardly visible no peak 152.4 (±0.5) 1.5 (±0.6) 26.1 (±1.8) 33.5 (±2.7)
pPLA CM5 hardly visible no peak 151.5 (±0.5) 3.2 (±1.7) 29.4 (±1.0) 35.6 (±1.1)
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modulus), and a decrease of tensile resistance. Impact testing
indicated a more marked decrease of toughness for pPLA than for
PLA with increasing the number of processing. The variation of
mechanical properties can be explained by variation of micro-
structure and molecular structure. For pPLA, the microstructure is
linked to the quantity, size and morphology of poly(acryl-EPG) in-
clusions [16], crystal quantity and morphology, and possible de-
fects/damage. The molecular structure is linked to molecular
weight, chemical structure, and chemical functions.

DSC testing provided first information enabling to understand
the effect of recycling on the microstructure and molecular struc-
ture of PLA and pPLA. The increase of the cold-crystallization
enthalpy of PLA is attributed to chain scission mechanisms, so
that shorter chains enhance the possibility of cold crystallization
[4e7]. However, Pillin et al. [4] recycled PLA up to seven times and
reported an increase of cold crystallization enthalpy, reaching a
plateau after the second recycling, and a decrease of DHcc after-
wards. They explained this behavior by a decrease of the molecular
weight and defined 132,000 g/mol as the critical molecular weight.
Below this molecular weight, the cold crystallization enthalpy
decreased again. In our study, PLA's molecular weight may be
higher than this critical value, since the crystallization enthalpy
increased up to the fifth processing. This increase of cold crystal-
lization enthalpy was accompanied by a decrease of the corre-
sponding cold crystallization temperature for PLA and the decrease
of PLA molecular weight can explain the decrease of tensile/storage
modulus, tensile resistance and toughness observed in the me-
chanical testing. Indeed, in the case of an amorphous matrix,
elasticity, tensile strength, and toughness decreased when the
entanglement density decreased or when the molecular weight
between entanglements increased [26,27]. Such changes of mo-
lecular structure may be induced by chain scission mechanisms, as
reported in Ref. [28]. Considering that chain scission would be
active in pPLA during recycling, as indicated by the shift of cold-
crystallization relaxation toward lower temperatures in the DMA
study, this mechanismwould be in competitionwith the increase of
Fig. 4. Representative DSC curves of a) PLA and
crystalline perfection and fraction for the control of mechanical
properties. Indeed, a higher crystallinity and more perfect crystals
would increase the storage/tensile modulus, tensile resistance and
toughness. It is believed that chain scission mechanisms and
crystallization mechanisms are in equilibrium concerning their
influence on the viscoelastic properties of pPLA (tensile modulus or
storage modulus) that are constant with increasing the recycling
number. However, other mechanisms may be active during the
viscoelastic stage of pPLA that worsen the mechanical properties of
pPLA. These mechanisms will be identified in the next sections
dedicated to pPLA microstructure and molecular structure.
3.2. Influence of the reprocessing on the microstructure

Although the PLAmatrix and the poly(acryl-PEG) inclusions had
a similar chemical structure and an exact differentiation in SEM of
both phases was complicated, Fig. 5 showed some topographical
differences when comparing non-recycled with recycled pPLA.
After the first cycle, pPLA exhibited some white areas, and hence,
some peaks scattering numerous secondary electrons (Fig. 5 (a)).
These white areas are probably the edges of the soft inclusions that
are deformed along the polishing direction. With increasing recy-
cling the edges of poly(acryl-PEG) phase seemed to be better
dispersed within the PLA matrix indicating that the inclusions may
be smaller (Fig. 5 (b)). For the last recycling cycle, the difference
between the two phases was less obvious than the previous cases
(Fig. 5 (c)). The dispersion of the inclusions seemed even higher
since the white edges were less visible (smaller inclusions), but at
the same time cracks appeared in the material. The latter are
obviously detrimental for the mechanical properties of the
materials.

AFM allowed a more detailed look on the evolution of the
poly(acryl-PEG) inclusions of pPLAwith recycling. Fig. 6 showed the
inclusions in the plasticized PLAmatrix after the first, third and fifth
cycle. Again, the structures of PLA and poly(acryl-PEG) lacked a
strong difference in AFM, but the evolution of inclusions was
b) pPLA after 1, 3, and 5 processing cycles.
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visible. First the inclusions embedded within the polymer matrix
were quite round and homogeneous, while the matrix/inclusions
interface seemed to be poor despite the existence of grafting. After
three processing steps (Fig. 6 (b)) the inclusions were hardly
observable, and appeared deformed and porous. Note that some of
the pores were ellipsoids with long axis oriented in the same di-
rection indicating shearing forces. In the last image (Fig. 6 (c)) a
high porosity was visible in the inclusion that appeared totally
fibrillated, and hence almost destroyed. This damage mechanism
may explain why inclusions edges were less visible in the SEM
investigation (Fig. 5 (c)). Recycling causes a deformation and a
damage of the inclusions that appear larger than in the non-
recycled pPLA but at the same time, we can obviously suppose
that the remaining fragments of poly(acryl-PEG) phases within the
inclusions have a reduced size. Some remaining fragments of
poly(acryl-PEG) phase were visible in Fig. 6 (c) for pPLA CM5. The
observed transformation of the inclusions may explain the matrix
cracking observed in the SEM study. Indeed, the inclusion damage/
fibrillation may significantly decrease the physical interactions
between the poly(acryl-PEG) phases and the PLA matrix. PLA ma-
trix is supposed to be hydrophobic, while PEG polymers are sup-
posed to be more hydrophilic [29,30]. This mechanism may lead to
local internal stress at the interface between poly(acryl-PEG) and
PLA and may create cracks. Another possible explanation may rely
on important chain scission mechanisms of the matrix that
generate local shrinkage, and finally cracking [31].

SEM and AFM studies reveal that poly(acryl-PEG) micro-in-
clusions in pPLA suffer from shape deformation, intrinsic damage
by the formation of porosity and finally fibrillation, which
contribute to create weak areas in pPLA. These weak areas may
localize mechanical stress and engender material breaking
explaining the reported brittleness of pPLA with recycling (Fig. 3,
Table 1). The interaction between i) the initial poor interface be-
tween the matrix and the inclusions (Fig. 6 (a)), ii) the porosity in
the inclusions (Fig. 6 (b)), iii) the fibrillation of the inclusions (Fig. 6
(c)) and iv) the matrix cracking (Fig. 5 (c)) was not assessed to date,
but it is hypothesized that these mechanisms may interact one to
another one during thematrix cracking and sample breaking. It is to
be noted that for other materials, recycling caused a decrease of the
inclusion size without damaging. For example, Wang et al. [5]
studied a material consisting of a polypropylene (PP) matrix with
dispersed ethylene octene copolymer inclusions. Likewise PLA
during recycling, PP matrix underlay mainly chain scission mech-
anisms, but a diminishment of the inclusion size was observed
without porosity formation. Beside an increase of PP crystallinity,
the decrease of inclusion size was held responsible for improve-
ment or stabilization of the mechanical properties compared to the
neat matrix material. In this previous study, the inclusions were not
grafted to the polymer matrix, which may indicate that in our case
the inclusion grafting may be at the origin of the severe damage of
the poly(acryl-PEG) micro-inclusions.
Fig. 5. SEM images of pPLA after a) 1,
3.3. Influence of the reprocessing on the molecular structure

First it is important to confirm, that chain scission is the main
degradation mechanism in PLA. Based on SEC measurement, the
weight average molecular weight of PLA decreased from 289,000 g/
mol (CM1) to 154,000 g/mol (CM5), whereas the dispersity did not
vary during recycling (Table 3). The diminution of the molecular
weight with stable dispersity affirms the suggestion of a random
chain scission mechanisms through the formation of free radicals,
which was described earlier and in the literature as the main
mechanisms in PLA degradation [10]. Due to the absence of mois-
ture in the materials that were systematically dried before pro-
cessing and reprocessing, it is supposed that hydrolysis is not active
during recycling. Furthermore, FTIR and 1H NMR analyses attest a
simple chain scission mechanism, since no functional group
different from the original PLA structure was observed (results not
shown here). In 1H NMR, PLA possessed two signals: one doublet at
1.58 ppm and a quartet at 5.16 ppm dedicated to the CH3 group and
the CH group, respectively. PLA oligomers, with a lower molecular
weight, also provided a peak at 4.37 ppm dedicated to the end-
groups [32]. Even the recycled materials missed a peak dedicated
to the end-groups, leading to the assumption that chain scission
mechanisms suffice a reduction of molecular weight but no for-
mation of oligomers. FTIR analysis provides as well no change after
recycling. The main peaks of PLA were the asymmetric and sym-
metric CeH stretching of the CH3 group and the CH3 deformation
vibration at 2995 cm�1, 2945 cm�1, and 1452 cm�1, respectively.
The chemical structure of PLA gave strong bands of oxygen func-
tions, especially in the carbonyl band region 1700e1750 cm�1 and
the observation of oxidation was not possible [33,34].

It is important to mention, that SEC analysis of pPLA was not
possible, which was presumably due to a partial cross-linking
during the reactive extrusion. The pPLA samples could not be dis-
solved in the SEC solvent sufficiently. Likewise PLA, no change of
chemical functions was observed in 1H NMR (spectra not shown
here) and FTIR for pPLA (Fig. 7). However, the amount of plasticizer
did not change after several recycling cycles. In 1H NMR, the ratio
between the PLA-protons (doublet at 1.58 ppm or quartet at
5.16 ppm at ppm) and PEG-protons (singlet at 3.59 ppm) remained
stable. The calculation of the acryl-PEG amount from 1H NMR re-
sults, led to amounts of 14.8 wt%, 14.6 wt%, and 14.3 wt% for the
samples after 1, 3, and 5 cycles, respectively. The lower detected
amount of acryl-PEG compared to the initially added amount of
20 wt% could assist the assumption of a partial cross-linking. The
sample was partially dissolved and not the whole sample was
detected in NMR. It is to be noted that the assumption of cross-
linking was approved by gel formation. PLA and pPLA pellets
were swollen in chloroform for 48 h. While the PLA was dissolved
completely, pPLA formed a gel. The gel was not stable enough to be
separated, but the test proved the existence of cross-link bonds in
pPLA even after 5 recycling cycles.
b) 3, and c) 5 processing cycles.



Fig. 6. AFM phase images of pPLA inclusions: a) initial inclusions in pPLA CM1, b) slightly deformed inclusions with porosity in pPLA CM3, and c) strongly deformed inclusions with
fibrillation and high porosity in pPLA CM5 (inclusions were surrounded on each image).

Fig. 7. FTIR spectra of pPLA after 1, 3, and 5 processing cycles.
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Fig. 8 illustrated the frequency depending viscosity for PLA and
pPLA from rheology measurements. The viscosity for pPLA CM1
was lower than for PLA CM1, which could be reasoned to a higher
dispersity in pPLA due to the radical grafting reaction. It is evident,
that the viscosity for both materials decreased with recycling
indicating a degradation of the material with reprocessing. The SEC
results for PLA indicated a decrease of the molecular weight and at
the same time an unchanged dispersity index. In general, a
decrease of the molecular weight is related to a decrease in the
viscosity. Assuming that the matrix in pPLA underlies the same
degradationmechanisms like PLA, the dispersity index is stable and
the decreasing viscosity indicates a decrease of molecular weight
with recycling. For both materials, PLA and pPLA, the curves show a
Newtonian plateau. Despite the cross-linking in pPLA the plateau is
visible, which leads to the assumption that the cross-linking exists
in a low quantity. It is important to mention that pPLA CM3 and
CM5 showed scattering of the viscosity at low frequencies, which
indicates important degradation mechanisms. In particular, this
finding shows that degradation is more marked for pPLA than for
PLA from the recycling number 3 since no scattering of viscosity
value was noted for PLA.

The calculation of chain scission number (s) gave a qualitative
information about the degradation and can be calculated with the
initial molecular weight (Mi

w) and the molecular weight after a
recycling step (Mw) (equation (4)). Accordingly, the chain scission
number for PLA CM3 and CM5 was calculated with the molecular
weights from SEC measurements. Since a direct determination of
the molecular weight of pPLA was not possible with SEC due to
insufficient solubility, the molecular weight was substituted by
viscosity from the Mark-Houwink equation (equation (5)). This
equation gave a correlation between the viscosity h and the mo-
lecular weight M with the system depended parameters k and a.

s ¼ Mi
w

Mw
(4)

h ¼ kMa (5)

The parameter k was considered to be not influenced by the
recycling. Therefore, the chain scission number could be described
by equation (6). The a value was determined for PLA by an opti-
mization to obtain the same values for the chain scission as
Table 3
Molecular weight (Mw) and dispersity (D) with standard deviation for PLA after 1, 3, a

PLA CM1

Mw (g/mol) 2.89 Eþ5 ± 0.03 E þ 5
D (Mw/Mn) 2.21 ± 0.21
determined with the molecular weight from SEC. The optimized a
value was taken to calculate the chain scission number for pPLA.

s ¼

ffiffiffi
hi
k

a
q
ffiffiffiffi
hf

k
a
q � 1 ¼

ffiffiffiffiffiffiffiffiffiffiffi
hi
k
$
k
hf

a

s
� 1 ¼

ffiffiffiffiffi
hi
hf

a

s
� 1 (6)

The calculation of s pPLA reported in Table 4 was just an
approach for the given assumptions, that PLA matrix in pPLA
behaved like PLA and that the parameters from Mark-Houwink
equation were the same. Nevertheless, the calculation supported
the hypothesis that the PLA matrix was stronger damaged in pPLA
than in PLA. The chain scission number for pPLA was nearly double
(0.85 for pPLA and 0.44 for PLA) after 3 recycling steps compared to
the PLA material without plasticizer and increased to 1.48 for pPLA
CM5, which means that more chains are cut during the recycling
process. In particular, the molecular of pPLA weight is stronger
decreased and the material becomes more brittle compared to PLA
with recycling.

Soxhlet extraction with methanol allowed a separation of the
non-grafted amount of plasticizer from the plasticized and partially
cross-linked PLA matrix [15,16]. Non grafted poly(acryl-PEG) was
soluble in methanol and hence was extracted, while the PLA matrix
nd 5 processing cycles from SEC (with polystyrene standard).

PLA CM3 PLA CM5

1.99 Eþ5 ± 0.04 E þ 5 1.54 Eþ5 ± 0.10 E þ 5
2.25 ± 0.13 2.20 ± 0.16



Fig. 8. Viscosity measurements in dependency on the frequency for PLA and pPLA
after 1,3, and 5 processing cycles.
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was insoluble. The amount of extracted fraction ascended from
7.3 wt% after the first cycle to 9.0 wt% after the third cycle to 10.7 wt
% after 5 cycles (Table 5). Even though, in the 1H NMR of the whole
sample no formation of PLA oligomers was observed, the analysis of
the extracted fraction by 1H NMR showed an increasing amount of
PLA from 3.3 wt% after the first reprocessing to 24.7 wt% after the
fifth reprocessing. The real values of extracted PEG fraction were
calculated from this data (Table 5) and indicated just a small in-
crease from 7.1 wt% to 8.1 wt% after 1 and 5 processing, respectively.
Contrary to the above mentioned assumption, that the PLA matrix
was not disturbed by the extraction, these results prove that PLA is
partially extracted. Methanolysis of PLA was proved to occur in
presence of catalysts [35,36], but the results of Soxhlet extraction
create the impression, that the presence of poly(acryl-PEG) en-
hancesmethanolysis as well. With increasing recycling number, the
amount of extractable PLA in pPLA increased, while in the samples
of neat PLA no increase of this fraction was observed (extracted
fraction for PLA CM1, CM3 and CM5z 0.3 wt%). These findings lead
to the assumption that the plasticizer phase increases the degra-
dation of PLAmatrix. Concerning the poly(acryl-PEG) inclusions, on
the one side the partial cross-linking remained, which was proved
by the solubility (SEC), the unhanged amount of soluble PEG (1H
NMR), and the possibility of gel formation after recycling. On the
other side a slightly higher amount of poly(acryl-PEG) was
extractedwith averagemolecular weights between 6800 g/mol and
590 g/mol (Fig. 9). The peak of highermolecular weight belonged to
the oligomers of acryl-PEG, which were not grafted and could be
extracted easily. The second peak was associated to PEG oligomers,
which did not graft during the reactive extrusion or were unhinged
from the poly(acryl-PEG) inclusions. With increasing recycling the
peak of single units became broader and more molecules with
molecular weight between 580 g/mol and 6800 g/mol were
extracted. Since the partial cross-linking endure the recycling, the
extracted poly(acryl-PEG) was part of the inclusions before recy-
cling and hence, the amount of boned poly(acryl-PEG) in inclusions
seem to be diminished. Furthermore, the observed porosity in AFM
(Fig. 6) could simplify the extraction of PEG units from the
poly(acryl-PEG) inclusions. As mentioned above PLA with a high
molecular weight could not be extracted by methanol, but low
molecular weight PLA (like lactic acid monomer) seemed to be
extracted by hot methanol. The peak with the higher average mo-
lecular weight increased with recycling and became broader. The
extracted PLA seemed to be in this molecular weight range (around
and below 6800 g/mol). From these results we conclude two
important parts of the degradation mechanisms of pPLA. First,
poly(acryl-PEG) phase size in the PLA matrix is diminished con-
firming AFM investigation, while the cross-linking remains, and
second, PLA is degraded to low molecular weight PLA by chain
scission and can be extracted with hot methanol. These findings
confirm the observed higher degradation for pPLA in rheology
measurements and could be reasoned by a higher hydrophilicity
induced by PEG based polymers that was already described in the
literature [37].

3.4. Degradation scheme of plasticized PLA

Despite the initial assumption, the PLA matrix in pPLA is
differently affected by recycling than unmodified PLAmatrix. Fig.10
illustrates the main degradation mechanisms in pPLA during mul-
tiple processing affecting the matrix and the inclusions. The
degradation of PLA matrix leads to shorter PLA chains, and at the
same time its crystallinity increases. Furthermore, the initial
spherical inclusions are deformed, damaged and fibrillated
engendering a decrease of poly(acryl-PEG) phase size and leading
to a high porosity in the material. It is important to mention that
the inclusion grafting and cross-linking endure the recycling. For
high recycling number, a crack formation occurs within the poly-
mer matrix. Cracking may be due to the loss of physical interaction
between the PLA matrix and the poly(acryl-PEG) phases, and the
important chain scissionmechanisms of thematrix yielding to local
shrinkage and then cracking. The damage of the inclusions
engendering porosity, and the polymer matrix cracking are
believed to be responsible for the material brittleness observed
during tensile and impact testing.

The main difference between the recycling mechanisms of PLA
and pPLA is the damage of the PLA matrix. In PLA the matrix seems
to be more stable and just simple chain scission occurs, which just
lowers the tensile resistance and toughness, while PLA remained
ductile. In contrary, in pPLA the PLA matrix underlies a stronger
degradation in comparison with neat PLA. In particular, chain
scission was accelerated and the molecular weight decreased
strongly, so that low molecular weight PLA was extracted by
methanol in the case of pPLA. Indeed, the 1H NMR analysis proved
an increasing amount of PLA in the extracted fraction and SEC
showed that the extracted fraction has molecular weights between
580 g/mol and 6800 g/mol, so that PLA degraded to short chains.
This phenomenon could be reasoned by the different hydropho-
bicity of the materials. The more hydrophilic nature of pPLA
compared to PLA could support the hydrolytically induced degra-
dation of the PLA matrix [37,38].

4. Conclusions

The work aimed at identifying the different degradation
mechanisms occurring during the thermo-mechanical recycling of
a plasticized PLA (pPLA) grade and to compare them to those of a
neat PLA grade. The pPLA consisted of a plasticized PLAmatrix with
dispersed inclusions of poly(acryl-PEG) that were partially grafted
onto the PLA backbone yielding to a partial cross-linking of the PLA
matrix. Both materials were characterized at the macroscopic scale
bymechanical and thermal testing, at the microstructure scale, and
at their molecular scale after 1, 3 and 5 processing cycles.



Table 4
Chain scission number for PLA calculated with molecular weight from SEC and chain scission number for PLA and pPLA calculated with the viscosity from rheology mea-
surements at 1 Hz and an optimized value a ¼ 2.9 (n.m. stands for non-measurable).

s from GPC s from rheology (with a ¼ 2.9)

PLA CM3 0.45 0.44
CM5 0.88 0.88

pPLA CM3 n.m. 0.85
CM5 n.m. 1.48

Table 5
Extracted fraction EF (in wt%) for PLA and pPLA after Soxhlet extraction with methanol.

Soxhlet extraction EF in wt% Amount of PLA in the extracted fraction in wt% Amount of extracted PEG in wt%

pPLA CM1 7.9 3.3 7.1
pPLA CM3 9.4 14.7 7.7
pPLA CM5 10.5 24.7 8.1

Fig. 9. SEC of soluble fraction after Soxhlet extraction with methanol.
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For PLA, the main degradation mechanismwas a simple random
chain scission. The molecular weight gain from 289,000 g mol�1 to
154,000 g mol�1 was proved by SEC and led to a higher chain
mobility that was confirmed by a higher ability of cold crystalli-
zation in DSC. At the same time PLA remained amorphous as shown
by DSC measurements. The analysis of chemical structure by FTIR
and 1H NMR indicated no additional chemical function (end groups
of PLA) compared to the non-recycled PLA. So, only a random chain
scission mechanism was active during PLA recycling and was
believed to be responsible for the decrease of storage modulus and
tensile modulus, decrease of tensile resistance and decrease of
toughness.

In pPLA, the clarification of the degradationmechanisms needed
Fig. 10. Schematic degradation of pPLA
a differentiated look on different components interacting one each
other. The mechanical properties worsened from the first pro-
cessing to the third processing strongly and the material became
brittle since it markedly loosed tensile ductility and its toughness
dropped. Note that the viscoelastic properties of pPLA were unaf-
fected by the recycling (constant storage modulus and tensile
modulus). SEM and AFM imaging proved that the inclusions of
poly(acryl-PEG) underwent a marked transformation with reproc-
essing characterized by a deformation of their shape, damaging
mechanisms through the formation of porosity, and fibrillation
leading to a decrease of their size. For the highest number of pro-
cessing, SEM highlighted the formation of cracks in the polymer
matrix. The origin of these crackswas not completely clarified. They
can be due to the coupling of poly(acryl-PEG) phase size reduction
and porosity formation that may decrease the physical interactions
between the matrix and poly(acryl-PEG). They can also be due to
chain scission mechanisms of the polymer matrix inducing chain
shrinkage and finally cracks. While FTIR and 1H NMR analysis
exposed again no change in the chemical functions, the conduction
of SEC was not possible due to cross-linking that survived reproc-
essing up to 5 times. The increase of crystallinity after reprocessing
proved a higher mobility due to chain scission, but the lack of cold
crystallization noted in DSC measurements supports the assump-
tion that cross-linking may endure the reprocessing. Since the
viscosity decreased for pPLA with the recycling, a degradation of
the PLA matrix in pPLA by a chain scission mechanism seemed to
dominate here as well. By the calculation of the chain scission
number s from the rheology data, it was shown that the pPLA
matrix underlies a stronger degradation than the neat PLA. The
chain scission number was nearly double for pPLA compared to
PLA. Only after separation of the plasticized matrix phase and the
non-grafted plasticizer by Soxhlet extraction with methanol, it was
after 1, 3, and 5 processing cycles.
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possible to further identifying the degradation mechanisms of
pPLA. While the cross-linking and poly(acryl-PEG) grafting were
not influenced, the amount of extracted fraction increased and a
higher amount of PLA in the extracted fraction was detected by 1H
NMR. These results show on the one side, that poly(acryl-PEG)
phase size was diminished, since the extracted PEG fraction
increased, and on the other side, that the PLA matrix was strongly
degraded, since the molecular weight decreased to a value that the
PLA can be extracted by methanol. It was concluded that the in-
crease of pPLA crystallinity and chain scission mechanisms were in
equilibrium in controlling the viscoelastic properties of the mate-
rial that were constant with recycling. Concerning elastovisco-
plastic properties of pPLA, the matrix cracking and the inclusions
damage were believed to be responsible for the observed embrit-
tlement. A general scheme summarizing the degradation mecha-
nisms of pPLA was proposed.

The current work exhibits new facets about the thermo-
mechanical recycling of plasticized bio-based polymers obtained
by reactive extrusion. At the actual state, plasticized PLA by reactive
extrusion cannot be recycled and reused for the same application.
The identification of the degradation mechanisms of such multi-
phase systems should be taken into account for the development of
new plasticized materials that could endure the thermo-
mechanical constraints of recycling. As other perspective of this
work, the thermo-mechanical recycling of bio-based polymers has
to better reflect industrial realities. To this end, we are currently
simulating their recycling by developing scale-up extrusion
procedures.
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1. Introduction

During the last decade, much effort has been provided to 
the use of renewable resources due to increasing environ-
mental concern and depletion of petrochemical resources. 
Cardanol oil is a renewable and organic natural resource 
that is obtained via the vacuum distillation of roasted 
cashew nut shell liquid (CNSL) obtained from the spongy 
mesocarp of cashew nut shells, a byproduct of cashew nut 
processing.[1] Owing to its versatile chemical structure 
and low cost, cardanol and its derivatives are considered 
as a promising raw material to develop new derived-
biobased materials. In fact, the chemistry of cardanol is 
being an interesting area in the framework of academic 
and industrial research, mainly for the preparation of new 
ecofriendly chemicals, composites, and functional organic 
materials.[2,3] Cardanol and its derivatives found major 
applications in biocomposites, synthetic resins, epoxy 
curing agents, and coatings.[3,4] Cardanol is composed of 

A novel biobased plasticizer made of cardanol is designed for poly(lactide) (PLA). This cardanol-
derived plasticizer, i.e., methoxylated hydroxyethyl cardanol (MeCard), is synthesized through 
methoxylation of the double bonds on the side chain of cardanol, and characterized by 1H 
NMR and mass spectrometry. The plasticization effect of MeCard on the molecular structure, 
morphology, thermal and mechanical properties of PLA is evaluated and compared to that of 
a commercial cardanol, i.e., hydroxyethyl cardanol (pCard). 
The plasticization efficiency of MeCard is demonstrated by 
a substantial decrease of the glass transition temperature 
and storage modulus together with a significant increase of 
the elongation at break as compared to neat PLA. Moreover, 
MeCard exhibits higher plasticization performance than 
pCard toward PLA. Such behavior is related to a higher misci-
bility and compatibility between PLA and MeCard thanks to 
the methoxylation of the double bonds on the side chain of 
cardanol as shown by SEM micrographs.
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3-n-pentadecylphenol (20%–30%), 3-(pentadeca-8-enyl)-
phenol (70%–80%), 3-(penta-deca-8,11- dienyl)-phenol 
(nearly 5%), and 3-(pentadeca-8,11,14-trienyl) phenol (less 
than 5%).[2] Peculiar properties of cardanol and its deriva-
tives, such as the relatively high solubility in non-polar 
environments and good processability, can be ascribed 
to the presence of the C15 chain attached to the meta-
position of the phenolic ring.[2] The intrinsically reactive 
alkyl chain constitutes an interesting platform for chem-
ical modification and functionalization.[4–6] For instance, 
cardanol-grafted rubbers have been produced by chemical 
grafting through the C15 side chain and has shown sig-
nificant plasticizing effect.[7–9] Furthermore, phosphoryl-
ated cardanol has been shown to be an efficient plasticizer 
for ethylene-propylene-diene rubber, polychloroprene 
and polybutadiene rubber, natural rubber/EPDM ter-
polymer blends, and LLDPE/EVA copolymer blends.[7,9–11] 
Greco et al. have also reported that cardanol acetate and 
epoxidated cardanol acetate, the esterified derivatives of 
cardanol, are effective plasticizers for poly(vinyl chloride) 
(PVC).[12,13] Indeed, it was shown that esterification of the 
hydroxyl group of the cardanol molecule is necessary in 
order to achieve a good miscibility of cardanol with PVC. 
Miscibility between cardanol and PVC can be further 
enhanced by insertion of an epoxy bond on the side chain 
of cardanol.[4,12,13]

Poly(lactide) (PLA), a well-known biodegradable and 
biobased polyester, has attracted growing interest in dif-
ferent markets, such as packaging, biomedical, electronic 
and automotive industries.[14–19] Despite its numerous 
advantages such as high strength and high modulus, high 
optical properties, and biocompatibility, PLA has some 
inherent brittleness, which limits its application.[20] Plas-
ticization is commonly used to improve the processability 
of thermoplastics or to increase the flexibility and tough-
ness as well as impact strength of glassy polymers.[21–24] 
Though blending PLA with plasticizers enhances its 
mechanical properties, most of these plasticizers are 
petroleum-based compounds.[25] Hence, there is a high 
need to look at alternative sources of plasticizers derived 
from biobased resources to design fully renewable poly-
meric blends.

The purpose of the present study is to propose a novel 
family of biobased plasticizers made of cardanol for PLA. 
The plasticizers should not compromise the biobased, bio-
degradable, and sustainable nature of PLA-based mate-
rials and they should be able to improve PLA mechanical 
properties. To the best of our knowledge, this is the first 
time cardanol and its derivatives are used as potential 
plasticizers for PLA.

In this work, a novel cardanol-derived plasticizer was 
synthesized through methoxylation of the double bonds 
on the side chain of cardanol (C15 chain attached to 
the meta position of the phenolic ring). The motivation 

behind designing methoxylated cardanol, i.e., meth-
oxylated hydroxyethyl cardanol (5) (MeCard), lies on the 
improvement of the compatibility properties with PLA. 
Indeed, as clearly demonstrated in this paper, a lack of 
miscibility between the commercial pCard and PLA is 
observed. Hence, MeCard is expected to improve the plas-
ticizing effect and mechanical properties of PLA as com-
pared to non-modified cardanol. Finally, the plasticization 
effect of pCard versus MeCard on the chemical structure, 
morphology, thermal and mechanical properties of PLA 
was evaluated.

2. Experimental Section

2.1. Materials

Poly(lactide) (PLA) was supplied by NatureWorks LLC under the 
reference 4042D. Cardanol as well as hydroxyethyl cardanol 
(NX9001LV) were obtained from Cardolite. 2-Bromoethanol, tert-
butyldimethylsilyl chloride (TBDMSCl), imidazole, potassium 
carbonate (K2CO3), AD-mix α, methanesulfonamide (CH3SO2NH2), 
tert-butanol (t-BuOH), sodium sulfite (Na2SO3), sodium hydride 
(NaH), iodomethane, tetrabutyl ammonium fluoride (TBAF), and 
chloroform (CHCl3) were purchased from Sigma Aldrich. Tetrahy-
drofuran (THF) was obtained from Chem-Lab Analytical. n-Hep-
tane and ethyl acetate were purchased from Fisher Scientific. All 
reagents were used as received without preliminary purification.

2.2. Preparation and Synthesis

The purification of the commercial NX9001LV to recover pure 
hydroxyethyl cardanol and the synthesis of a methoxylated 
hydroxyethyl cardanol from cardanol are summarized in 
Scheme 1a,b, respectively. Details about each step are provided 
below.

2.2.1. Purification of Hydroxyethyl Cardanol

NX9001LV is an industrial “polyol” resin grade. Its generic 
structure is depicted in Scheme 1a. The main constituent is a 
hydroxyethyl cardanol (n = 0, Scheme 1a), while dimers and 
larger oligomers of hydroxyethyl cardanol (R=CH2CH2OH) 
and/or cardanol (R=H) polymerized with formaldehyde are 
also present for half of the weight. A purified version of 
NX9001LV—further noted pCard—was obtained after purifi-
cation over silica gel column chromatography using heptane/
ethyl acetate (8/2 to 7/3). The oil isolated after purification was 
a mixture of saturated, mono-, di-, and triunsaturated conge-
ners of the targeted hydroxyethyl cardanol (>80%, w/w) while 
a dimeric impurity (hydroxyethyl cardanol/cardanol) still 
remains for less than 20% w/w (Scheme 1a). 1H NMR (400 MHz, 
CDCl3): δ = 7.19 (t, 1H, JHH = 7.8 Hz, 1HAr), 6.81–6.73 (m, 3HAr), 
5.87–5–77 (ddt, 0.46H, JHH = 10.14 Hz, JHH = 17.04 Hz, JHH = 6.18 
Hz, CH CH2), 5.48–5.30 (m, 4.19H, CH ), 5.05 (dq, 0.51H, JHH = 
17.12 Hz, JHH = 1.86 Hz, CH2 CH), 4.99 (dq, 0.51H, JHH = 10.15 Hz,  
JHH = 1.59 Hz, CH2 CH), 4.08 (m, 2H, CH2 O), 3.96 (m, 2H, CH2 O), 
2.81 (m, 2.55H, CH CH CH2 CH CH), 2.56 (m, 2.66H, CH2 Ar),  
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2.03 (m, 5.04H, C H 2  CH ), 1.61 (m, 2.96H, C H 2  CH 2 Ar), 
1.43–1.26 (m, 17.48H, (C H 2  ) n ), 0.90 (m, 2.59H, C H 3  ) (Figure S1 in 
the Supporting Information).  

  2.2.2 .        Synthesis of Methoxylated Hydroxyethyl Cardanol (5) 

 Compound numbers  1–5  and congeners  a–c  (tri-, di-, and mono-
unsaturated congeners of cardanol, respectively) refer to Scheme  1 b. 

  2-Bromoethoxy-tert-butyldimethylsilane (1) : 2-Bromoethanol 
(15 g, 8.5 mL, 0.12 mol) was dissolved in tetrahydrofuran 
(500 mL) and placed in a 1 L round-bottom fl ask. Imidazole (10.6 g, 
0.16 mol) and  tert -butyldimethylsilyl chloride (23.5 g, 0.16 mol) 
were added under stirring. After one night at room temperature, 
the reaction was quenched by adding 400 mL of a saturated 
solution of ammonium chloride. The aqueous layer was washed 
with ethyl acetate and the organic layer with a saturated aqueous 
solution of sodium chloride. The organic layer was then dried over 
magnesium sulfate and fi ltered. The solution was concentrated 
under vacuum. The crude product was purifi ed under silica gel 
column chromatography using heptane/dichloromethane (9/1 
to 7/3) as eluent to provide  1  (17.6 g, 70 mmol, 61%).  1 H NMR 
(400 MHz, CDCl 3 ): δ = 3.89 (t, 2H,  J  HH  = 6.55 Hz, C H  2 OTBDMS), 3.39 
(t, 2H,  J  HH  = 6.55 Hz, C H  2 Br), 0.90 (s, 9H,  tert -Bu), 0.09 (s, 6H, 2Me) 
(Figure S2a in the Supporting Information). 

  Cardoxyethoxy-tert-butyldimethylsilane (2) : Cardanol 
(7 g, 23 mmol) was diluted in acetone (300 mL).  1  (16.8 g, 
70 mmol) and potassium carbonate (29 g, 0.2 mol) were added. 
After 48 h at refl ux, the mixture was cooled to room temperature 
and a saturated solution of ammonium chloride (250 mL) was 
added. The aqueous phase was washed with ethyl acetate 
and the organic phase was washed with saturated solution of 
sodium chloride and dried over magnesium sulfate. The crude 
product was purifi ed under silica gel column chromatography 
using pentane/dichloromethane (8/2 to 6/4) as eluent.  1 H NMR 
(400 MHz, CDCl 3 ):  δ  = 7.17 (m, 1H Ar ), 6.77–6.71 (m, 3H Ar ), 5.81 (ddt, 
0.32H,  J  HH  = 10.06 Hz,  J  HH  = 17.11 Hz,  J  HH  = 6.31 Hz, C H CH 2 ), 
5.47–5.30 (m, 3.08H, C H ), 5.05 (dq, 0.35H,  J  HH  = 17.08 Hz, 
 J  HH  = 1.75 Hz, C H 2  CH), 4.98 (dq, 0.35H,  J  HH  = 10.09 Hz,  J  HH  = 1.55 Hz, 
C H 2  CH), 4.03 (m, 2H, C H 2  O), 3.97 (m, 2H, C H 2  O), 2.81 (m, 2H, 
CH CH C H 2  CH CH), 2.57 (m, 2H, C H 2  Ar), 2.03 (m, 3.15H, 
C H 2  CH ), 1.60 (m, 2.55H, C H 2  CH 2 Ar), 1.42–1.26 (m, 12.83H, 
(C H 2  ) n ), 0.91 (m, 10.33H, C H 3   +  t BuSi), 0.10 (s, 6H, 2 C H 3  Si) 
(Figure S2b in the Supporting Information). 

  Hydroxylated Cardoxyethoxy-tert-butyldimethylsilane (3) : A 
room temperature mixture of AD-mix α (56 g) in  tert -butanol/
H 2 O 1/1 (450 mL) was stirred until both phases became 
clear. Methanesulfonamide (1.8 g, 19 mmol) was added and 
the mixture was cooled to 0 °C. A solution of  2  (9 g, 19 mmol) 
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 Scheme 1 .       A) Structures of the commercial polyol resin NX9001LV and its purifi ed version noted pCard composed of hydroxyethyl cardanol 
and a hydroxyethyl cardanol/cardanol dimeric residual impurity. B) Synthesis route to produce a methoxylated hydroxyethyl cardanol 
(noted MeCard) from pure cardanol (lite2023).
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in tert-butanol/H2O 1/1 (50 ml) was added and the reaction 
mixture was stirred vigorously at 0 °C overnight. Sodium sulfite 
(56 g) was added and the mixture was stirred for 30 min. The 
mixture was diluted with ethyl acetate and H2O. The organic 
phase was washed with 20% aqueous sodium hydroxide solution 
and saturated aqueous sodium chloride solution. The organic 
layer was then dried over magnesium sulfate and filtered. The 
solution was concentrated under vacuum. 1H NMR (400 MHz, 
CDCl3): δ = 7.17 (m, 1HAr), 6.73 (m, 3HAr), 4.04–3.60 (m, 8.6H, 
CH2 O+CH OH+CH2 OH), 2.55 (m, 2H, CH2 Ar), 2.07–1.25 
(m, 19.7H, (CH2)n), 0.91 (m, 10.8H, CH3 + tBuSi), 0.10 (s, 6H, 
2 CH3Si) (Figure S2c in the Supporting Information).

Methoxylated Cardoxyethoxy-tert-butyldimethylsilane (4): 
Sodium hydride (4.1 g, 0.17 mol) was added to a stirred solution 
of 3 (10.6 g, 20 mmol) in tetrahydrofuran (125 mL) at 0 °C. After 
5 min, iodomethane (21 mL, 0.34 mol) was added. After 10 min, 
the cooling bath was removed and the reaction mixture stirred at 
room temperature overnight. Brine (200 mL) was slowly added and 
the organic layer was extracted with ethyl acetate. The combined 
organic layers were dried over magnesium sulfate and filtered. 
The solution was concentrated under vacuum. The crude product 
was purified under silica gel column chromatography using 
heptane/ethyl acetate (7/3 to 0/10) as eluent. 1H NMR (400 MHz,  
CDCl3): δ = 7.16 (m, 1H, HAr), 6.73 (m, 3HAr), 4.04–3.94 (m, 4H, 
2 CH2 O), 3.55–3.15 (m, 15H, CH3 O, CH OCH3), 2.56 (m, 
2H, CH2 Ar), 1.89–1.23 (m, 21H, (CH2)n), 0.91 (m, 12H, CH3 +  
tBuSi), 0.10 (s, 6H, 2 CH3Si) (Figure S2d in the Supporting 
Information).

Methoxylated Hydroxyethyl Cardanol (5): A mixture of 
tetrabutyl ammonium fluoride 1 m solution in tetrahydrofuran 
(150 mL, 150 mmol, 10 eq) and 4 (9.6 g, 15 mmol) were stirred 
at room temperature overnight. After removal of solvent, the 
residue was diluted with water and extracted with ethyl acetate. 
The organic layer was washed with brine, dried over magnesium 
sulfate and concentrated. The crude product was purified under 
silica gel column chromatography using heptane/ethyl acetate 
(2/8 to 0/10) as eluent.

The methoxylated hydroxyethyl cardanol (MeCard) was 
a mixture of four constituents with different unsaturation 
degrees on the side chain. The saturated, mono-, di-, and triene 
derivatives have a natural occurrence around 5%, 49%, 16%, 
and 30%, respectively. 1H NMR (400 MHz, CDCl3): δ = 7.18 (t, 1H, 
JHH = 7.68 Hz, HAr), 6.76 (m, 3HAr), 4.08 (m, 2H, CH2 O), 3.95 
(m, 2H, CH2 O), 3.56–3.15 (m, 15H, CH3 O + CH OCH3), 2.57 
(t, 2H, JHH = 7.76 Hz, CH2 Ar), 1.85–0.86 (m, 25H, (CH2)n, CH3) 
(Figure S2e in the Supporting Information).

2.3. Processing

Before processing by melt-blending, PLA pellets were first dried 
overnight at 50 °C in a vacuum oven (Heraeus, Thermo Scientific) 
to minimize the water content for melt-blending. Dry pCard and 
MeCard were used without any particular precaution.

All melt blends PLA-pCard and PLA-MeCard were performed 
using a co-rotating twin screw micro-compounder (DSM Xplore 
Research) under argon atmosphere. Barrel temperature was set 
at 180 °C. Melt temperature was measured before and during 
the process (≈170 °C –175 °C). Screw speed was fixed to 100 rpm 
and the residence time to 5 min. The content of plasticizer (pCard 

and MeCard) is chosen to be 20 wt% (after an optimization step), 
based on the total weight of the mixture. For the melt-blending 
procedure, PLA was first introduced and melted in the preheated 
micro-compounder. Dry pCard and MeCard were then injected 
into the extruder using a syringe. For comparison, pure PLA was 
processed in similar conditions of melt-blending.

Standard samples of the resulting PLA based materials were 
then prepared by injection molding machine (Model HAAKE 
MiniJet II, Thermo Scientific) at 180 °C and 700 bar during 5 s.

It is worth mentioning that the melt blending of non-purified 
hydroxyethyl cardanol (NX9001LV) with PLA was attempted 
without success. Indeed, a macroscopic phase separation 
between the two components was observed immediately after 
blending. The purification step of hydroxyethyl cardanol is 
therefore essential.

2.4. Characterizations

2.4.1. Proton Nuclear Magnetic Resonance

The 1H nuclear magnetic resonance (1H NMR) characterization 
was performed on a Avance 400 spectrometer (Bruker Biospin, 
Wissembourg, France) equipped with a 9.4 T Ascend magnet, 
operating at a proton frequency of 400 MHz. Samples were dis-
solved in deuterated chloroform (CDCl3) with all peaks refer-
enced relative to tetramethylsilane.

2.4.2. Mass Spectrometry

Mass spectra were recorded using a Autoflex III mass spectrom-
eter (Bruker) equipped with a frequency-tripled Nd-YAG laser 
(λ  = 355 nm) operating at a pulse rate of 50 Hz. The time-of-
flight analyzer was operated in reflectron mode. External calibra-
tions were performed using monodisperse poly(ethylene glycol) 
PEG (600, 1500, and 4000 g mol−1, Sigma-Aldrich). FlexControl 
software version 3.0 (Bruker) was used for instrument control 
and data acquisition while both FlexAnalysis software version 
3.0 (Bruker) and mMass version 5.5 15 were used for data pro-
cessing. Mass analyses were conducted using a surface-assisted 
laser desorption ionization technique in the positive ion mode 
(SALDI(+)-MS) with carbon nanofibers as “active” surface. Sam-
ples were dissolved in THF and mixed with a suspension of 
carbon nanofibers GANF (Grupo Antolin) in acetone and lithium 
trifluoroacetic acid (LiTFA, Sigma-Aldrich) in THF. The mixture 
deposited on the target and allowed to air dry before the mass 
analysis. For the particular characterization of the purified ver-
sion of NX9001LV (pCard), fractions of interest (containing either 
the targeted hydroxyethyl cardanol or the dimeric side product) 
were collected from the SEC elution directly after the detector, 
the solvent allowed to evaporate for a few minutes and further 
submitted to the same SALDI procedure.

2.4.3. Differential Scanning Calorimetry

The thermal properties were carried out on a Netzsch DSC 204 F1 
instrument under a nitrogen gas flow, with a heating rate of 10 °C 
min−1 between −100 °C and 200 °C to observe the glass transition 
process. Samples (5–10 mg) were sealed in hermetic aluminum 
pans and were subjected to the following temperature program:  
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i) a first heating step from −100 °C to 200 °C, ii) a cooling step from 
200 °C to −100 °C and iii) a second heating step from −100 °C to 
200 °C. The Tg value was measured at the second ramp.

2.4.4. Size Exclusion Chromatography

For the size exclusion chromatography (SEC) analyses of cardanol 
derivatives, the apparatus consisted of a 600E controller & 
pumping units (Waters, Versailles, France) followed by a 486 tun-
able UV/Vis detector (Waters). Separation was performed on a 
unique mixed bed column (PLgel Mixed-D 300 × 7.5 mm, particle 
size 5 mm, Agilent) with precolumn (PLgel Mixed-D 50 × 7.5 mm)  
at room temperature. THF was used as eluent at a flow rate 
of 1 mL min−1. 20 μL of 1 g L−1 and 15 g L−1 resin solution were 
injected for SEC and SEC-SALDI analyses with satisfactory S/N 
ratio in a single run, respectively. For the PLA-based materials, 
the molecular weight change tests were conducted with an Agi-
lent Technologies series 1200 operating with a differential refrac-
tive index detection and a linear column (PLgel Mixed-D 5 and  
3 μm, 200 Da < Mw < 200 kDa in chloroform 1 mL min−1). Sample 
preparation was performed by dissolving the material to be ana-
lyzed in chloroform at a concentration of 2 mg mL−1. This was 
followed by the filtration of the prepared material solution using 
a syringe and an acrodisk-branded filter (pore size 0.45 μm). All 
analyses were run at room temperature.

2.4.5. Thermogravimetric Analysis

The thermal stability was investigated with a thermogravimetric 
analyzer model STA 409PC Luxx from NETZSCH. 15–20 mg of 
sample in an aluminum pan was heated from RT up to 600 °C 
under nitrogen (80 mL min−1) and oxygen (20 mL min−1) gas flow. 
The runs were carried out in dynamic conditions. The experi-
ments were carried out at a heating rate of 10 °C min−1.

2.4.6. Scanning Electron Microscopy

The morphology was observed by using a pressure-controlled 
scanning electron microscope (SEM) Quanta Field Effect Gun 200 
from FEI. To this end, samples were characterized with particular 
preparation. All the samples were fractured after immersion in 
liquid nitrogen for about 5 min to observe the fracture surface of 
the materials.

2.4.7. Dynamic Mechanical Analysis

The viscoelastic properties were evaluated by means of a 
dynamic mechanical analyzer (DMA) using a Netzsch equip-
ment model DMA 242C. For this study, rectangular specimens 
(60 × 11 × 3 mm3) were processed by injection molding machine. 
They were conditioned for at least 24 h at 20 °C and 50% of rela-
tive humidity before testing. Subsequently, they were subjected 
to double cantilever mode of flexural loading with amplitude 
of 30 μm in the temperature range from −60 °C to 120 °C at a 
heating rate 2 °C min−1 and a frequency of 1 Hz.

2.4.8. Tensile Tests

The quasi-static uniaxial tensile testing was done with a uni-
versal testing machine Instron model 5967. The extruded rods 

of materials were processed by injection molding machine to 
obtain tensile specimens based on ASTM D638 with sample type 
V. The specimen had an overall length of 63.5 mm and a thick-
ness of 3 mm. The gauge section of the specimen had a length of 
25 mm and a minimum width of 3 mm. The specimens were con-
ditioned for at least 24 h at 20 °C and 50% of relative humidity 
before testing. The engineering axial stress versus axial strain 
curves were recorded at room temperature at a constant cross-
head rate of 1 mm min−1 until break occurs.

3. Results and Discussion

3.1. Preparation and Synthesis

3.1.1. Purification and Characterization of a Commercial 
Poly(hydroxyethyl cardanol) Resin

NX9001LV (Cardolite, see Experimental Section) is com-
mercialized as a “polyol” resin and has been found to be 
composed of oligomers of hydroxyethyl cardanol and for-
maldehyde (i.e., a Novolac-like resin replacing phenol by a 
cardanol derivative moiety). Despite the fact that its con-
tent in oligomers has been drastically reduced, this low 
viscosity version of the NX9001 resin remains an industrial 
grade product and contains dimers, trimers, and larger oli-
gomers of hydroxyethyl cardanol, uncapped cardanol, and 
formaldehyde (Scheme 1a for its generic structure with 
a Ph-CH2-Ph linkage). SEC chromatogram of NX9001LV is 
depicted in Figure 1a (black line, top) and peaks assigned 
according to a previous work.[26] Following the purification 
over silica gel column, the so-called “pCard” sample has 
been re-analyzed by SEC under the same conditions, the 
resulting SEC chromatogram being depicted in Figure 1b 
(red line, bottom). The largest oligomeric components 
(trimers and above) have been successfully removed and 
the “monomer” is now the main component of this newly 
produced pCard. A residual dimer peak is still observed but 
accounting for less than 20%, w/w of the sample according 
to the peak areas (Scheme 1a). To ensure a proper molec-
ular characterization, fractions containing the “monomer” 
and “dimer” peaks have been collected and submitted to 
surface-assisted laser desorption ionization mass spectrom-
etry (SALDI). The SALDI(+)-MS spectrum of the “monomer” 
peak is depicted in Figure 1b. A pure hydroxyethyl cardanol 
adducted with lithium cation is readily detected at m/z 349 
(tri-unsaturated congener of cardanol), m/z 351 (di-unsat-
urated congener), and m/z 353 (mono-unsaturated con-
gener), constituting the so-called unsaturation pattern of 
cardanol. A slight distortion of this unsaturation pattern in 
terms of relative abundance is nevertheless observed when 
comparing the theoretical pattern computing from the nat-
ural occurrence of the three constituents (inset in Figure 1b, 
bottom). The tri-unsaturated congener is indeed prone to 
elute with the more polar dimers and trimers during the 

Early View Publication; these are NOT the final page numbers, use DOI for citation !!

Macromol. Mater. Eng. 2016,  DOI: 10.1002/mame.201600190

Publication 21/25



F. Hassouma et al.

	
www.MaterialsViews.com6 © 2016  WILEY-VCH Verlag GmbH &  Co.  KGaA, Weinheim

www.mme-journal.de

Macromolecular
Materials and Engineering

purifi cation step by column chromatography, accounting 
for the depletion of its signal in SALDI(+)-MS. The prop-
erties of pCard have been considered not to drastically 
change in spite of this segregation effect. A unique dimeric 
species is eventually detected in the SALDI(+)-MS spectrum 

of the minor “dimer” fraction (Figure  1 c) at  m / z  663 (+ con-
geners depending on the number of unsaturations along 
the two C15 side chains). Based on its elemental compo-
sition, this dimer could be described as a hydroxyethyl 
cardanol linked to a pristine cardanol moiety (no ethoxy 
capping) by a Ph-CH 2 -Ph linkage (Novolac-like dimer with 
one cardanol moiety in lieu of a hydroxyethyl cardanol). 
As for the unsaturation pattern change, such impurity is 
thought to be of limited impact on the overall properties 
of the pCard sample, further considered as a pure hydroxy-
ethyl cardanol for sake of simplicity.  1 H NMR characteri-
zation of pCard confi rms those fi rst results (Figure S1 in 
the Supporting Information). In particular, the amount 
of dimeric impurity has been evaluated to ≈17% based on 
the areas of the aromatic protons (four for the targeted 
hydroxyethyl cardanol, six for the dimer) and protons from 
the ethoxy arm (four in both cases because of the missing 
ethoxy capping in the dimeric structure), in agreement 
with the evaluation from SEC.   

  3.1.2 .        Synthesis and Characterization of a Methoxylated 
Hydroxyethyl Cardanol 

 The methoxylated hydroxyethyl cardanol has been synthe-
sized following the synthesis route depicted in Scheme  1 b. 
Starting from the capping of bromoethanol by TBDMS 
(protecting group of the alcohol function) to yield  1 , its 
coupling with cardanol produces a hydroxyethyl cardanol 
capped with TBDMS (noted  2 ). The dihydroxylation of the 
double bonds of the C15 side chain has been quantitatively 
done in one step using AD-mix α as catalyst (compound 
 3 ). Hydroxyl functions were then methylated using 
iodomethane and sodium hydride to yield the methoxy-
lated TBDMS-hydroxyethyl cardanol  4 . The deprotection 
of the hydroxyethyl arm was eventually conducted using 
a 1  m  tetrabutyl ammonium fl uoride solution and the 
targeted methoxylated hydroxyethyl cardanol  5  fi nally 
isolated. 

 The SALDI mass spectra of the four cardanol-containing 
products  2–5  are depicted in Figure  2 . The three tri-unsat-
urated, di-unsaturated and mono-unsaturated congeners 
forming the hydroxyethyl cardanol capped with TBDMS 
are detected in that order at  m / z  463,  m / z  465, and  m / z  467 
(Figure  2 a). The unsaturation pattern and its simulation 
based on the theoretical abundances in cardanol are mirror 
depicted in inset and in good agreement. Contrary to the 
purifi cation of NX9001LV to produce pCard, the synthesis 
of MeCard is conducted using pure cardanol and ratios of 
tri-, di-, and mono-unsaturated congeners are not biased. 
The hydroxylation of the C15 chain is highlighted by the 
detection of a di-hydroxylated ( 3c ) at  m / z  501, a tetra-
hydroxylated ( 3b ) at  m / z  533, and a hexa-hydroxylated 
congener ( 3a ) at  m / z  565 (lithium adducts). Hydroxylating 
the side chain leads to the degeneracy of the “unsaturation 
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 Figure 1 .       SEC chromatograms of the commercial polyol resin 
NX9001LV (black line, top) and the purifi ed sample (further noted 
pCard) isolated from NX9001LV by column chromatography 
(red line, bottom). SALDI(+)-MS spectra of B) the “monomer” peak 
and C) the minor “dimer” peak (<20%, w/w) collected from the 
SEC elution of pCard (offl ine coupling).
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pattern.” The tri-unsaturated cardanol is detected at the 
lowest  m / z  ratio, while the hexa-hydroxylated cardanol 
made from the former is detected at the highest  m / z  ratio, 
and 32 Da now separates each congeners (2 × 17 Da – 2H 
= 32 Da) when pristine cardanol congeners are shifted by 
2 Da (2H per unsaturation). The next step of the synthesis 
leads to the methylation of the hydroxyl pendant groups 
to produce methoxy functions along the C15 side chain. 
The targeted products are detected as lithiated adducts 
at  m / z  529 (di-methoxylated congener  4c ),  m / z  589 (tetra-
methoxylated congener  4b ), and  m / z  649 (hexa-methoxy-
lated congener  4a ) in the associated SALDI mass spectrum 
(Figure  2 c). The 60 Da shift between each congener refl ects 
the occurrence/absence of two methoxy groups (2 × 31 Da 
– 2H = 60 Da). The mass analysis of the product from the 
last step to eventually form the methoxylated hydroxy-
ethyl cardanol upon the release of the protecting group 
TBDMS provides the mass spectrum depicted in Figure  2 d. 
The three congeners bearing two (compound  5c ), 
four (compound  5b ), and six methoxy groups (compound 
 5c ) are readily seen at  m / z  415,  m / z  475, and  m / z  535, 
respectively (lithium adducts), shifted of 114 Da from 
the previous  m / z  values ( Si(CH 3 ) 2 C 4 H 9  + H = −115 + 1 = 
−114 Da). Note the relative abundance of the three species 
is still in accordance with the theoretical values (hexa-
methoxylated > di-methoxylated > tetra-methoxylated, 
equivalent to tri-unsaturated > mono-unsaturated > di-
unsaturated for the pristine cardanol, Figure  2 a). In inset 
of all the four spectra is depicted the “ b ” congener (di-
unsaturated, tetra-hydroxylated, and tetra-methoxylated) 
for sake of simplicity (Scheme  1 b).  

 The  1 H NMR spectra of the fi ve products synthesized in 
this procedure are depicted and thoroughly commented 
in the Figure S2 (Supporting Information).  1 H NMR and 
SALDI spectra are in good agreement and confi rm the suc-
cessful synthesis of the targeted methoxylated hydroxy-
ethyl cardanol “MeCard” with no residual impurities. 
The fi nal product “MeCard” is a transparent liquid while 
pCard is an orange oily liquid.   

  3.2 .        Modifi cation of PLA Molecular Characteristics 

 As most of polyesters, PLA is sensitive to melt processing 
conditions, i.e., particularly to water, temperature, and 
shear. In several cases, the mixing of PLA with additives 
such as plasticizers leads to a decrease of the molecular 
weights, with a possible negative effect on the thermome-
chanical properties of the polymer material. 

 SEC analyses used to determine the apparent molec-
ular weight ( M  n  and  M  w ) of all samples according to 
polystyrene standards are summarized in Table  1 . Melt 
blending of PLA with 20 wt% of pCard does not have 
any impact on PLA molecular weight. However, a slight 
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 Figure 2 .       SALDI(+)-MS spectra of A) hydroxyethyl cardanol 
capped with TBDMS noted 2, B) hydroxylated hydroxyethyl 
cardanol capped with TBDMS noted 3, C) methoxylated hydroxy-
ethyl cardanol capped with TBDMS noted 4, and D) the targeted 
methoxylated hydroxyethyl cardanol noted 5. Structures of the 
di-unsaturated, tetrahydroxylated, and tetramethoxylated con-
geners “b” are depicted in insets.
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shift of  M  w  and  M  n  toward lower molecular weights is 
observed when melt blended with MeCard. PLA chain 
scissions are however very limited. This could be due to 
some degradation of methoxy groups at high temperature 
leading to the formation of some methanol molecules, 
known for their reaction with the ester functions spread 
along the PLA chains. It is worth noting that dispersity is 
not affected by the presence of both cardanol derivatives. 
Moreover, overall, the molecular weight characterization 
seems to evidence, that under adequate melt processing 
conditions, melt-blending of PLA with pCard and MeCard 
does not induce any dramatic drop of PLA molecular 
weight by thermal degradation or hydrolysis of polyester 
chains.   

  3.3 .        Thermal Characterizations 

  3.3.1 .        Thermal Stability 

 TGA measurements were performed on the different PLA-
based materials (Figure  3 ) to determine the effect of such 
novel plasticizers on the thermal stability of PLA. Indeed, 
the choice of the most adequate processing conditions (res-
idence time, temperature, etc.) and of thermally stable PLA 
compositions could lead to enhanced end-use features.  

 Figure  3  shows the TG curves for neat PLA and PLA 
plasticized with either pCard or MeCard as recorded under 
air atmosphere at 10 °C min −1 . In the presence of each 
plasticizer, the decomposition onset temperature of plas-
ticized PLA is slightly shifted to lower temperature with 
respect to neat PLA. However, no effect of the plasticizers 
was observed on the decomposition temperature at 50% 
weight loss. The addition of pCard or MeCard affects the 
thermal stability of PLA at higher temperature ranges 
(higher than 300 °C), which are never reached during 
the melt processing. Interestingly enough the methoxy-
lation of the double bonds on the side chain of cardanol 
does not seem to lead to measurable weight loss of PLA, 
even though a slight decrease of the molecular weight of 

PLA is observed by SEC when melt blended with MeCard 
(Table  1 ).  

  3.3.2 .        Thermal and Morphological Properties 

 Thermal and structural behaviors of the investigated PLA-
based materials have been examined by means of DSC 
using a heat/cool/heat cycle. Table  2  and Figure  4  sum-
marize the thermal properties of neat and plasticized PLA 
during the second heating scan ranging from −100 °C to 
200 °C. The second heating eliminates the uncertainties 
that arise when the behavior of the material may depend 
on the thermal history of the materials.   

 Foremost, it is worth emphasizing that DSC analysis 
performed on neat pCard and MeCard indicate glass 
transition temperature ( T  g ) values ≈46 °C and −59 °C, 
respectively. 

 Neat PLA did not exhibit substantial differences in 
its thermal behavior between the fi rst and the second 
heating. They both attest for the semicrystallinity of the 
PLA matrix with  T  g  at ≈60 °C, an exothermic peak of cold 
crystallization ( T  cc ) ≈124 °C and an endothermic melting 
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  Table 1 .       Molecular weights and dispersity (D– ) as determined by SEC on all the investigated materials.  

Blend composition 
[W/W]

Mn 
[g mol−1] (PS)

Mw 
[g mol−1] (PS)

Dispersity 
Ð (Mw/Mn)

PLA Carda) PLA Carda) PLA Carda)

PLA after extrusion 1 18 120 2 44 280 2

pCard 430 680 2

MeCard 502 522 1

PLA-pCard (80/20) 1 15 710 434 2 34 120 720 2 2

PLA-MeCard (80/20) 88 560 465 1 87 000 519 2 1

    a) Card refers to either pCard or MeCard.   

 Figure 3 .       TG curves for PLA-based materials under air atmosphere 
(heating rate: 10 °C min −1 ).
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peak centered at 154 °C. This can be explained by the 
fact that the studied PLA matrix possesses 4.6% of  D -lac-
tide isomer, reducing its crystallization ability. It must 
be stated out here that for all the investigated materials, 
i.e., neat PLA but also PLA-pCard and PLA-MeCard, the 
melting enthalpy (∆ H  m ) of the materials is about equal to 
the enthalpy of cold crystallization (∆ H  cc ). This suggests 
that all the studied materials are amorphous at room 
temperature. 

 The addition of 20 wt% of pCard leads to the shift of 
the glass transition as well as the cold-crystallization 
peak and the melting peak to lower values ( T  g  38 °C, 
 T  cc  ≈ 92 °C, and  T  m  = 152 °C). This can be attributed to the 
higher chain mobility as a result of the presence of a high 
amount of low molecular weight plasticizer. The decrease 
of  T  cc  is considered to be directly related to the motion 
ability of PLA chains. Indeed, the increase of PLA chain 
motion due to the amount of pCard (lower  T  g ) well dis-
persed in the polyester matrix. 

 More interesting, when 20 wt% MeCard are melt 
blended with PLA, the  T  g  and  T  cc  of the blend are shifted to 

even lower temperatures at ≈27 °C and 79 °C, respectively, 
as compared to PLA/pCard blend. 

 The plasticizing performance of MeCard as compared to 
pCard can be attributed to the intermolecular interaction 
and compatibility between the cardanol derivative plasti-
cizers and PLA. Indeed, the methoxylation of the double 
bonds on the side chain of cardanol (C15 chain attached 
to the meta position of the phenolic ring) seems to 
improve the compatibility properties with PLA. To verify 
this assumption, morphological analysis were performed 
on both PLA-pCard and PLA/MeCard materials using SEM 
technique (Figure  5 ). Indeed, miscibility, immiscibility, 
and some other characteristics, such as roughness and 
defects, can be assessed through morphology analysis. 
SEM image of PLA-pCard blend shows clearly the presence 
of two distinct phases, in which fi ne and regular pCard 
droplets are dispersed in PLA matrix. The same mor-
phology was observed in the systems containing lower 
amounts of pCard, i.e., PLA-pCard 90/10 and 85/15% w/w 
(not shown here), confi rming a lack of miscibility of 
pCard with PLA. On the other hand, homogeneous mor-
phological features without any phase separation are 
observed in PLA-MeCard micrograph, confi rming that the 
interaction between PLA and MeCard is enough for pro-
viding miscibility. This interaction takes place between 
the methyl side groups present on PLA chains and the 
methoxy groups on the side chain of cardanol. Therefore, 
it can be concluded that methoxylation of the double 
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  Table 2 .       Overall thermal and mechanical properties of all the materials investigated.  

Blend composition 
[in wt%]

Tg
a) 

[°C]
Tcc

a) 
[°C]

Tm
a) 

[°C]
(∆Hm−∆Hcc)a) 

[J g−1]
χc

b) 
[%]

Tg
c) 

[°C]
E′ d) 

[MPa]
Ete) 

[MPa]
σy

e) 
[MPa]

εb
e) 

[%]

Extruded PLA 60 124 154 0 0 60 1850 1860 63 5.7

PLA-pCard (80/20) 38 92 138 152 0.8 0 41 1435 1035 26.5 12

PLA-MeCard (80/20) 27 79 152 0.5 0 33 1235 710 27 198

    a) Glass transition temperature from the second heating DSC scans;  b) Crystallinity 100ccH H
Hc

m

m
oχ = = ∆ −∆

∆
×  where Hm

o∆  of 100% crystalline 

PLLA is 93.4 J g −1 ;  c) Glass transition temperature at maximum  E ″ peak (DMA);  d) Storage modulus at 20 °C (DMTA);  e) Tensile properties at 
20 °C according to ASTM D638 (test speed 5 mm min −1 ).  

  ND: Not Detected.   

 Figure 4 .       DSC traces recorded for PLA based materials during the 
second heating.  Figure 5 .       SEM images of A) PLA-pCard, B) PLA-MeCard.
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bonds on the side chain of cardanol does improve its com-
patibility properties with PLA.  

 It is worth mentioning that even though DSC analysis 
displayed only one glass transition temperature in the 
blends PLA-pCard and PLA-MeCard, this does not state 
straight away for full miscibility of the polymer and the 
plasticizer. PLA-pCard blend is a perfect illustration of 
that. In fact, DSC transition parameters such as  T  g  and 
enthalpy are very much dependent on the sensitivity 
limits of the calorimeter.   

  3.4 .        Mechanical Properties 

 The impact of temperature on storage modulus ( E′ ) and 
loss modulus ( E ″) is shown in Figure  6 a,b for neat and plas-
ticized PLA. The dynamic mechanical measurements were 
carried out at 1 Hz.  T  g  values are defi ned as the tempera-
ture of the maximum of the loss modulus ( E ″) obtained for 
α relaxation (associated with the glass transition) at the 
frequency 1 Hz.  

 Neat PLA has a  T  g  equal to ≈60 °C and, as expected, all 
the plasticized PLA exhibit lower glass transition tem-
perature compared to neat PLA. Moreover, the  T  g  of the 
blend PLA-MeCard is lower than that of PLA-pCard (33 °C 
and 41 °C, respectively). DMA results are hence in line 
with those obtained with DSC. It is to be noted that DSC 
analysis provide lower  T  g  values. This is explained by the 
fact that relaxation processes of polymers are strongly 
dependent on solicitation mode (temperature, load + tem-
perature…), solicitation rate or frequency, and the way it 
is quantifi ed from the experimental data (peak position, 
infl ection of the curve…). DSC and DMA are two methods 
based on different solicitation modes and therefore their 
results cannot be directly compared. 

 In the temperature-dependent  E″  curves of PLA based 
materials, cold-crystallization processes are observed 
after the glass transition relaxation. This is shown by the 
presence of low intensity peaks between 60 °C and 130 °C, 
thereby confi rming DSC results. 

 The storage modulus  E′  curves for PLA is higher than 
that of plasticized PLA-pCard and PLA-MeCard, and  E′  of 
PLA-pCard is higher than that of MeCard in a very large 
range of temperatures from −60 °C to 75 °C ( E′  PLA >  E′  
PLA-pCard >  E′  PLA-MeCard). At the lowest investigated 
temperature, at −60 °C, neat PLA, PLA-pCard, and PLA-
MeCard have  E′  of 1935, 1825, and 1745 MPa, respectively. 
With increasing the temperature up to the onset of glass 
transition relaxation, a ≈25%–30% decrease of the storage 
modulus of plasticized PLA is noted, while ≈15% decrease 
of the storage modulus of neat PLA is recorded. The 
storage modulus  E′  measured at room temperature, 20 °C, 
is reported in Table  2 . As expected, the storage modulus 
value  E′  at 20 °C of neat PLA is the highest (1850 MPa) and 
that of PLA-MeCard is the lowest (1235 MPa). At tempera-
ture above the glass transition relaxation, that is to say 
between 60 °C and 130 °C, a weak but signifi cant increase 
of  E′  occurs for all PLA-based materials. This process is 
also linked to the cold-crystallization observed in temper-
ature-dependent  E″  curves. 

 Overall, the addition of 20 wt% of MeCard to PLA 
leads to a decrease of the storage modulus  E′  and the 
loss modulus  E″  of the PLA-MeCard blend to lower values 
as compared to pCard-based system, therefore high-
lighting a higher extent of miscibility between PLA and 
MeCard owing to the methoxylation of the double bonds 
on the side chain of cardanol. 

 Nominal tensile axial stress–strain behavior at 20 °C of 
all PLA-based materials is plotted in Figure  7 , while the 
measured characteristics (tensile modulus, yield stress  σ  y,  
and tensile elongation at break ε b  (ultimate strain)) are 
listed in Table  2 . Neat PLA exhibited a purely brittle tensile 
failure and behavior characterized by a high tensile mod-
ulus (1860 MPa), a high yield point (63 MPa) and a very 
low elastic axial deformation <6%. Neat PLA failure takes 
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 Figure 6 .       Temperature dependence of a) storage modulus  E′ , 
b) loss modulus  E″  for PLA-based materials.
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place by crazing or micro-cracking where the cracks propa-
gate facilely and freely. Therefore, neat PLA has a limited 
viscoplastic stage. When compared to neat PLA, plasticized 
PLA specimens display a lower tensile modulus, a lower 
yield stress and a higher strain at break. Moreover, plas-
ticized PLA specimens yielded stable necking showing 
cold-drawing behavior. These blends underwent tensile 
deformation with a light whitening of the specimen due 
to the development of crazes in the amorphous phase, con-
fi rming the toughening and plasticizing effect of cardanol 
derivatives. However, PLA-MeCard specimens display a 
much higher ductility as compared to PLA-pCard counter-
part. Indeed, the tensile modulus and the strain at break 
measured for PLA-MeCard are 710 MPa and 198%, respec-
tively, while those displayed by PLA-pCard specimens are 
1037 MPa and 12%, respectively. Thus, the presence of 
20 wt% MeCard modifi es more radically the uniaxial 
deformation (tensile elongation) of PLA resulting in highly 
ductile behavior. This enhanced ductility highlights a high 
level of miscibility between PLA and MeCard owing to the 
methoxylation of the double bonds on the side chain of 
cardanol.  

 It is also to be noted that neat PLA displays crazes, 
whose propagation and coalescence can be at the origin 
of the specimen fracture. It is agreed that the macro-
scopic stresses that are dissipated locally can be due to a 
competition between chain orientation mechanisms and 
damage mechanisms by crazing. For neat PLA, the chain 
mobility is probably not high enough to provoke stress 
dissipation by chain orientation. [ 27,28 ]  Damage mecha-
nisms are therefore promoted. 

 In the case of plasticized PLA specimens, the stresses 
are dissipated by conformational changes of glassy amor-
phous PLA chains that lead to segmental orientation and 
disentanglement. [ 27,28 ]  However, these phenomena are 
more pronounced in PLA-MeCard blend, thanks to the 
higher miscibility between MeCard and PLA.   

  4 .        Conclusions 

 A novel family of biobased plasticizers made of cardanol 
was designed for PLA. This novel cardanol-derived plas-
ticizer, was synthesized, through methoxylation of the 
double bonds on the side chain of cardanol (C15 chain 
attached to the meta position of the phenolic ring). The 
motivation behind designing methoxylated cardanol, i.e., 
methoxylated hydroxyethyl cardanol (MeCard), lies on the 
improvement of the compatibility properties with PLA. 
The plasticization effect of MeCard on the chemical struc-
ture, morphology, thermal and mechanical properties of 
PLA was evaluated and compared with that of a commer-
cial hydroxyethyl cardanol (pCard). 

 A fi ve-step synthetic route was employed to obtain 
MeCard at high yield. Molecular characterizations and 
TGA analyses revealed that both cardanol derivatives 
(pCard and MeCard) do not alter the processability of PLA 
after blending. Interestingly the plasticizer performances 
were fi rst highlighted using DMA and DSC measurements. 
Addition of 20 wt% of pCard leads to the shift of the glass 
transition as well as the cold-crystallization peak and the 
melting peak to lower values ( T  g  = 38 °C,  T  cc  ≈ 92 °C, and 
 T  m  = 152 °C) due to the presence of a high amount of low 
molecular weight plasticizer. The decrease of  T  cc  is con-
sidered to be directly related to the motion ability of PLA 
chains. More interesting, when 20 wt% MeCard are melt 
blended with PLA, the  T  g  and  T  cc  of the blend are shifted 
to even lower temperatures at ≈27 °C and 79 °C, respec-
tively, as compared to PLA-pCard blend. Such behavior 
can be related to the good miscibility between PLA and 
MeCard thanks to the methoxylation of the double bonds 
on the side chain of cardanol as shown by SEM images. 
Positive effects were noticed on the mechanical proper-
ties of the resulting blends. DMA results indicate that the 
addition of 20 wt% of MeCard to PLA leads to a decrease 
of the storage modulus  E′  and the loss modulus  E″  of the 
blend PLA-MeCard to lower values as compared to pCard, 
therefore highlighting a much better miscibility and com-
patibility between PLA and MeCard. The enhanced duc-
tility of blends containing MeCard again highlights a high 
miscibility and compatibility between PLA and MeCard.  
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Library or from the author.  
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 Figure 7 .       Tensile strain-stress curves for PLA-based materials.
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New biobased plasticizers made of di-functional glycidyl
ether epoxy cardanol (ECard) were investigated to
improve the ductility of renewable poly(lactide) (PLA).
Compatibility between PLA and ECard was achieved out
through in situ reactive grafting strategy catalyzed with
Ethyltriphenyl phosphonium bromide (ETPB) using twin-
screw extruder. In absence of catalyst, ECard forms
domain ill-dispersed in the PLA matrix due to the high
incompatibility between both phases. When ETPB is
added as catalyst domain size distribution of the plasti-
cizer decreased, indicating an enhanced compatibility due
to the reactive grafting of a fraction of ECard plasticizer
onto PLA backbone. Although all plasticized PLA speci-
mens exhibit lower glass transition temperature, lower
elastic/tensile modulus, lower yield stress, and higher
strain at break, the reactive blend containing the lowest
amount of catalyst, that is, 0.02 phr, exhibited the highest
ductility behavior. POLYM. ENG. SCI., 00:000–000, 2017. VC 2017
Society of Plastics Engineers

INTRODUCTION

Among biodegradable and biobased polymers available, pol-

y(lactide) (PLA) is the most prevalent one on the market and

cost-competitive compared to lots of conventional petroleum-

based polymers. It has attracted growing interest in different

markets, such as packaging, biomedical, electronic, and automo-

tive industries [1–6] Despite its numerous advantages such as

high strength and high modulus, high optical properties, resis-

tance to moisture and grease, flavor and odor barrier characteris-

tics, biocompatibility, non-volatility, and nontoxicity, PLA

presents some inherent brittleness, which limits its application

[7] Thus, PLA displays some drawbacks in terms of properties

(poor impact strength, low elongation at break, low heat deflec-

tion temperature. . .) and processability [7]. PLA rigidity and

brittleness at room temperature are the result of its high glass

transition temperature (Tg) close to 608C [2]. Like most conven-

tional glassy thermoplastics, the brittleness of PLA is due to

strain- and stress-localizations when deformed below the brittle-

to-ductile transition temperature, that is, under glass transition

temperature. Under mechanical loading, PLA deforms via a

highly localized strain and crazing mechanism [8]. To improve

the properties of PLA, many strategies are already investigated

including plasticization, polymer blending, copolymerization,

surface modification [7, 9, 10]. Plasticization is commonly used

to improve the processability of thermoplastics or to increase

the flexibility as well as impact strength of glassy polymers [7,

9–11]. Several plasticizers for PLA are reported in the literature

including cyclic lactides and oligolactic acids [12–14], bishy-

droxymethyl malonate (DBM) [15], glucose esters and fatty acid

esters [16–19], citrates [14, 20], polyethylene glycol (PEG) [13,

15, 16], poly(propylene glycol) [21, 22], atactic poly(3-hydroxy-

butyrate) [18, 19], polyester diol as poly(diethylene adipate)

[23], tributyl citrate-oligoester (TbC-oligoesters), diethyl bishy-

droxymethyl malonate oligoester (DBM-oligoester), and oligoes-

teramide (DBM-oligoesteramide) [15, 24, 25], modified soybean

oil [16, 17]. Toughening through reactive extrusion with plasti-

cizers such as PEG derivatives and citrate derivatives was also

established [8, 16, 26–28].

Although blending PLA with plasticizers improves its

mechanical properties, most of them are petroleum based com-

pounds [16] Hence, research towards a fully renewable plasti-

cizer and therefore a fully renewable blend is of a high interest.

The main goal of this study is to develop novel bioplasticizers

that do not compromise the biodegradable and sustainable nature

of PLA based materials at the same time as they can be pro-

duced in large scale from inedible biomass resources. Cardanol

derivatives are thereby one of such renewable resource. Carda-

nol is a renewable and inexpensive organic natural resource that

is obtained via the vacuum distillation of roasted cashew nut

shell liquid obtained from the spongy mesocarp of cashew nut

shells, a byproduct of cashew nut processing [29]. The chemis-

try of cardanol and its derivatives is becoming an interesting

area in academic and industrial research, mainly for the prepara-

tion of new eco-friendly chemicals, composites, and functional

organic materials [30, 31]. Indeed cardanol, is a mixture of

3-n-pentadecylphenol (20–30%), 3-(pentadeca-8-enyl)phenol

(70–80%), 3-(penta-deca-8,11-dienyl)-phenol (nearly 5%), and
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3-(pentadeca-8,11,14-trienyl) phenol (<5%) [30]. Specific prop-

erties of cardanol and its derivatives, such as the relatively high

solubility in nonpolar milieu and good processability, can be

attributed to the presence of the -C15- chain attached to the

meta position of the phenolic ring [30]. Cardanol and its deriva-

tives find major applications in biocomposites, synthetic resins,

epoxy curing agents, and coatings [31, 32]. Recently, cardanol

has been used as a plasticizer for poly(vinyl chloride) and rub-

ber, with or without chemical modification, and has revealed

significant plasticizing effects [32, 33].

Epoxidized cardanol (ECard) is one of such cardanol deriva-

tives, which is produced on an industrial scale and is being used

for polymers, coatings, and adhesives. Recently, some of us

have synthesized a novel cardanol-derived plasticizer, that is,

methoxylated hydroxyethyl cardanol, through methoxylation of

the double bonds on the side chain of cardanol (C15 chain thus

attached to the meta position of the phenolic ring) [34]. The

plasticization efficiency of methoxylated hydroxyethyl cardanol

was demonstrated by a substantial decrease of the glass transi-

tion temperature and storage modulus together with a significant

increase of the elongation at break as compared with neat PLA.

Moreover, methoxylated hydroxyethyl cardanol exhibited higher

plasticization performance than the commercial hydroxyethyl

cardanol (pCard) toward PLA.

Interestingly, reactive extrusion has proven to be an ecologi-

cal, cost effective, and versatile process to design novel and

high performance bioplastics. In the present study, the potential

for application of ECard as plasticizer for PLA is investigated.

In situ reactive grafting strategy has been employed to improve

the compatibility between PLA and ECard using co-rotating

twin-screw extruder. The reactive plasticization effect on the

chemical structure, morphology, thermal, and mechanical prop-

erties of PLA/ECard was evaluated.

EXPERIMENTAL

Materials

PLA (4042D) was supplied by NatureWorks LLC (Minne-

tonka, USA). Epoxidized cardanol (ECard) NC-514 S Cashew

Liquid Resin was obtained from Cardolite Chemical Zhuhai CO

(Guangdong, China) and used as supplied. Ethyltriphenyl phos-

phonium bromide (ETPB) and chloroform were purchased from

Sigma Aldrich (St Louis, MO) and used as received.

Processing

Several compositions were prepared using a 15 cc twin-

screw micro-extruder DSM XPlore with L/D ratio 18 (Geleen,

The Netherlands). The following PLA/ECard/ETPB materials

were considered as: 100/0/0 (wt%), 80/20/0 (wt%), 80/20/0.02

phr (per hundred parts of resin), 80/20/0.06 phr, and 80/20/0.1

phr. In fact, the amount of plasticizer ECard was fixed to 20%

after an optimization step. The processing conditions were also

set up after an optimization step. Therefore, the barrel tempera-

ture was set at 1808C, screw speed was fixed to 100 rpm and

the residence time to 5 min. PLA pellets were first dried over-

night at 508C before processing. PLA was first introduced and

melted in the preheated micro-extruder. Dry ECard and ETPB

were mixed and then injected into the extruder using a syringe.

Standard samples of the resulting materials were then pre-

pared by injection molding machine (Model HAAKE MiniJet II,

Thermo Scientific) at 1808C and 700 bar during 5 s.

Characterization

Fourier-Transform Infrared (FTIR) Spectroscopy . The

changes in the chemical structure of PLA were evaluated by

FTIR spectroscopy in attenuated total reflectance mode from

400 to 4000 cm21 using a Bruker Optics Tensor 27

spectrometer.

Differential Scanning Calorimetry (DSC) . DSC measure-

ments were performed on Netzsch DSC 204 F1 instrument

(Selb, Germany) under nitrogen gas flow, with a heating rate of

108C min21. Samples (5–10 mg) were sealed in hermetic alumi-

num pans and were subjected to the following temperature pro-

gram: (i) a first heating step from 2100 to 2008C, (ii) a cooling

step from 200 to 21008C, and (iii) a second heating step from

2100 to 2008C. Tg values were measured at the second ramp.

The second heating eliminates the uncertainties due to the ther-

mal history of the materials and therefore allows evaluating the

inherent properties of the materials.

Size Exclusion Chromatography . Molecular weight change

analyses were conducted with Agilent Technologies series 1200

operating with a differential refractive index detection and a lin-

ear column (PLgel Mixed-D 5 and 3 lm, 200 Da<Mw< 200

kDa in chloroform 1 ml min21). Sample preparation was per-

formed by dissolving the material to be analyzed in chloroform

at a concentration of 2 mg ml21. This was followed by the fil-

tration of the prepared material solution using a syringe and an

acrodisk-branded filter (pore size 0.45 lm). All analyses were

run at room temperature.

For SEC analyses with UV detection, the apparatus consisted

of 600E controller & pumping units (Waters, Versailles, France)

followed by 486 tunable UV/Vis detector (Waters). Separation

was performed on a unique mixed bed column (PLgel Mixed-D

300 3 7.5 mm, particle size 5 mm, Agilent) with precolumn

(PLgel Mixed-D 50 3 7.5 mm) at room temperature. THF was

used as eluent at a flow rate of 1 ml min21. Twenty microliters

of a 1 and a 15 g L21 resin solution were injected for SEC and

SEC-SALDI analyses with satisfactory S/N ratio in a single run,

respectively.

Thermogravimetric Analysis . Thermal stability of the plasti-

cized PLA materials was investigated by means of thermogravi-

metric analyzer (TGA) model STA 409PC from NETZSCH;

[15–20] mg of sample in an aluminum pan was heated from

room temperature up to 6008C under air (100 ml min21) gas

flow. The runs were carried out in dynamic conditions at a heat-

ing rate of 108C min21.

Scanning Electron Microscopy (SEM) . Microstructure of

plasticized PLA materials was studied by means of pressure

controlled SEM Quanta Field Effect Gun 200 from FEI (Eind-

hoven, The Netherlands). To this end, all samples were fractured

after immersion in liquid nitrogen for about 5 min to observe

the fracture surface of the materials.
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Dynamic Mechanical Analysis (DMA) . The viscoelastic

properties were evaluated by means of DMA using a Netzsch

equipment model DMA 242C. Rectangular specimens (60 3 11

3 3 mm3) were used. They were conditioned for at least 24 h at

208C and 50% of relative humidity before testing. Subsequently,

they were subjected to double cantilever mode of flexural

loading with amplitude of 30 lm in the temperature range

from 260 to 1208C at a heating rate 28C min21 and a frequency

of 1 Hz.

Tensile Tests . The quasi-static uniaxial tensile testing was

done with a universal testing machine Instron model 5967 (Nor-

wood, MA). Tensile specimens based on ASTM D638 with

sample type V were used. The specimen had an overall length

of 63.5 mm and a thickness of 3 mm. The gauge section of the

specimen had a length of 25 mm and a minimum width of

3 mm. The specimens were conditioned for at least 24 h at

208C and 50% of relative humidity before testing. The engineer-

ing axial stress versus axial strain curves were recorded at room

temperature at a constant crosshead rate of 1 mm min21 until

break.

RESULTS AND DISCUSSION

Reactive Extrusion Modification and Plasticizing of PLA

In situ reactive grafting strategy has been employed to

improve the compatibility between PLA and ECard by reactive

extrusion.

Figure 1 shows the SEM images of the PLA-ECard blends.

In absence of ETPB, ECard forms microsized domains dispersed

in the PLA matrix (Fig. 1a). ECard domain average size is about

5 mm. The weakness of the interface between PLA and ECard is

evident, highlighting a high incompatibility between both

phases. In order to decrease ECard domain size and strengthen

the interface between PLA and the plasticizer, ETPB was added

as a catalyst [35]. Indeed, the epoxide groups present in Ecard

chemical structure can react either with ACOOH or with AOH

of the PLA end groups under the catalytic effect of ETPB to

form some grafted copolymer that can function as compatibil-

izer between PLA and ECard. The grafting of a fraction of

ECard plasticizer onto PLA backbone by reactive extrusion is

expected to lead to the creation of more interactions between

the so-functionalized polyester matrix and the remaining fraction

of nongrafted plasticizer [26, 27]. Therefore, different concentra-

tions of ETPB were introduced into PLA/Ecard blend and their

effect was investigated.

Figure 1b and c show that the domain size distribution of the

plasticizer decreases in presence of ETPB. This decrease is

accentuated with the increase of the catalyst amount (3 and 1

mm in presence of 0.02 and 0.06 phr, respectively). This mor-

phological trend can be explained by a grafting of a fraction of

ECard plasticizer onto PLA backbone by reactive extrusion

leading to the creation of more interactions between the so-

functionalized polyester matrix and the remaining fraction of

nongrafted plasticizer. The grafting rate being proportional to

the amount of ETPB, it has a direct impact on the domain size

distribution of the plasticizer.

Grafting of ECard plasticizer onto PLA backbone by reactive

extrusion was characterized by FTIR and SEC-MALDI-MS.

Figure 2 shows the FTIR spectra within the region of epoxy

absorption. The intensity of the peak at 912 cm21 attributed to

epoxy groups of ECard decreases markedly with the addition of

ETPB, suggesting reactions of epoxy groups during the reactive

extrusion [35]. The reaction mechanism of ACOOH and AOH

FIG. 1. SEM images of a) PLA-ECard, b) PLA- PLA-ECard-ETPB 0.02 phr, c) PLA-ECard-ETPB 0.06 phr.

FIG. 2. FTIR spectra of plasticized PLA-based materials. [Color figure can

be viewed at wileyonlinelibrary.com]
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groups with epoxy groups in presence of catalysts is already

established [36]. It is established that ETPB dissociates easily

under the mixing conditions and proceeds through a nucleophilic

attack, which opens the epoxy ring in ECard to generate an

intermediate product. This product has high reactivity toward

ACOOH and AOH of PLA end chain groups, leading to the for-

mation of PLA-g-ECard copolymer. It is expected that the

formed copolymer can act as an efficient compatibilizer for

PLA/ECard blends. The reaction scheme for ECard with PLA in

presence of ETPB is shown in Scheme 1.

In Addition to FTIR characterization, SEC analyses were

also conducted on a device equipped with a UV detector. Carda-

nol moiety is indeed UV active at 280 nm [37] while PLA is

transparent at such wavelength. Since PLA is of higher molecu-

lar weight than Ecard, any peak detected at a short retention

time in the SEC chromatogram of a PLA/ECard/ETPB sample

would highlight any grafting of cardanol on the PLA backbones.

As compared to the SEC chromatogram of ECard (Fig. 3a), the

chromatograms of three PLA/ECard/ETPB 80/20/X samples

with X 5 0.02 (Fig. 3a), X 5 0.06 (Fig. 3b) and X 5 0.1 (Fig. 3c)

display a distinct broad peak detected in the shortest elution vol-

umes (�6–9 ml), validating the presence of high molecular

weight compounds bearing UV-active groups. The two main

peaks at the longer retention times are assigned to epoxidized

cardanol and dimers as already characterized for NC514 [37]

(NC514S named ECard in this work is a purified grade of

NC514—see Figure S1 in the Supporting Information—but of

similar chemical nature). Note that the decrease of intensity of

the dimer peak for the three formulated samples are compared

to the pristine ECard. Dimers contain more epoxy groups and

are more prone to react with PLA than the monomer of ECard.

The SEC elution of three PS standards 35,000, 3,700, and

2,000 g mol21 is depicted in inset of Fig. 3d (light gray line).

The PS 35,000 g mol21 standard and the ECard-grafted PLA

FIG. 3. SEC chromatograms of (a) ECard and PLA/ECard/ETPB in THF

(b) 80/20/0.02, (c) 80/20/0.06, and (d) 80/20/0.1 recorded using a UV detec-

tor set at 280 nm. Insets in (b–d) ECard-grafted PLA peaks (normalized).

The SEC chromatogram of a mixture of three PS standards 35,000, 3,700,

and 2,000 g/mol (UV detection, 254 nm) is depicted in inset of d).

SCHEME 1. Reaction of PLA end groups with Ecard under the catalytic

effect of ETPB.
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peak maxima have similar retention volumes (�8.1 ml), while

the PLA peak is broad and some species elute in a much shorter

time. The molecular weight of these polymeric chains thus

ranges approximately between 100,000 and 20,000 g mol21 (PS

equivalent) and could thus be seen as “intact” PLA backbones

carrying epoxidized cardanol grafted on the end-group(s) upon

ring opening of the epoxy group. One should also note the

increase of the relative abundance of the ECard-PLA peak with

the increase of the catalyst molar ratio (from 0.02 to 0.1) as evi-

denced in the insets of Fig. 3b–d. Increasing the amount of initi-

ator tends to favor the grafting of the epoxidized cardanol in a

noticeable extent under relatively given molar ratio limits. An

attempt has been conducted using a PLA/ECard/ETPB formula-

tion at 80/20/0.1. The appearance of the extruded mixture

strongly suggested the PLA has been degraded. Its SEC chro-

matogram depicted in Figure S2a (Supporting Information) con-

firms this observation with a broad peak convoluted with the

oligomers of ECard readily detected with an associated molecu-

lar weight comprised between 30,000 and 1,500 g mol21

(according to the elution volumes of the PS standards, inset in

Figure S2a). A SEC-MALDI-MS coupling on this last PLA/

ECard/ETPB 80/20/0.1 assessed the PLA nature of the broad

polymeric distribution by the 72 Da shift between consecutive

oligomers (C3H4O2, the repeating unit of a PLA chain). The

degradation of the PLA sample, i.e. cleavage of bonds upon

thermo-oxidative processes leading to the mass reduction, and

the complexity of ECard (expected to be a diepoxidized carda-

nol but most likely containing residual phenol groups instead of

epoxy and dimers as impurities [37] account for the occurrence

of several mass distributions. The detection of a complex isoto-

pic pattern for each oligomer in Figure S2c is in accordance

with the presence of at least one cardanol moiety along the

backbone (consecutive peaks spaced by 2 Da owing to the poly-

unsaturated side chain [38] constituting a preliminary clue at a

molecular level for the grafting of NC514S on PLA chains.

In addition to the SEC analyses conducted on device

equipped with a UV detector to highlight the reactive grafting

of ECard onto PLA backbone, SEC analyses were also con-

ducted on another device equipped with RI detector to check at

any changing of the molecular weight of PLA. SEC analyses

used to determine the apparent molecular weight (Mn and Mw)

of all samples according to polystyrene standards are summa-

rized in Table 1.

Melt blending of PLA with 20 wt% of ECard does not have

any impact on PLA molecular weight. The addition of 0.02 phr

of ETPB does not affect the molecular weight of the polymer

when taking into account the uncertainty of SEC measurements

(ca., 10%). However, for higher ETPB concentrations (>0.02

phr), a significant shift of Mw and Mn toward lower molecular

weights is observed, thus highlighting a concordance with the

results obtained with SEC-MALDI-MS. The presence of high

amount of catalyst leads to PLA chain scissions. PLA chain

scissions can be attributed to a nucleophilic attack of the disso-

ciated ETPB species under melt blending as explained above.

Besides the chain scission mechanism, branching/crosslinking

reactions also occur during the reactive extrusion. The branch-

ing/crosslinking can be explained by the presence of difunc-

tional epoxy groups in ECard, which can play a role of

crosslinker. The crosslinked moiety could not be analyzed by

SEC as it became insoluble [35].

Therefore, an excessive amounts of catalyst is not recom-

mended as it can have a negative impact on PLA molecular

weights.

Overall, the morphological analysis combined with FTIR and

SEC-MALDI-MS show that the addition of ETPB catalyst leads

to the creation of PLA-g-ECard copolymer. This latter takes an

effective role in compatibilizing PLA/ECard. Even though the

increase of the catalyst content has a positive impact on the

enhancement of the compatibility between the polymer and the

catalyst, it is clearly shown that at higher catalyst content

(>0.02 phr), PLA chain scission occurs, therefore deteriorating

the overall properties of PLA based materials.

Thermal Behavior

TGA and DSC were used to examine the thermal properties

of all PLA based materials after melt processing.

The effect of the plasticizer on the thermal stability of the

polymeric matrix is not often considered when studying plastici-

zation of polymers. To investigate the effect of the presence of

TABLE 1. Molecular weights and dispersity as determined by SEC on all the investigated materials.

�Mn (g/mol) (PS) �Mw (g/mol) (PS) Dispersity Ð (Mw=Mn)

Blend composition (W/W) PLA ECard* PLA ECard* PLA ECard*

Extruded PLA 118,120 244,280 2

Ecard 756 1,188 1.5

PLA/ECard (80/20) 113,460 793 224,540 1,266 2 1.5

PLA/ECard/ETPB (80/20/0.02 phr) 105,570 799 217,260 1,271 2 1.5

PLA/ECard/ETPB (80/20/0.06 phr) 91,500 682 182,000 1,106 2 1.5

PLA/ECard/ETPB (80/20/0.1 phr) 51,700 691 101,000 1,125 2 1.5

FIG. 4. TG curves for neat and plasticized PLA-based materials under air

atmosphere. [Color figure can be viewed at wileyonlinelibrary.com]
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ECard and the reactive grafting of a fraction of this latter on

the thermal stability of PLA matrix, TGA measurements were

performed on the elaborated formulations (Fig. 4). The thermal

stability of plasticized PLA was compared with that of neat

PLA. Figure 4 shows the TG curves for PLA and plasticized

PLA with ECard in absence and in presence of ETPB (0, 0.02,

and 0.06 phr). The addition of ECard to PLA matrix leads to a

slight shift of the decomposition onset temperature to lower

temperatures with respect to neat PLA. However, the reactive

grafting of a fraction of ECard onto PLA backbone after addi-

tion of 0.02 phr of catalyst does not seem to have any impact

on the thermal decomposition temperature of plasticized PLA as

compared with the nonreactive system PLA/ECard. However, in

a highly reactive system containing 0.06 phr of catalyst, a lower

decrease of the decomposition onset temperature is displayed.

This could be due to the PLA molecular mobility restriction

caused by high grafting rate of ECard. However, it should be

noted that no effect related to the presence of ECard and its

reactive grafting on PLA backbone was observed on the decom-

position temperature at 50% weight loss. Overall, the addition

of ECard in absence and in presence of catalyst did affect the

thermal stability of PLA only at higher temperature ranges

(above 2708C), which are far away from the temperatures used

during the melt processing.

Thermal behaviors of the investigated PLA/ECard materials

were examined by means of DSC. Table 2 and Fig. 5 summa-

rize the thermal properties of neat and plasticized PLA.

DSC thermogram of neat PLA displays a glass transition

temperature (Tg) at about 608C, an exothermic peak of cold

crystallization around 1248C and an endothermic melting peak

at 1548C. Furthermore, the melting enthalpy (DHm) of neat PLA

is about equal to the enthalpy of cold crystallization (DHcc),

indicating that neat PLA is entirely amorphous. This is due to

the fact that the investigated PLA contains 4.6% of D-lactide

isomer, which reduces its capability to crystallize.

The addition of 20 wt% ECard leads to the shift to lower

values of the glass transition and the cold-crystallization peak

(Tg 5 418C, Tcc 5 1108C). This shift is probably due to enhanced

PLA chain mobility as a consequence of the presence of a high

amount of low molecular weight plasticizer. Moreover, besides

the main melting peak (Tm) at 1538C, a shoulder at 1428C

appeared. Multiple melting peaks are typically observed in semi-

crystalline polymers due to melt-recrystallization, and for PLA,

corresponds to melting of initial lamellae and that of thicker,

more perfected crystals formed during heating [39]. In this par-

ticular case, in the presence of ECard, this is directly linked to

an increased mobility for short-range motion of the PLA chains.

As a consequence a large portion of the amorphous phase got

allowed to crystallize in the plasticized PLA [24], demonstrated

by the presence of the shoulder (1428C) in the melting peaks of

PLA blends. The reactive grafting of a fraction of ECard in

presence of 0.02 phr of catalyst does not affect the overall ther-

mal properties of plasticized PLA as Tg, Tcc, and Tm remained

constant. However, even though no sensitive evolution is

observed on the Tg and Tm of the reactive blend containing three

times more of catalyst (0.06 phr), Tcc did shifted toward higher

values (1148C). The evolution of Tcc as a function of the pres-

ence of ECard and catalyst is as follows: Tcc-PLA> Tcc-PLA/

ECard/ETPB-0.06 phr> Tcc-PLA/ECard � Tcc-PLA/ECard/

ETPB-0.02 phr. The origin of this trend is not clear as many

processes occur at the same time during reactive extrusion

(grafting, branching, crosslinking, chain scission. . .). However,

two explanations can be stated out: (i) It is known from the lit-

erature that grafting may increase the crystallization temperature

as the result of increased chain interaction, making it more diffi-

cult for these chains to disentangle from each other to crystallize

FIG. 5. DSC curves recorded for neat and plasticized PLA-based materials

during the second heating. [Color figure can be viewed at wileyonlineli-

brary.com]

TABLE 2. Overall thermal and mechanical properties of all the materials investigated.

Blend composition (in wt%) Tg
a (8C) Tcc

a (8C) Tm
a (8C) (DHm – DHcc)

a (J/g) Tg
b (E00max) (8C) E0c (MPa) Etd (MPa) ry

d (MPa) eb
d (%)

Extruded PLA 60 124 154 0 60 1,850 1,861 63 5.7

Epoxidized Cardanol (ECard) 246 – – – – – – –

PLA/Ecard 80/20 41 110 153 2.2 245 and 50 1,488 1,361 28 32

144

PLA/ECard/ETPB (80/20/0.02 phr) 41 109 153 2.8 245 and 46 1,377 1,110 34 49

143

PLA/ECard/ETPB (80/20/0.06 phr) 41 114 154 0.5 245 and 46 1,510 1,425 31 11

145

aGlass transition temperature from the second heating DSC scans.
bGlass transition temperature at maximum E00 (DMA).
cStorage modulus at 208C (DMA).
dTensile properties at 208C according to ASTM D638 (test speed 5 mm min21).
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[40]. In the systems PLA/ECard/ETPB, this trend is observed

only in the most reactive blend (at high grafting rate). (ii)

ECard, being a difunctional glycidyl ether epoxy cardanol,

crosslinking/branching reactions should take place simulta-

neously between the epoxy groups of the plasticizer and the car-

boxyl and hydroxyl end groups of PLA chains during reactive

extrusion. As a consequence, the ability of PLA chains to crys-

tallize can be hindered.

Mechanical Properties

Dynamic mechanical measurements were performed at 1 Hz

to reveal the impact of plasticization and reactive grafting of

ECard on the mechanical characteristics of the blend. The tem-

perature effect on the storage modulus E0 and loss modulus E00

is depicted Fig. 6a and b and the extracted mechanical parame-

ters are summarized in Table 2 for neat and plasticized PLA. Tg

values are defined as the temperature of the maximum of the

loss modulus (E00) obtained for a relaxation.

Neat PLA exhibits one Tg equal to 608C while all plasticized

blends display two distinct Tg, indicating the occurrence of a

phase-separation. The first Tg. is equal to 2458C for free Ecard,

while the second value above 408C corresponds to the Tg of plasti-

cized PLA chains. Plasticized PLA chains in all blends display

lower Tg as compared with neat PLA. Moreover, unlike DSC

results, DMA shows the reactive grafting effect of ECard on the

Tg of the blends. Indeed, the reactive systems PLA/ECard/ETPB

display lower Tg (468C) than the nonreactive one PLA/ECard

(Tg 5 508C). Similar behaviour was observed in our previous

study, in which the reactive blend PLA 1 10% MAG-PLA 1 20%

PEG [MAG-PLA: anhydride grafted PLA, PEG: poly(ethylene

glycol)] displayed lower Tg as compared with the nonreactive one

PLA 1 20% PEG [26]. It is commonly admitted that the glass

transition implies cooperative motions in one chain that are gov-

erned by intramolecular interactions as well as by intermolecular

interactions [41]. A certain dynamic free volume is required

allowing conformational change of the chain. Therefore, further

decrease of Tg in the reactive blend can be caused by the enhance-

ment of PLA chain disentanglement due to the presence of PLA-

g-ECard which will space out the chains, thereby leading to the

expansion of the free volume. The conformation of PLA-g-ECard

formed during the reactive extrusion can be at the origin of the

increase of PLA chain disentanglements. Physical interactions

between grafted and free ECard could be also considered when

describing the decrease of the Tg. Indeed, as discussed above, the

formation of PLA-g-ECard copolymer improves probably the

interfacial adhesion and the compatibility in PLA blends and thus

the plasticizing efficiency of ECard.

As stated by Piorkowska et al. [42], the curve loss modulus

E00 – temperature gives information about the dispersion/distri-

bution of ECard within amorphous PLA phase. The existence of

an additional low temperature peak in the plasticized PLA sug-

gests the formation of ECard-rich phase. Moreover, a broaden-

ing of the width of the peak reflecting the glass transition is due

to a plasticizer concentration gradient in all PLA blends.

Differences in results observed between DSC and DMA are

in general due to the fact that these two techniques are based on

different solicitation modes and thus their results cannot be sys-

tematically compared.

When looking at the storage modulus E0 curves as a function

of temperature for neat and plasticized PLA (Fig. 6b and Table

2), one can notice that E0 measured at 208C, for neat PLA is

higher (1850 MPa) than that of the plasticized blends. However,

among the plasticized blends, the reactive blend containing the

lowest amount of catalyst, that is, 0.02 phr, displayed the lowest

storage modulus (1377 MPa). When increasing the content of

FIG. 6. Temperature dependence of (a) loss modulus E00 and (b) storage

modulus E0 for neat and plasticized PLA-based materials. [Color figure can

be viewed at wileyonlinelibrary.com]

FIG. 7. Tensile strain-stress curves for neat and pleasticized PLA-based

materials. [Color figure can be viewed at wileyonlinelibrary.com]
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the catalyst, that is, 0.06 phr, the storage modulus of the mate-

rial increased from 1377 MPa (PLA/ECard/ETPB-0.02 phr) to

1510 MPa. Therefore, the evolution of E0 as a function of the

presence of Ecard and catalyst is as follows: E0-PLA>E0- PLA/

ECard/ETPB-0.06 phr>E0- PLA/ECard>E0- PLA/ECard/

ETPB-0.02 phr. A clear correlation between the increase of E0

and the increase of Tcc in the most reactive blend, that is, PLA/

ECard/ETPB-0.06 phr as compared with PLA/ECard/ETPB-0.02

phr can be made. Even though these two reactive blends display

the same Tg according to DSC and DMA, they do exhibit differ-

ent viscoelastic properties.

Nominal tensile axial stress-strain behavior at room tempera-

ture, 208C, of neat and plasticized PLA materials is depicted

Fig. 7. The corresponding tensile properties are reported in

Table 2 [tensile modulus Et, yield stress ry and tensile elonga-

tion at break eb (ultimate strain)]. Neat PLA exhibits a purely

brittle tensile failure and behavior characterized by a high ten-

sile modulus (1860 MPa), a high yield point (63 MPa) and a

very low elastic axial deformation <6%. Indeed, neat PLA

reveal crazes, whose propagation and coalescence can lead to

the specimen fracture. It is well established that the macroscopic

stresses that are dissipated locally may be due to a competition

between damage mechanisms by crazing and chain orientation

mechanisms. For neat PLA, the chain motion is definitely not

high enough to initiate stress dissipation by chain orientation

[26, 27]. Damage mechanisms are thus favored. Damage mecha-

nisms are generally observed in brittle polymer below its brittle-

to-ductile transition temperature [43].

All plasticized PLA specimens exhibit lower tensile modulus,

lower yield stress, and higher strain at break as compared to neat

PLA. Furthermore, all plasticized PLA specimens yielded stable

necking, showing cold-drawing behavior. They were subjected to

tensile deformation accompanied by whitening of the specimen due

to the development of crazes in the amorphous phase, highlighting

the plasticizing efficiency of ECard. Nevertheless, the plasticizing

effect is very much dependent on the presence and the amount of

the catalyst (reactivity of the materials). In fact, the reactive blend

containing the lowest amount of catalyst, i.e., 0.02 phr, exhibited

the highest ductility behavior characterized with lower tensile mod-

ulus and higher strain at break. Indeed, the tensile modulus and the

strain at break measured for PLA/ECard/ETPB-0.02 phr are 1110

MPa and 49%, while those displayed for the physical blend PLA/

ECard and for the most reactive blend PLA/ECard/ETPB-0.06 phr

are 1361 MPa and 32%, and 1425 MPa and 11%, respectively. Fur-

ther increase of the amount of the catalyst has tendency to deterio-

rate the overall mechanical properties of the material. The same

trend was observed by DMA. As mentioned above, ECard, being a

difunctional glycidyl ether epoxy cardanol, crosslinking/branching

reactions should take place simultaneously between the epoxy

groups of the plasticizer and the carboxyl and hydroxyl end groups

of PLA chains during reactive extrusion. As a consequence, the ten-

sile/elastic modulus in the reactive blend PLA/ECard/ETPB-0.06

phr increases (Scheme 1).

Unlike neat PLA, in all plasticized PLA specimens molecular

relaxation is enhanced and the stresses are dissipated by conforma-

tional changes of glassy amorphous PLA chains, leading to seg-

mental orientation and disentanglement [26, 27]. These phenomena

are more prominent in the reactive blend containing the lowest con-

tent of catalyst, that is, PLA/ECard/ETPB-0.02 phr blend.

CONCLUSIONS

In this study, plasticization of PLA with a new biobased

plasticizer, di-functional glycidyl ether epoxy cardanol, is

described. In situ reactive grafting strategy has been employed

to improve the compatibility between PLA and ECard in pres-

ence of ETPB as a catalyst using twin-screw extruder. In

absence of catalyst, ECard forms micron-sized domain dispersed

in the PLA matrix. The weakness of the interface between PLA

and ECard highlights a high incompatibility between both

phases. Domain size distribution of the plasticizer decreases in

presence of ETPB. This decrease is accentuated with the

increase of the catalyst amount. This morphological trend can

be explained by the fact that the reactive grafting of a fraction

of ECard plasticizer onto PLA backbone leads to the creation of

more interactions between the so-functionalized polyester matrix

and the remaining fraction of non-grafted plasticizer. Although

all plasticized PLA specimens exhibit lower glass transition tem-

perature, lower elastic/tensile modulus, lower yield stress, and

higher strain at break, the reactive blend containing the lowest

amount of catalyst, that is, 0.02 phr, exhibited the highest ductil-

ity behavior. Indeed, it is clearly demonstrated in this study that

at higher catalyst content (>0.02 phr), PLA chain scission and

crosslinking/branching reactions occur, therefore deteriorating

the overall properties of PLA based materials.
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A B S T R A C T

An environmentally benign concept based on waterborne systems is developed for preparation of novel nano-
composite materials with tunable properties. The designed nanocomposites are based on combination of core-
shell latex nanoparticles, cellulose nanocrystals (CNC) and polyethylene glycol (PEG). First, core-shell latex
nanoparticles from copolymer (methyl methacrylate-ethylene glycol dimethacrylate)-core and copolymer (me-
thyl methacrylate-butyl acrylate)-shell (CS15) are prepared by starved emulsion polymerization. Likewise, in-
corporation of CNC aqueous suspension into the core-shell latex without any further chemical modification of
the nanofiller while assuring good compatibility between both entities is achieved. PEG is effectively added to
the suspension to assure multiple functions in the final material. After mixing of the ternary systems, the na-
nocomposites are prepared by three approaches, i.e. solution casting, solution casting followed by compression
molding, and freeze drying followed by compression molding. SEM analysis shows that compression molding
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processes lead to the highest degree of coalescence of CS15 nanoparticles. This effect is however reduced in
presence of PEG or PEG/CNC. It is further observed that the presence of PEG helps protecting CNC from thermal
degradation. Thermal and thermo-mechanical analyses prove a high plasticizing performance of PEG and its
good confinement between the nanoparticles and at interstitial spaces. Furthermore, it is revealed that the level
of material reinforcement by CNC depends strongly on the ratio between CNC and PEG due to the establishment
of strong interactions via hydrogen bonding between both components, which can affect the formation of CNC
percolating network. These findings allow tuning the microstructure and related properties of the nano-
composites.

1. Introduction

In recent years, replacing petroleum-based products with materials
obtained from renewable resources is of a high importance in terms of
economic and ecological perspectives [1]. Indeed, an increasing interest
has been concentrated on the development of biobased materials in
different sectors to overcome the environmental concerns and in-
evitable dwindling of petroleum-based resources. The development of
polymers as well as nanofillers derived from renewable resources al-
lowed the advances made in this trend. Among the biobased nanofillers,
cellulose nanocrystals (CNC), extracted from cellulose, have emerged as
very promising materials for the design of environmentally friendly
materials thanks to their renewability, biodegradability, needle-like
morphology, low specific density and exceptional mechanical proper-
ties [2–10]. Indeed, the CNC Young‘s modulus is in the range of 130 and
250 GPa (depending on the variety and the source of cellulose as well as
on the method of extraction) [6]. Thanks to their remarkable me-
chanical properties, nanoscale size and high aspect ratios, CNC fulfill all
features necessary for ideal nanofiller for preparation of polymeric
nanocomposites [2–10].

One of the disadvantages associated to the utilization of cellulose
nanoparticles for preparation of polymer nanocomposites as a re-
inforcement material is their difficulty to disperse in most of polymeric
matrices and particularly in hydrophobic matrices, or in non-polar
solvents due to polar nature of their surface, thus leading to the ag-
gregation of nanofillers [4,6].

To overcome all these issues, chemical modification of the surface of
CNC is used such as polymer chain grafting that can play a role of
compatibilizer, mainly, when they are of the same nature as the matrix
[2,6–9] and hence improving the final mechanical properties of the
nanocomposite materials. However, the disadvantage of this approach
is the use of many toxic chemicals.

To minimize these drawbacks, few studies recently reported the use of
new methodology based on the preparation of nanocomposites with a
polymeric latex as a matrix and CNC as a reinforcing agent. When they are
homogeneously dispersed in the polymer matrix, they provide an out-
standing reinforcing effect [11–14]. In fact, polymer aqueous suspensions,
so-called latexes, have attracted enormous interest. This area has been sti-
mulated by environmental concerns s and governmental directives to move
from solvent-based to water-borne systems as well as the scientific chal-
lenges that still need to be addressed. Further processing of the generated
latex can be performed by solution casting or by lyophilization (also called
freeze drying) followed by conventional thermoforming processes (injection
molding, compression molding, extrusion, etc.) [11–14]. It is well known
that the standard model for latex film formation follows three stages in-
cluding evaporation of water and packing of latex particle; particle de-
formation along with the loss of the interstitial voids between latex particles;
and the inter-diffusion of polymer chains between the residual particles
achieving the final mechanical properties of the film [15]. When using
water-born systems, several recent studies showed the possibility to mix
different kinds of latexes with different organic and inorganic suspensions
[13,15]. Therefore, it becomes very convenient to incorporate CNC aqueous
suspension into latex suspension, without any further chemical modification
of the nanofiller to assure a good compatibility. Favier et al. [13,14] are the
first authors who reported the processing by casting of composite materials

based on aqueous suspensions of CNC and latex synthesized by copoly-
merization of the monomers butyl acrylate (65% (w/w)) and styrene (35%
(w/w)). They observed enhancement of the mechanical properties (shear
modulus) in the rubbery state of the polymer due to the presence of CNC.
Different types of mechanical models were developed to describe this effect.
It was deduced that CNC create a rigid network, most likely linked together
by hydrogen bonds. It is believed that the percolation mechanism is at the
origin of the formation of this network [13,14]. More recently, Annamalai
et al. [11] prepared biomimetic, stimuli-responsive polymer nanocompo-
sites from an aqueous styrene− butadiene rubber (SBR) latex and CNC
aqueous suspensions. The final nanocomposite materials were made by
three different processes, i.e. i) solution casting, ii) solution casting followed
by additional reshaping by compression molding, and iii) infusion of SBR
solution in CNC organogel template and subsequent drying and thermo-
forming by compression molding of the gel. The study highlighted the ad-
vantage of using CNC as a reinforcing agent for polymeric matrix obtained
out of latex. It was also shown that the method of preparation of the final
nanocomposites out of mixtures of SBR latex with CNC aqueous dispersion
influenced the properties of the materials.

The purpose of this study aims at extending and exploring the
concept of Latex based nanocomposite materials to core-shell polymeric
latex characterized by crosslinked hard core and soft shell to design
new and innovative materials that can find applications in different
domains. Tailored core-shell latex nanoparticles can offer a variety of
properties and similar advantages as homogeneous nanoparticles and
avoid the disadvantage of organic solvent release during the prepara-
tion of the film [16]. CNC are used as a biobased reinforcing agent
thanks to their enormous Young’s modulus (up to 250 GPa) [6]. Low
molecular weight PEG is used as a plasticizing agent. The combination
of the three components exhibiting different properties (thermal,
rheological, mechanical etc.) are expected to tailor the properties of the
final ternary nanocomposites. Furthermore, fundamental aspects gov-
erning the behavior of such hybrid polymer nanocomposites are still not
well understood since they were barely investigated. Therefore, the
present study will contribute to better understand the physical and
chemical interactions occurring between the phases of the nano-
composites. It will also contribute to better understand the relationship
between the morphological features and the final properties of the
material (thermal and thermo-mechanical properties).

Therefore, in the present study core-shell latex nanoparticles from
copolymer (methyl methacrylate-ethylene glycol dimethacrylate)-core
and copolymer (methyl methacrylate-butyl acrylate)-shell (CS15) were
synthesized by starved emulsion polymerization. The core-shell nano-
particles should exhibit soft shell will low glass transition temperature
(Tg) and a hard crosslinked core. In fact, soft shell is expected to allow
the coalescence/compaction of the nanoparticles during the film for-
mation (via solution casting or compression molding. A hard cross-
linked core is expected to allow retaining the particle-structure while
enhancing the mechanical properties of the subsequent film (higher
modulus). Using CS15 as a matrix, CNC isolated from ramie fibers as a
biobased reinforcing agent and polyethylene glycol (PEG) as a plasti-
cizing agent, a new family of nanocomposite materials with tunable
properties were prepared. The nanocomposite films were elaborated
using three different approaches including solution casting, solution
casting followed by compression molding, and freeze drying followed
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by compression molding. The addition of both PEG and CNC allowed to
tailor the microstructure and related properties of the ternary system
CS15/PEG/CNC. Moreover, the effect of the processing techniques, i.e.
solution casting versus compression molding on properties of the ma-
terials was examined. The impact of the ratio of CS15/PEG/CNC on the
morphology, thermal and thermo-mechanical properties of the elabo-
rated materials was evaluated.

2. Experimental section

2.1. Materials

Sodium hydroxide was purchased from Penta. Sulfuric acid (96%
p.a.), polyethylene glycol (PEG) (Mn=700 g mol−1), methyl metha-
crylate (MMA) (Aldrich, 99%), iso-butyl acrylate (BA) (Aldrich,
≥99%), Ethylene glycol dimethylacrylate (EGDMA) (Aldrich, 98%),
potassium persulfate (Aldrich, 99.99%) and sodium dodecyl sulfate
(SDS) (Fluka,> 96%) were used as received. Ramie fiber was kindly
offered by Stucken Melchers GmbH & Co. KG (Germany). Deionized
water was further treated by using a Millipore Simpack 2 purification
device for the synthesis part.

2.2. Synthesis of core-shell nanoparticles

The core-shell nanoparticles were prepared by starved emulsion
polymerization [17,18] using LABMAX. The synthesis was performed in
a 4 l jacketed reactor at 70 °C under nitrogen atmosphere. The reactor
was firstly filled with MQ water (2.405 l) and SDS (0.80 g in 20ml MQ-
water) and heated. Solution of KPS used as initiator ((2.5 g in 75ml
MQ-water) was then added, and the feed of 5% w/w monomer mixture
(20% EGDMA / 80%MMA) at 2.5ml/min (125ml total) started. 30min
after the end of monomer addition, 10ml of 20% SDS solution were
added and the reaction was allowed to proceed. The conversion reac-
tion and the size of the particles were monitored using gravimetric
analysis and dynamic light scattering (DLS), respectively. Once the core
of the particles was reached with the desired diameter, approximately
160 nm, additional 1.25 g KPS was added into the reactor followed by
the feed of 100ml of 70% BA / 30% MMA with the feeding rate of
0.5 ml/min to generate the shell. The monomer feed was stopped when
the shell of the nanoparticles reached the size of 15 nm-thick. A latex
(CS15) with core-shell nanoparticles characterized by a core diameter
of 160 nm and shell thickness of 15 nm were used as prepared. Their
average size distribution was analysed in the ZetaSizer (Malvern Zeta-
Sizer Nano-ZS) (Fig. S1 in the Supporting Information). It is worth
mentioning that core-shell nanoparticles with different shell thickness
were prepared, i.e. 5, 10 and 15 nmA shell thickness of 15 nm was
necessary to prepare films with good mechanical properties.

2.3. Preparation of cellulose nanocrystals

The method used to prepare cellulose nanocrystals (CNC) was
adopted from Habibi et al. [19]. 30 g of clean ramie fibers were me-
chanically cut into small segments. Subsequently, they were treated
with 500ml of a 4% of sodium hydroxide solution at 80 °C for 2 h to
eliminate residual contaminations. The fibers were then immersed in
400ml of sulfuric acid solution (64 wt.%) at 50 °C for 45min. They
were subjected to a continuous mechanical stirring for an efficient acid
hydrolysis. After the acid hydrolysis was completed, the hydrolysis was
stopped by the addition of cold deionized water. The obtained sus-
pension was filtered to take away unhydrolyzed fibers. The suspension
was carefully and repeatedly washed with deionized water by cen-
trifugation at 12 300 rpm at 10 °C for 20min until neutral pH was
reached. Lastly, dialysis was performed against deionized water for 10
days to eliminate residual sulfuric acid. Aqueous suspension of CNC was
then sonicated for 30min using ultrasonic probe (Bandelin Sonoplus).

2.4. Preparation of nanocomposites

Well-defined amounts of the CNC suspension were incorporated into
the CS15 latex. The resulting mixtures of CS15/CNC were magnetically
stirred during 3 h and sonicated in sonication bath (Bandelin Sonorex)
for 1 h with ice cubes. Addition of plasticizing agent i.e. PEG to the
formulation CS15/CNC was also performed. Amounts of PEG ranging
from 10 to 20 wt.% based on the total weight of the mixture were added
to the CS15/CNC water mixture while magnetically stirring over 1 h.
The nanocomposite films were processed by the approaches described
below.

2.4.1. Solution casting (SC) and solution casting followed by compression-
molding (SC-CM)

When solution approach was applied, the resulting mixture sus-
pensions (CS15, CS15/CNC or CS15/CNC/PEG) were cast on Teflon
Petri-dishes and placed in a ventilated oven at 40 °C during 3 days to
ensure complete water evaporation, hence leading to the formation of
nanocomposite films.

When solution casting followed by compression molding approach
is applied, compression-molding of the films prepared by solution
casting was carried out in a hydraulic press SHP 20, ZDB Hydraulics,
Ltd., (CR 2000) between Teflon sheets for 3min at 165 °C. Under these
optimized conditions non shrinking, self-standing films were obtained.

Reference samples of neat CS15 films were also elaborated fol-
lowing aforementioned approaches.

2.4.2. Freeze drying followed by compression molding (CM)
The mixtures (CS15, CS15/CNC or CS15/CNC/PEG) were subse-

quently freeze dried for 48 h (freeze dryer Christ Alpha 1–2 LD plus
equipped with vacuum pump Vacuubrand RZ 2.5). The resulting
powders were further compression-molded in a hydraulic press (SHP
20, ZDB Hydraulics, Ltd., (CR 2000)). 50×50×1 mm3 square plates
of CS15 (reference sample), CS15/CNC or CS15/CNC/PEG were com-
pression molded using a definite mold. The followed procedure includes
several steps: i) the powder was placed inside the mold, ii) it was heated
at 165 °C during 2min, iii) then it was compressed during 1min with a
pressure of 4MPa, and iv) CS15, CS15/CNC or CS15/CNC/PEG were
cooled in a second cooling hydraulic press by means of water circula-
tion (15 °C).

2.5. Characterization

2.5.1. Transmission electron microscopy
CNC size and shape were determined using Transmission electron

microscope (TEM). The measurement was carried out by JEM-1010
(JEOL, Ltd; Japan) equipped with a CCD camera MegaView III Olympus
SIS (Germany). Drops of aqueous dispersions of CNC (about 10 μl) were
applied to a copper electron microscopic grid, covered by very thin
layer of carbon, left to adhere for about 5min and excess of solution
was sucked out with a filter paper. Then, the grid was placed on a drop
of 1% uranyl acetate in ethanol for about 2–5minutes to contrast the
sample. The grid was again dried by filter paper and inserted into the
microscope for subsequent observation. Microscopy was carried out at
an acceleration voltage of 80 kV. The pictures were evaluated by Image
Analysis Software v.3.2. and the dimensions of nanoparticles were
measured about 30 times on, at least, 3 independent fields on the grid
(i.e. taken pictures).

2.5.2. Scanning electron microscopy
Scanning electron microscope (SEM) was used to observe the sur-

face and cross-section of the nanocomposites. The samples were coated
by the 5 nm thin layer of gold and measured by electron microscope
Mira 3 LMH (Tescan Brno, s.r.o.; Czech Republic) equipped with
Shottky cathode.
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2.5.3. Fourier transform infrared spectroscopy
The chemical structure of freeze dried cellulose nanocrystals was

characterized by Fourier transform infrared (FTIR) spectroscopy in at-
tenuated total reflectance (ATR) mode using a Thermo Scientific
Nicolet iZ10-FTIR spectrometer, working with OMNIC Software.
Spectra were obtained using 64 scans summation and 4 cm−1 resolu-
tion.

2.5.4. X-ray diffraction
The crystalline structure of CNC was determined using X-ray dif-

fraction of cellulose powder obtained by freeze drying. The composite
films were characterized by same methodology. X-ray powder data
were measured at room temperature on a θ-θ powder diffractometer
X'Pert3Powder in Bragg-Brentano parafocusing geometry using wave-
length CuKα radiation (λ=1.5418 Å, U=40 kV, I= 30mA). Data
were scanned using an ultrafast detector 1D PIXcel angular range 5–50 °
(2θ) with a step size of 0.039° (2θ) and a counting time of 175.185 s per
step. Data evaluation was done by HighScorePlus 4.0.

2.5.5. Differential scanning calorimetry
The thermal properties were investigated with a differential scan-

ning calorimeter TA Q1000, TA Instruments, USA under a nitrogen gas
flow. The heating rate was adjusted to 10 °C/min. Samples (3–5mg)
were placed in a well-sealed aluminum pans and were exposed to three
cycles: i) first heating from -90 to 165 °C, ii) then cooling from 165 to
−90 °C and iii) finally heating from -90 to 165 °C.

2.5.6. Dynamic mechanical thermal analysis
The viscoelastic behaviors of the materials were assessed by means

of dynamic mechanical thermal analyzer (DMTA) DX04 T model (RMI,
Czech Republic). Rectangular specimens (50×10×1 mm3) were
used. Before testing, they were conditioned for 24 h at 50% of relative
humidity and at 20 °C. Afterward, they were subjected to single canti-
lever (two-point bending) testing with dynamic deformation (de-
formation amplitude) of 0.25mm and static deformation (pre-strain) of
0mm at a heating rate 2 °C/min and a frequency of 1 Hz. Temperature
range was set between -80 to 140 °C.

3. Results and discussion

3.1. Characterization of CNC

The CNC utilized in this study were extracted from bleached ramie
fibers by acidic hydrolysis following the procedure described by Habibi
et al. [20]. TEM images shown in Fig. 1a revealed that CNC were well
individualized into rod-like nanoparticles. From TEM images, an
average length of 172 ± 47 nm and an average diameter of
7 ± 1.8 nm were measured. An aspect ratio of 25.5 was calculated
from these CNC size parameters. The dimensions of CNC are in ac-
cordance with previously published data reported for ramie CNC pre-
pared under the same conditions. FTIR and XRD confirmed the suc-
cessful extraction of CNC (Fig. 1b and c). FTIR spectrum of CNC
showed peaks typical for cellulose bond stretching at 3336 cm−1 (−OH
groups), 1650 cm−1 (C]O carbonyl groups), 1100 cm−1 (CeOeC
glyosidic ether groups) and 1161 cm-1 (CeC ring breathing band). XRD

Fig. 1. a) TEM image, b) FTIR spectrum and c) XRD pattern of ramie CNC.
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diffractogram of CNC showed peaks at 2θ=16.7, 22.6, and 33.7 ° at-
tributed to (110), (200), and (004) planes, which are typical of cellu-
lose-I structure [21,22].

3.2. Preparation and morphology of CS15/PEG/CNC nanocomposite films

Nanocomposite films based on CS15 latex, 0–14% CNC and 0–20%
PEG were first prepared by solution casting. Water was slowly evapo-
rated at room temperature. Film of neat CS15 prepared by this method
developed a lot of cracks due to limited compaction properties between
the nanoparticles (Fig. 2A). It is worth noting that drying at higher
temperature up to 50 °C did not improve the quality of the films. The
addition of 8% of CNC to CS15 leads to the formation of more compact
films with less cracks (Fig. 2A), highlighting a good compatibility be-
tween CNC and CS15, thanks to the SDS surfactant present at the sur-
face of the latex nanoparticles. However, as the amount of CNC in-
creases, the film becomes brittle again due to the reinforcing effect of
CNC, though the film becomes more transparent due to the outstanding
optical properties of CNC (Fig. 2A).

Interestingly, combination of PEG and CNC brings better compac-
tion and transparency to the final latex based films, particularly at high
PEG loading, i.e. 20–30wt.% (Fig. 3A). It is worth noting that in ab-
sence of CNC, CS15/PEG films exhibited some cracks and two visible
phases, even at higher PEG loading. Therefore, a combination of CNC
and PEG is beneficial for producing CS15 free-standing films by solution
casting, presumably due to CNC network formation. This also indirectly
states for an establishment of interactions between CNC and PEG. Re-
cently Cheng et al highlighted the process of adsorption of PEG was
recently reported by Cheng et al. [23].

Though the combination of CNC and PEG helped improving the
quality of the CS15 based films, some cracks were still visible. In order
to achieve high degree of coalescence/compaction with desired thick-
ness, films prepared by solution casting were further compression-
molded at 165 °C (Figs. 2B and 3B). Transparent free-standing films
were obtained due to the softening of the shell during the heat, leading
to a very high degree of coalescence of the shell of the polymeric na-
noparticles. However, visual observation of the compression-molded
materials shown in Fig. 2B allowed providing clear information about
the thermal stability of CNC. In fact, the CS15-based films were

brownish when loaded with CNC, while unfilled CS15 remained col-
orless after similar heat-processing treatment (compression molding).
This visual observation indicates that the thermal degradation of CNC
was probably occurring during the compression molding step. Indeed,
as already reported in the literature the presence of sulfate groups the
surface of CNC reduces their thermal stability [2]. Hence, the tem-
perature applied in this case during the compression molding must be
close to the temperature at which CNC begins to undergo some thermal
decomposition [2]. In contrast, CS15-based films containing CNC and
PEG appear colorless and transparent. This is another clear indication
that PEG chains adsorbed at the surface of CNC and played a role of a
protective shell around the nanofillers, thus preventing their thermal
decomposition during the compression molding at relatively high
temperature.

Fig. 4 gathers representative morphologies and microstructural as-
pects of the CS15 based materials prepared by different approaches. As
shown in Fig. 4a, SEM micrographs of the films formed by solution
casting showed the establishment of a coalescence between CS15 na-
noparticles in CS15 film. Indeed during evaporation of water (con-
tinuous phase), these interactions and all forces resisting particle de-
formation should be weakened to allow the establishment of the inter-
particle coalescence [11]. SEM analysis allowed also to confirm the
establishment of better compaction between CS15 nanoparticles in
presence of CNC (Fig. 4b and c). Moreover, a higher degree of com-
paction is achieved by increasing the content of CNC in CS15/CNC
nanocomposites. This compaction is enhanced by the addition of PEG to
the binary blend CS15/CNC (Fig. 4d). The ternary systems CS15 / 20%
PEG / 8% CNC displayed a co-continuous morphology in which two
phases can be distinguished. In the main phase, very high degree of
compaction of the CS15 nanoparticles is attained thanks to the presence
of PEG and CNC. The minor phase is dispersed in the main one in a co-
continuous manner. This minor phase is most likely PEG and CNC-rich.
This co-continuous morphology observed is solution casted films is a
consequence of concentration gradient of PEG/CNC formed in the CS15
based materials during the evaporation of water.

According to previous studies [24–26], the increase of compaction
in presence of additives such as block copolymers, in this case CNC and
PEG, suggests a decrease for the coalescence of the nanoparticles
through steric hindrance by PEG and/CNC at the interface. Milner et al.

Fig. 2. Nanocomposite films of CS15/CNC prepared by A) solution casting, B) solution casting followed by compression molding.
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suggested that suppression of coalescence is because of a force arising
from surface tension gradient (referred as the Marangoni force) caused
by a gradient of the polymeric additive concentration at the interfaces,
in this case PEG and CNC. The gradient is engendered by flow between
the approaching nanoparticles [27]. When two nanoparticles get closer
to each other, the matrix between them is squeezed out (film drainage).
This squeezing flow transports the additives at the interface out from
the particle gap generating a gradient of concentration [24].

Besides the solution casting, SEM micrographs of the films elabo-
rated by solution casting followed by compression molding (Fig. 4e)
allowed also to confirm the positive effect of compression molding on

the coalescence of CS15 nanoparticles due to the softening of the shell
during the heat while retaining their particle-structure due to a hard
crosslinked core. In addition, few small nano-objects appeared in the
ternary systems. These nano-objects observed on the film surface may
originate from the phase separation under heat between the two co-
continuous phases observed in the solution casted films. Indeed, during
heat at 165 °C, the motion ability of PEG in the PEG/CNC-rich phase
will significantly increase allowing an easier rearrangement of the CS15
nanoparticles to coalesce due to the inter-diffusion of the shell poly-
meric chains. In addition, the resistance to coalescence arising from the
steric repulsive force induced by compression of the layers of additives

Fig. 3. Nanocomposite films of CS15/PEG/CNC prepared by A) solution casting, B) solution casting followed by compression molding.
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(PEG and CNC in this case) surrounding the surface of two approaching
nanoparticles becomes weak at very high temperatures, i.e. 165 °C
[24–26]. Therefore, excess of PEG/CNC is excluded from the composite
matrix, leading to the formation of few nano-objects on the film surface.
In fact, a good compatibility between CNC and PEG was confirmed by

preparing a mixture of PEG/CNC (ratio 2/5) using the same conditions
as CS15 based materials followed by the subsequent film formation. As
can be seen from Fig. 4i, SEM image of PEG/CNC film shows that CNC
are homogeneously dispersed in PEG matrix, confirming the good
compatibility between both phases, which is in good agreement with

Fig. 4. SEM images of nanocomposite films made of a, b, c) CS15/CNC prepared by solution casting (CNC content: 0, 8 and 14 wt.%), d, e) CS15/PEG/CNC prepared
by solution casting and by solution casting followed by compression molding, f, g, h) CS15/PEG/CNC prepared by freeze drying followed by compression molding
(FD-CM) and i) PEG/CNC.

Fig. 5. CS15/PEG/CNC specimen prepared by freeze drying followed by compression molding.
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the recent results reported by Cheng et al. [23].
To further improve the processability of the nanocomposite films

based on CS15 latex, another approach was tested. This approach
consisted of the freeze drying of the desired mixtures (CS15, CS15/CNC
or CS15/CNC/PEG) followed by compression molding. As can be seen
from Fig. 4f, a high degree of coalescence of CS 15 nanoparticles in
CS15 film is achieved while retaining their particle-structure due to a
hard crosslinked core. While the addition of 10 wt.% PEG did not show
a discernable impact on the morphology of CS 15/PEG film (SEM image
not shown here), the highest level of compaction of the material could
be attained in presence of 20 wt.% PEG (Fig. 4g). In fact, at higher PEG
loading, it becomes difficult to discriminate clearly the particle-struc-
ture shape of CS15 in CS15 / PEG 20% as PEG seems to fully occupy the
interstitial spaces and the interface, thus covering CS 15 nanoparticles.

As depicted in Fig. 5, visual observation of the films elaborated by
freeze drying and subsequent compression molding confirmed the
thermal sensitivity of CNC in CS15/CNC films highlighted by the dar-
kening of the film. The addition of PEG to CS15-based materials allows
on one hand to enhance the transparency of CS15 films which increases
with the increase of PEG content and on the other hand to protect CNC
from thermal degradation. The protecting effect of PEG seems to be
very much dependent on the ratio PEG / CNC and on the total sum of
amount of PEG and CNC. In fact, the ternary blends CS15 / PEG / CNC
containing more than 30% of PEG+CNC are yellowish, i.e. CS15 /
20% PEG/ 14% CNC and CS15/ 30% PEG/ 8% CNC. Surprisingly, the
addition of very high amount of PEG, above 20%, to the material
containing the lowest amount of CNC, i.e. 8wt.% produces the reverse
effect in which the protective role of PEG is slightly reduced. This un-
expected behavior is probably related to the leaching phenomena ob-
served in the films containing 30% PEG, evidenced by their sticky
surface. Probably under such a high amount of plasticizer, leaching
phenomenon can occur by expulsing the plasticizer from the blend
[28]. The yellowish color in the overloaded materials could be ex-
plained by leaching of a fraction of PEG covering CNC (PEG / CNC
leaching). To verify this hypothesis, a mixture of CNC / PEG (ratio 2/5)
was compression molded under the same conditions as the ternary
systems. The obtained film became very brown (data not shown), at-
testing for an insufficient protective effect of PEG towards CNC when
the mixture CNC / PEG is not confined within the polymeric matrix.
Therefore, due to their lack of stability overtime, the systems containing
30 wt.% PEG were not considered for further investigation. Based on
the above results, the approach consisting of freeze drying followed by
compression molding is preferred as it offers a number of advantages
such as absence of residual moisture, processability of high amount of
material, fast processing speed, easy control of the thickness and the
shape of the films etc.

As it is well described in the literature, the morphology of the films
prepared from latex materials is dependent on the degree of the “coa-
lescence”. The mechanism of coalescence of latex nanoparticles that are
generally stabilized by steric or/and electrostatic interactions through
charged polymers or adsorbed surfactants [11] implicates compaction,
deformation, cohesion and inter-diffusion of polymer chains from the
distinct nanoparticles. In the case of the solution casting, upon eva-
poration of water phase, all interactions resisting particle deformation
can be surmounted for an achievement of a maximum level of coales-
cence which is dependent on evaporation rate, and therefore on casting
temperature. According to SEM analysis, in the films prepared by
compression molding, a coalescence, i.e. inter-diffusion of the poly-
meric chains of the shell (copolymer (methyl methacrylate-butyl acry-
late)) occurs. A significant advantage of using core-shell nanoparticles,
such as CS15, is that this coalescence is limited only to the shell, while
hard core helps to retain the particle structure of the original nano-
particles. Due to this feature, the mechanical properties of the final film
are mainly governed by the shell coalescence. Furthermore, as in-
dicated by SEM analysis of the blends, the coalescence of the shell is
significantly affected by the presence of CNC and PEG. When

coalescence occurs, CNC and PEG must be concentrated within the
interstitial space, leading to an improvement of the reinforcement ef-
fect, than in the case where optimal dispersion of CNC in a polymeric
matrix is obtained. Similar behavior was reported previously by Dubief
et al. [12] and by Annamalai et al. [11].

For a deeper understanding of the morphological properties, X-ray
patterns of the CS15 based materials were collected and plotted in
Fig. 6a, b. In fact, though SEM analyses highlight the impact of the
presence of CNC on the morphology of the nanocomposites, it is diffi-
cult to observe precisely such small nanoobjects (diameter of
7 ± 1.8 nm) with this technique, particularly in the interstitial spaces.
XRD analyzes were carried out on the as-pressed films, which means
that the characterized materials are certainly affected by the processing
thermal history. Except for CS15 film, diffraction peaks are observed in
all other materials, indicating that CS15 film is amorphous. The addi-
tion of 10–20wt.% PEG to CS15 lead to the appearance of residual
crystals. These residual crystals are also observed in the freeze dried
blends CS15/PEG as shown in Fig. 6a, suggesting a crystallization of a
residual fraction of PEG at low temperatures. Further tiny peaks are
observed after the compression molding of the blends CS15/PEG due to
PEG chain rearrangement as a result of the processing effect. Therefore,
PEG residual crystals are probably formed during the cooling step of the
compression molded specimen in the hydraulic press. They are prob-
ably confined between the CS15 nanoparticles. Indeed, though ac-
cording to XRD (Fig. 6a) PEG is amorphous at room temperature, this

Fig. 6. (a) WAXS diagrams of PEG, CS15 / 20% PEG prepared by freeze drying
(FD) and prepared by freeze drying followed by compression molding (FD-CM),
(b) WAXS diagrams of CS15 based materials.
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latter can easily crystallize below 20 °C as it will be highlighted further
below by the results of DSC analysis.

CS15 based materials containing CNC show the presence of crys-
talline peak centered at 2θ=16.7 and 22.6 ° assigned to (110), (200),
and (004) planes, which are typical of cellulose-I structure [21,22],
attesting for a good preservation of CNC from thermal degradation at
high temperatures. Except for the material CS15 / 20% PEG / 14%
CNC, the intensity of the crystalline peaks of cellulose-I structure in-
creases when increasing CNC amount from 8 to 14wt.%, therefore in-
dicating again the good conservation of CNC during the melt processing
at 165 °C, even at higher CNC loading. The material CS15 / 20% PEG /
14% CNC exhibits lower peak intensities of cellulose-I as compared to
CS15 / 10% PEG / 14% CNC. Moreover, one can also notice the dis-
appearance of the residual peaks attributed to PEG, which is most
probably caused by thermal degradation observed on Fig. 5.

3.3. Thermal and thermo-mechanical properties

The thermal properties of PEG and CS15 based materials evaluated
by DSC are depicted in Fig. 7a, b, respectively. DSC thermograms of
PEG depicted in Fig. 7a indicate its crystallization at 18 °C during the
cooling cycle followed the melting of the formed crystals during the
second cycle of the heat demonstrated by the presence of a melting peak
with a maximum at 30 °C and a shoulder at 22 °C. DSC results highlight
the aptitude of the PEG to crystallize below room temperature. This
indicates, that the residual crystals observed by XRD in CS15 based
materials do belong to PEG and they are most probably formed during
the cooling of the compression molded specimen in the hydraulic press.

According to DSC thermograms of CS15 based materials shown in

Fig. 7b, all polymeric components constituting CS15 based materials,
i.e. CS15 and PEG, are amorphous. The residual crystals of PEG ob-
served by XRD (Fig. 6a, b) were not detected by DSC due to the sen-
sitivity limit of the technique. In addition, the absence of the Tg of PEG
from the thermograms of all CS15 materials containing PEG indicates
on one side that PEG is very well confined between the nanoparticles
and at the interstitial spaces, thus limiting its motion ability, and on the
other side confirms the absence of large-scale phase separation between
PEG and the other components within the nanocomposite.

It is worth mentioning that the materials containing 30wt.% of PEG
in which a leaching phenomenon was noticed exhibited a melting peak
with a maximum at 25 °C and a shoulder at 22 °C (Fig. S2 in the
Supporting Information). This melting peak belongs to PEG, thus in-
dicating a clear phase separation of a fraction of PEG from the blends.
Clearly under such a high amount of plasticizer, leaching phenomenon
does occur by expulsing a fraction of the plasticizer, i.e. PEG from the
blend as advanced aforementioned [28].

To study the impact of CNC and PEG on the thermo-mechanical
properties of CS15 based material, the changes of the storage modulus
(E’) and the loss modulus (E’’) as a function of temperature were probed
by DMTA. Fig. 8a, b show the E’ and E’’ versus temperature, respec-
tively, of all CS15 based materials. The thermo-mechanical parameters
extracted at room temperature (25 °C) are gathered in Table 1. It is
worth recalling that α relaxation associated with the glass transition
temperature (Tg) is described as the temperature at the maximum of the
loss modulus (E’’). The E′ curve of CS15 shows a typical behavior of
high molecular weight amorphous polymers characterized by E′ of
about 2260MPa in the glassy state (−60 °C), and a rubbery plateau,
where E′ drops with increasing temperature (ca. 667MPa at 25 °C)
(Fig. 8a). For this material, a Tg of 1 °C is recorded and it is associated
to the segmental chain motion capability of the copolymer (methyl
methacrylate-butyl acrylate)-shell. At the lowest recorded temperature
(−60 °C) corresponding to the glassy regime, the plasticizing effect of
PEG is emphasized by the decrease of the E′. Nevertheless, though the
value of the E′ of CS15 / 20% PEG (2086MPa) is inferior to that of CS15
(2260MPa), it still remains superior to the E′ of CS15 / 10% PEG
(1433MPa). In fact, in the glassy state, PEG can easily crystallize below
room temperature as already observed in DSC thermograms of PEG
(Fig. 6a). As expected, addition of CNC to the blend containing the
lowest amount of PEG (CS15 / 10% PEG) leads to the increase of E′.
This increase follows the increase of CNC content, i.e. 1433 and
1817MPa for CS15 / 10% PEG / 8% CNC and CS15 / 10% PEG / 14%
CNC, respectively. Interestingly, a high depression of E′ values occurs
when CS15 is blended with 20wt.% PEG and from 8 to 14wt.% CNC,
from 2260 to 730–750MPa, respectively. One can also notice that there
is no further decrease of E’ with the increase of CNC content. High
plasticizing ability of 20 wt.% PEG in presence of CNC at the lowest
temperature (−60 °C) is difficult to understand. It comes out that more
complex phenomena are occurring in these materials than a simple
good and homogeneous dispersion of CNC network. The origin of this
phenomenon is obscure, nevertheless one can assume that it might be
caused by a quasi-total coverage of CNC surface by PEG, therefore re-
ducing a crystallization ability of PEG and at the same time suppressing
the reinforcing agent role of coated CNC. Indeed, the reinforcing effect
of CNC is often ascribed to the establishment of a percolating network
of CNC [11,29,30]. Several percolation models describing the level of
CNC reinforcement [11,29,30] consider that when the modulus of the
rigid percolating network generated by the nanofiller is much higher
than that polymeric matrix, the value of the tensile storage modulus E′
of the nanocomposite material depends mainly on the volume fraction
as well as the modulus of the nanofiller of the rigid percolating net-
work. When CNC are fully coated with PEG the formation of the per-
colating network is probably compromised. In this case coated CNC
play probably a role of their corresponding coating agent, in other
terms plasticizing agent role, leading to a significant decrease of the E′.
This hypothesis is supported by the behavior of the systems containingFig. 7. DSC traces recorded for (a) PEG and (b) CS15 based materials.
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lower amounts of PEG, in which the degree of coating of CNC is more
likely lower than in those containing higher amounts of PEG, and
therefore leading to the creation of percolating network capable of in-
creasing the overall E′ of the system.

In the rubbery regime at room temperature (25 °C), as expected, the
increase of PEG content leads to the noticeable decrease of the E′ of the
materials. However, the level of reinforcement of CNC recorded in the
systems containing 10wt.% PEG is much less marked in the rubbery
regime. Indeed, high amounts of CNC were necessary (< 8wt.%) to
detect a reinforcement effect by DMTA, with a notable increase of E′
from 365MPa for CS15 / 10% PEG to 475MPa for CS15 / 10% PEG /
14% CNC for instance. Thus, an increase of E′ by 23% is reached in the
rubbery regime, while an increase of 41% in the glassy regime was
measured. One possible explanation could be linked with the mor-
phology of PEG which has tendency to crystallize below room tem-
perature, therefore leading to an increase of E′ in the glassy regime as
the crystallinity reduces the degree of freedom for the macromolecular
chains to move.

However, as is seen in the glassy regime, raising the plasticizer
content to 20 wt.% in presence of 8 wt.% of CNC induces a further drop

of the E′ as compared to the blend free of CNC (CS15 / 20wt.% PEG),
from 320 to 125MPa. Interestingly, a visible reinforcement can be
achieved at higher CNC loading (CS15 / 20% PEG / 14% CNC) reflected
by an increase of E′ to 247MPa as compared to CS15 / 20% PEG / 8%
CNC, thus an increase of 50% is obtained in the rubbery regime.
Though some more complex phenomena are occurring in these mate-
rials than a simple homogenous dispersion of PEG and CNC network,
the reinforcement effect observed in the rubbery regime for the system
suggests the creation of percolating CNC network capable of increasing
the overall E’ of the system. When compared to the system free of CNC
(CS15 / 20% PEG), it is clear that this reinforcing effect of CNC in CS15
/ 20% PEG / 14% CNC is weak and the percolating network is very
much compromised by the adsorption of PEG at the surface of most of
CNC.

Concerning the variation of loss modulus E′′ as a function of tem-
perature (Fig. 7b), one can notice a broadening of the peak corre-
sponding to the Tg of the shell of CS15 nanoparticles (copolymer me-
thyl methacrylate-butyl acrylate) in the case of the blends CS15/PEG
and CS15/PEG/CNC with respect to neat CS15. More interesting, a shift
of this peak from 1 °C for neat CS15 to lower temperatures at around
−3 °C for all blends is noticed, highlighting the plasticizing effect of
PEG on the shell of copolymer methyl methacrylate-butyl acrylate-shell.
According to Pillin et al, this also states for a good miscibility of the
copolymer and the plasticizer [31]. The increase of the amount of PEG
from 10 to 20wt.% does not lead to supplementary decrease of the Tg
of the shell. However it does accentuate the broadening of the peak.
Moreover, though the presence of CNC does not affect the Tg of the
shell of CS15, it does show an effect on the broadening of the E′′ peak.
The broadening of the width of the peak reflecting the Tg can be cor-
related with the presence of a plasticizer concentration gradient in all
the CS15 based materials as confirmed by SEM analysis. As aforemen-
tioned, the plasticizer concentration gradient in CS15 based materials
must be affected by the presence of CNC due to the strong interaction
via probably hydrogen bonding that can be generated between hydroxyl
functions of CNC and hydroxyl terminated groups of PEG.

4. Conclusions

In this study, we first synthesized a core-shell nanoparticles from
copolymer (methyl methacrylate-ethylene glycol dimethacrylate)-core
and copolymer (methyl methacrylate-butyl acrylate)-shell (CS15).
Using CS15 as a matrix, CNC isolated from ramie fibers as a reinforcing
agent as well as a biobased source and PEG as a plasticizing agent,
novel nanocomposite materials with tunable properties were prepared.
The nanocomposite films were processed following three different
methods, i.e. solution casting, solution casting followed by compression
molding, and freeze drying followed by compression molding. SEM
analysis showed that the approaches involving compression molding
displayed the highest degree of coalescence of CS15 nanoparticles.
Nevertheless, in presence of PEG or PEG/CNC, the highest level of
compaction of the material was attained as PEG or PEG/CNC fully oc-
cupied the interstitial spaces and the interface, hence limiting the
coalescence mechanism. Moreover, it was observed that the presence of
PEG helps protecting CNC from thermal degradation. It was shown that
this protective effect is dependent on the ratio between CNC and PEG.

DSC analysis revealed that PEG is very well confined between the
nanoparticles and at the interstitial spaces and is present in amorphous
form in all CS15 based materials containing less than 30 wt.% of PEG.
Nevertheless XRD thanks to its higher sensitivity did detected the pre-
sence of residual crystals of PEG formed during the processing of the
blends at low temperatures.

The microstructure and related properties of the ternary nano-
composite CS15 / PEG / CNC were tailored by monitoring the con-
centration of the different components. Indeed, according to the DMTA
extracted thermo-mechanical parameters at 25 °C, the storage modulus
(E′) of CS15 was 743MPa and the glass transition temperature (Tg) of

Fig. 8. DMTA curves of a) storage modulus E′ and b) loss modulus E′′ for CS15
based materials.

Table 1
Overall thermal and mechanical properties of all the materials investigated.

Blend composition (in wt. %) Tg (E′′max)
(°C)a

E′ (MPa)
(25 °C)

E′ (MPa)
(−60 °C)

CS15 1 667 2260
CS15/(10%)PEG −3 365 1433
CS15/(20%)PEG −3 320 2086
CS15/(10%)PEG/(8%)CNC −3 365 1817
CS15/(20%)PEG/(8%) CNC −3 125 740
CS15/(10%)PEG/(14%) CNC −3 475 2451
CS15/(20%)PEG/(14%) CNC −3 247 730
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the shell was 1 °C. When adding 20wt.% PEG, E′ and Tg of the materials
noticeably decreased to 320MPa and −3 °C, respectively. On the other
hand, high amounts of CNC were necessary (< 8wt.%) to detect a re-
inforcement effect by DMTA.
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We report the synthesis of stable conductive macroporous materials by chemical oxidative polymerization of
aniline-(2-acrylamido-2-methylpropanesulfonic acid) in the presence of polystyrene nanoparticles (PS-NPs). The
presented method allows, without using any pore generating agent, to prepare conductive highly porous ma-
terials with tunable properties. In particular, by changing the composition, i.e. ratio between poly(aniline-(2-
acrylamido-2- methylpropanesulfonic acid)) (PANI-PAAMPSA) and PS-NPs, we were able to modulate structure
moieties of PANI-PAAMPSA on the surface of PS-NPs as well as the size and internal structure of the formed
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1. Introduction

Over the last decade, there has been increased interest in the de-
velopment of new functional materials using intrinsically conducting
polymers (ICPs) [1,2]. This reflects the growing demands in technolo-
gies such as electrorheological fluids [3], organic lightweight batteries,
conductive packaging [4], smart sensors and switches [5], energy sto-
rage materials [6] etc. ICPs are an interesting class of materials that
combine the electrical, optical and magnetic properties typical of me-
tals with the mechanical properties, chemical stability and processa-
bility typical of conventional polymers [7–11]. Because they offer ad-
ditional properties such as lightweight, ease of preparation and low cost
as compared to metallic conductors, these polymers are being con-
sidered as substitutes for inorganic semiconductors [12]. Recent studies
have combined ICPs with polymers, inorganic materials, or even metals
to form composites in the form of individual coated particles [1,2]. This
approach combines the good characteristics of two or more constituent
materials usually yielding functionalities superior to those of the in-
dividual materials [13]. Additionally, due to the fact that the content of
the core and outer coating can be manipulated independently [14,15],
they offer the flexibility to tune the properties of the final materials.

The common approach to the preparation of coated particles from
conductive polymers involves first the preparation of colloidal particles
from a non-conducting inorganic or vinyl polymer [11] that provides
the material with good mechanical or structural properties. Subse-
quently, a coating of the preferred conductive polymer is deposited
onto the surface of the colloidal particle. This results in materials with
entirely new properties or an improvement in a particular – mechanical,
thermal, or optical property [16,17]. Several researchers have synthe-
sized conductive polymer-coated particles for use as particulate fillers
in anisotropic conductive films [7] or electrorheological applications
[3]. The deposition of conductive polymers on sacrificial core materials
has also been used to prepare hollow particles after removal of the core
[18–20]. These materials have applications including photonic crystals,
insulation materials, materials for controlled delivery and separations.

Despite the efforts made in the controlled deposition of conductive
polymers onto the surfaces of colloidal particles for applications in
solution or films, it has been very challenging assembling such coated
nanoparticles into ordered 3-D structures [21]. For certain applications,
particularly catalysis, chromatography and chemical sensing, the in-
dividual coated particles are not suitable. This is because they possess
only small or no diffusive pores that lead to mass transport problems.
Additionally, many materials display certain functionalities only when
they get assembled into specific 3-D structures or morphologies [22].
Many researchers have focused on devising ways of assembling nano-
particle building blocks into 3-D porous structures with larger pores and
large surface areas [23–26]. To our knowledge, there has not been any
study based on a simple approach to obtain such hierarchically struc-
tured materials from conductive polymers with controlled pore prop-
erties. Additionally, the systematic investigation of the porous proper-
ties of these 3-D materials has not yet been reported elsewhere.

In this paper, applying a combination of the concepts of supramo-
lecular and colloidal chemistry, we describe the fabrication of 3-D
conductive macroporous materials using porogen-free method based on
chemical oxidative polymerization of aniline-(2-acrylamido-2-methyl-
propanesulfonic acid) in the presence of polystyrene nanoparticles (PS-
NPs), used as building blocks. PS is selected as the model core polymer
due to its high glass transition temperature (Tg), which gives rigid and
non-deformable particles that make the composites mechanically
stronger than they would be by using PANI without a support
[3,19,27,28]. Polyaniline (PANI) remains one of the most investigated
conjugated polymers, not only because of its high electrical con-
ductivity but also its multiple electronic states, electrical tuneability,
nontoxicity, low manufacturing costs and relative environmental sta-
bility [12,29–34]. Incorporation of (2-acrylamido-2-methylpropane-
sulfonic acid) (AAMPSA) during the synthesis of PANI confers several

advantages on the materials. This includes the maintenance of pH
around 2 during the aniline polymerization, which is crucial for the
synthesis of the conductive form of PANI [35,36]. Additionally, due to
the conjugated bond system, PANI is rigid and mechanically brittle thus
the incorporation of polymer acids such as PAAMPSA or poly (amic
acid) with lower glass transition, improves the flexibility of the final
material [37]. Use of polymeric acid in PANI synthesis, would also
preserve the electrical conductivity of the materials, since it has been
reported that small-molecule acid dopants e.g. hydrochloric acid could
leach out of the materials leading to a loss in conductivity over time
[38].

The novelty of our work lies on several aspects. We prepared 3-D
materials having large porosity and not individually coated particles.
Additionally, unlike other approaches to macroporous materials, which
involve multiple complicated steps, our approach involves only two
simple steps that result in the formation of microclusters. It is also
important to note that the coating of the PS-NPs with polyaniline-poly-
(2-acrylamido-2-methylpropanesulfonic acid) PANI-PAAMPSA and
their formation into the porous structures occur in a single reaction
medium without using any pore generating agent. Due to its chemical
composition and 3D porous structure, the produced material can find
applications in catalysis.

2. Experimental section

2.1. Materials

Styrene (Sty, > 99%), ammonium peroxydisulfate (APS, 98%), poly
(vinyl pyrrolidone) (PVP, Mw= 40000 g/mol), aniline (ANI, ACS re-
agent, > 99.5%), 2-acrylamido-2-methyl-1-propanesulfonic acid
(AAMPSA, 99%) were all purchased from Sigma Aldrich and used as
received. All aqueous solutions were prepared with deionized water.

2.2. Synthesis of monodisperse polystyrene nanoparticles (PS-NPs)

With the intention to make clusters of conductive polymer-coated
nanoparticles, the PS-NPs were first prepared by a radical emulsion
polymerization of styrene using APS as initiator and PVP as stabilizer in
a radical emulsion polymerization system. The ratio between monomer,
initiator and surfactant was adopted from the work of Davodi et al. [34]
and was equal to 6 g: 0.06 g: 0.5 g, respectively. The detailed steps are
as follows: The aqueous phase was prepared by dissolving PVP (0.5 g)
in deionized water (90 mL) followed by the addition of styrene (6 g).
The mixture was stirred in an ice bath using ultraturrax (IKA® T25 di-
gital) at 15000 rpm for 30 min. The resulting emulsion was transferred
into a three-neck round bottom flask, equipped with a reflux condenser
and degassed by applying sequential vacuum/nitrogen cycles while
mixing with a magnetic stirrer at 350 rpm for about 15–20 min. The
reaction mixture was then heated to 70 °C, while the temperature in the
reactor was monitored with a standard thermometer inserted directly
into the solution through a septum. When the temperature of the so-
lution reached 70 °C, aqueous initiator solution (0.06 g APS in 4 mL of
DI water) was injected. The polymerization was carried out for 8 h and
the resulting latex was allowed to cool down and stored for further
experiments.

2.3. Synthesis of PANI-PAAMPSA-PS NPs composite microclusters

For preparation of the microclusters, aniline-(2-acrylamido-2-me-
thylpropanesulfonic acid) (ANI-AAMPSA) was polymerized by chemical
oxidative route in the presence of the PS-NPs. The PS-NPs concentration
was kept constant at 1 wt.% while varying the amount of ANI-AAMPSA
according to the composition in Table 1. (The samples were named PS –
PANI-PAAMPSA 1–4 depending on the ratio between the PS-NPs and
PANI-PAAMPSA).

The procedure is as follows: ANI-AAMPSA solution was prepared
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and the PS-NPs were added. The solution was stirred for 15 min to
allow the ANI-AAMPSA to adsorb onto the PS-NP surface. The solution
was then cooled to 4 °C in an ice water bath. The initiator solution
(APS) was slowly added using a syringe pump at a rate of 0.3 mL/min.
The polymerization was run at 4 °C for the first 8 h and then stirring
continued for another 16 h at 20 °C to ensure complete conversion. The
initial solution of monomers was colorless and then turning blue after
some minutes upon addition of the initiator. As the reaction proceeded,
the blue color changed to dark green indicating the formation of the
conductive salt of PANI-PAAMPSA (See Fig. SI. 1 in Supporting
Information). Part of the resulting suspension of microclusters was
oven-dried at 60 °C for 24 h to obtain dry product.

3. Characterizations

3.1. Fourier Transform Infrared Spectroscopy

Fourier Transform Infrared Spectroscopy (Nicolet iZ10 FTIR module
with ATR accessory) was used to evaluate the chemical bonds and
structures in the obtained materials. Spectra were averaged over 64
scans.

3.2. Scanning electron microscopy

The morphology of the synthesized nanoparticles and porous ma-
terials was analyzed using scanning electron microscopy (SEM) (Mira 3
LMH, Tescan Company). The samples were sputter-coated with a thin
layer of gold prior to SEM observation. The accelerating voltage of
Schottky cathode was 3 kV. Secondary electrons were detected by the
Everhart-Thornley type secondary electron detector or by the in-lens
detector (In-Beam). An attempt was also made to obtain a rough esti-
mate of the thickness of the polyaniline coating on the surface of the PS-
NPs. This was done by calculating the difference in the mean diameter
between the uncoated PS-NPs and the coated particles in the PS-PANI-
PAAMPSA samples using image analysis of SEM pictures.

3.3. Dynamic and static light scattering

The average size of the PS nanoparticles was determined by dy-
namic light scattering (DLS, Malvern Zetasizer Nano). The same device
was used to evaluate the zeta potential of the PS-NPs through the
Smoluchowski model. Because the sizes of the microclusters were in the
micrometer range, the analysis of their size and internal structure was,
after necessary dilution to avoid multiple light scattering, performed
using static light scattering technique (Malvern, Mastersizer 2000).
Obtained data were used to evaluate the aggregate mean radius of
gyration, Rg as well as fractal dimension df. More information about
data treatment can be found in Supporting Information (A.2)

3.4. N2 sorption and Hg intrusion porosimetry

Micromeritics AutoPore IV 9500 analyzer was used to characterize
the porosity of the materials while the specific surface area was

determined by physisorption of nitrogen and calculated from the BET
model (Nova 2200 e surface area analyzer, Quantachrome).

3.5. Thermogravimetric analysis

The thermal stability and degradation behavior of the materials
were investigated by Thermogravimetric Analysis (TGA). The TGA
measurements were carried out using Stanton-Redcroft TG 750 in air
(20 mL min−1) at a heating rate of 10 °C/min from room temperature
to 700 °C.

3.6. Differential scanning calorimetry

The thermal properties of the materials were investigated by means
of differential scanning calorimetry (DSC). Samples (5–15 mg) were
sealed in hermetic aluminum pans. DSC analysis was done under a
nitrogen gas flow with a heating rate of 10 °C/min from 20 °C to 180 °C
for PS-NPs. For PS – PANI-PAAMPSA composites, the first heating was
done from 20 °C to 180 °C, the samples were cooled to 20 °C and sub-
sequently heated again up to 350 °C and thermograms for second
heating were recorded (Fig. SI 2 supporting information). The second
heating excludes the uncertainties that arise when the behavior of the
material may depend on the thermal history of the samples.

3.7. Conductance measurements

Specific conductance measurements were carried out using an ap-
paratus constructed according to Medek et al. [39]. Detailed description
of the measurement is presented in A.1 in Supporting Information.
Values of specific conductance were evaluated from Ohm’s law and
known geometrical dimensions.

4. Results and discussion

The process of preparing the 3-D conductive porous materials in-
volved 2 main steps. First, monodisperse PS-NPs were synthesized by
emulsion polymerization with PVP as steric stabilizer. The average size
of the prepared PS-NPs was 185 nm and polydispersity index (PDI) of
0.01 as measured by dynamic light scattering. The PDI is a di-
mensionless measure of the broadness of the size distribution and it was
obtained from the intensity correlation function [40]. The PDI typically
has values less than 0.07 for a monodisperse test sample of spherical
particles, thus a PDI of 0.01 confirmed that monodisperse PS particles
were obtained. Furthermore, these particles have a zeta potential of
−29 mV indicating good colloidal stability. In a second step, the PS-
NPs were dispersed in ANI-AAMPSA solution and addition of APS in-
itiates the polymerization of ANI-AAMPSA onto the PS-NPs surface,
which subsequently formed the porous structures.

The uniform coating of the individual PS-NPs with PANI-PAAMPSA
and their subsequent formation into the porous structures could be
explained by the following effects: (i) Presence of PVP on the surface of
the PS-NPs helps in the stabilization of the particles at the low pH of
ANI-AAMPSA solution. This low pH is crucial for the successful synth-
esis of the conductive form of PANI and thus it is important that the NPs
are stable in the acidic pH solution. This was confirmed by similar
particle size distribution measured for PS-NPs and PS-NPs in the pre-
sence of ANI-AAMPSA solution prior to initiating the polymerization
(supporting information Fig. SI 3). Keeping the particles stable before
aniline polymerization begins will ensure that each individual particle
gets coated with the conductive polymer before they assemble into the
porous structures to ensure homogeneity. Particles stabilized by SDS on
the other hand, rapidly aggregated upon addition to the ANI-AMPSA
solution, and thus the probability of the inner part of the aggregates not
fully coated with polyaniline is high and could lead to inhomogeneity in
the structure and lower mechanical properties of the final materials. (ii)
In acidic AAMPSA solution, ANI is protonated with the eNH2 group on

Table 1
Parameters for synthesizing the PS/PANI-PAAMPSA microclusters.

Parameter/Sample name Composition

Weight of PS-NPs [%] 1
Ratio (AAMPSA/ANI) 5.6
Ratio of Monomer/initiator 2.7
PANI-PAAMPSA (0 wt.% PS: 1 wt.% PANI-PAAMPSA)
PS – PANI-PAAMPSA 1 (1 wt.% PS: 0.25 wt.% PANI-PAAMPSA)
PS – PANI-PAAMPSA 2 (1 wt.% PS: 0.5 wt.% PANI-PAAMPSA)
PS – PANI-PAAMPSA 3 (1 wt.% PS: 1 wt.% PANI-PAAMPSA)
PS – PANI-PAAMPSA 4 (1 wt.% PS: 2 wt.% PANI-PAAMPSA)
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aniline carrying a positive charge, which electrostatically interacts with
negatively charged PS-NPs (iii) Thirdly, AAMPSA is very polar and
because PVP binds easily to polar molecules, ANI-AAMPSA is able to
adsorb onto the PVP stabilized PS-NPs and thus help to assemble the Ps-
NPs into 3D porous structure. This effect would be similar to that re-
ported by Han et al. [17] where PVP was behaving as a link between
poly(butyl methacrylate) (PBMA) core particles and polyaniline (PANI)
shell around them. (iv) The last effect could come from the properties of
PAAMPSA, which has been used in adhesives and hydrogels for its high
water uptake. Thus, in this case the PAAMPSA would be acting as a glue
to aid the formation of the porous structures. The use of PAAMPSA in
these materials is also important for improving their chemical stability
[38,41] and maintaining the conductive form even during their appli-
cation over a wide pH range. This is because PAAMPSA, perfluoro-oc-
tane sulfonic acid and dodecyl benzene-sulfonic acid have been re-
ported to overcome the problem of losing the counter ion from small
molecular weight acid dopants (e.g. HCl) and maintain PANI in con-
ductive state over wider pH range. It was observed that protons stay
attached to the PANI backbone due to the fact that the negatively
charged PAAMPSA counter ions make it energetically favorable even
under alkaline pH [42].

As already indicated, the pH at which aniline polymerization occurs
is one of the critical parameters considered [43]. Because both the
monomer (AAMPSA) and polymer (PAAMPSA) are strong acids in
aqueous solution, synthesis of PANI in the presence of AAMPSA ensures
that the pH of the polymerization medium is maintained between 1 and
2 [35]. The AAMPSA/ANI ratio of 5.6 was chosen according the cap-
ability to keep the pH values around 2, which was required for the
synthesis (See Fig. SI 4 in supporting information). This is supported by
Zhao et al. [36] who observed that polymerization in mildly acidic
medium only yielded aniline oligomers without the formation of PANI.

4.1. Analysis of chemical composition

The chemical structure of the synthesized materials, i.e., PS-NPs and
the PS – PANI-PAAMPSA aggregates was carried out using FTIR-ATR
and the spectra are displayed in the 4000–1000 cm−1 region (Fig. 1).
FTIR spectrum of PS-NPs indicates absence of the peak at 1630 cm−1

corresponding to C]C stretching vibration of the vinyl group, de-
monstrating a quasi-total reaction of styrene monomers (Fig. 1(a)). The
main peaks of PS were observed at 3079, 3058, and 3025 cm−1 (CeH)
aromatic stretching, triple bands; 2917, 2848 cm−1 (CeH aliphatic
stretching); 1600, 1490, and 1450 cm−1 (C]C aromatic stretching).
Moreover, a new peak belonging to PVP at 1660 cm−1 corresponding to
the stretching vibration of the C]O group and new others between
1282 and 1492 cm−1 corresponding to the CH2-bending vibrations
were also observed in the PS-NPs. These new peaks confirmed the ad-
sorption of PVP on the surface of PS-NPs, providing high stability to the
nanoparticles (Fig. 1(a)).

FTIR-ATR spectra of PANI-PAAMPSA and PS – PANI-PAAMPSA
aggregates confirmed the successful synthesis of PANI-PAAMPSA.
Indeed, all spectra showed the presence of a weak peak at 1650, and a
peak at 1036 cm−1 attributed to the vibration of the secondary amide
C]O stretching and to the sulfonic acid group eSO3H, respectively,
originating from PAAMPSA (Fig. 1(b)). The peaks at 1484 and
1573 cm−1 are associated with benzenoid and quinoid rings, respec-
tively, of PANI [19,29,44]. Besides these main peaks attributed to
PANI-PAAMPSA, absorption bands with very low intensity attributed to
PS and PVP functional groups were detected (Fig. 1(c) shows the PS and
PVP peaks in PS-PANI-PAAMPSA 1 and 2). Their intensity diminished
as the content of PANI-PAAMPSA increased, due to the increased
thickness of PANI-PAAMPSA coating. This trend could be observed
because of the FTIR mode used, i.e., attenuated total reflection mode
(ATR).

4.2. Morphology of the particles and composite microclusters

The morphology of the PS-NPs and the porous materials was
analyzed by means of SEM as shown in Fig. 2(a)–(f). The image shown
in Fig. 2(a) provided evidence that monodisperse PS-NPs were ob-
tained. This was also confirmed by dynamic light scattering (DLS),
which displayed an average size of 185 nm and polydispersity index of
0.01. These particles with zeta potential of −29 mV were highly

Fig. 1. FTIR spectra of PS NPs and composites (a) showing the chemical groups corre-
sponding to PVP and PS, (b) PS and PANI-PAAMPSA and (c) PS effect in PS-PANI-
PAAMPSA 1 and 2 which have thinner PANI-PAAMPSA coating.
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stable in water for over a year. When comparing the morphology of
PS-NPs (Fig. 2(a)) to that of the PS – PANI-PAAMPSA composites
(Fig. 2(b)–(e)), a significant modification of the surface morphology
was observed after coating with the conductive polymer. The un-
coated PS-NPs display a smooth surface morphology with a well-de-
fined interface whereas the PS – PANI-PAAMPSA composites show
some roughening on the surface, as a result of the growth of tiny PANI-
PAAMPSA structures on the surface of the PS-NPs.

PANI-PAAMPSA alone is shown in Fig. 2(f) for comparison, ex-
hibiting fibrillar morphology, which may be due to the long chain
structure of the PAAMPSA. SEM images confirmed that the individual
PS-NPs were uniformly pre-coated with ANI-AAMPSA, and then later
locked together by the precipitating PANI-PAAMPSA leading to the
formation of 3-D porous structures. An increase in the sizes of the in-
dividual building units (coated PS-NPs) was a further confirmation of
successful coating. From this observation, an attempt was made to es-
timate the thickness of the PANI-PAAMPSA coating on the surface of
the PS-NPs. This was done by determining the difference in the mean
diameter between the uncoated PS-NPs and the coated particles in the
aggregates using image analysis of the SEM pictures. According to this
analysis, the increase of the coating thickness in the range from 16 to
50 nm was observed as the amount of PANI-PAAMPSA with respect to
the PS-NPs increased, covering the range 1:0.25, 1:0.5, 1:0.75 and 1:1,
respectively (Fig. 3). For the samples with higher weight fraction of
PANI-PAAMPSA than PS, there was no more well defined spherical
shape of the building blocks after the coating and therefore, the
thickness could not be properly evaluated.

The SEM results alone cannot provide precise information about the
size and internal structure of the microclusters, as such, static light
scattering (SLS) analysis was used to obtain the mean radius of gyration
Rg and the fractal dimension df [45]. It can be seen from the double
logarithmic plot of the structure factor S q( ) plotted as a function of
scattering wave vector q, that as the amount of PANI-PAAMPSA in-
creases, the bending of the curve (i.e. Guinier region used to ex-
tract Rg ) is shifted more to the left (larger aggregates), indicating the
improved mechanical stability of the formed aggregates (Fig. 4(a)). This

is furthermore supported by the increase of the df as obtained from the
slope of the power law region of S q( ) up to PS-PANI-PAAMPSA ratio of
1:0.75, indicating formation of more compact, and therefore, more
resistant aggregates [23–25,46–52,53]. Above the PANI-PAAMPSA/PS
ratio equal to 1 wt.%, the fractal dimension decreases probably due to
the fact that not enough PS NPs was present in comparison to PANI-
PAAMPSA to support the PANI-PAAMPSA into compact 3-D structure. It
is therefore worth stating the role of PS NPs in enhancing the strength
of the aggregates. Nevertheless, the materials show some huge through
pores, which accounted for their high porosities as illustrated in Fig. SI
5 in Supporting Information. This result agrees with observations of
other authors published recently in the literature [24,25,46].

From the plots of Rg and df as a function of the amount of PANI-
PAAMPSA present in the composite, it was observed that the Rg values
of the microclusters increased with an increase of the PANI-PAAMPSA
amount up to 1 wt.% (Fig. 4(b)). Above this value there was no further
increase of the microcluster size with increasing PANI-PAAMPSA

Fig. 2. SEM pictures of PS nanoparticles before and after coating with different amounts of PANI-PAAMPSA (a) PS NPs (b) PS – PANI-PAAMPSA 1 (c) PS – PANI-PAAMPSA 2 (d) PS –
PANI-PAAMPSA 3 (e) PS – PANI-PAAMPSA 4 (f) PANI-PAAMPSA.
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Fig. 3. Dependence of the coating thickness on PANI-PAAMPSA/PS ratio.
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amount. This is related to an increase in the coating thickness as the
amount of PANI-PAAMPSA increased resulting in bigger aggregates.
Similar effect was observed also on the evolution of df, which increases
from value of about 2.7–2.9 as the PANI-PAAMPSA amount increases
from 0.25 to 1 wt.%, without further rise of df for 1.5 and 2 wt.%
(Fig. 4(c)). Similar increase of df was also observed in the works of
Lamprou et al. [24,25] and Brand et al. [46] and it was related to the
interpenetration of the primary particles during the production of the
porous material. This is comparable to our case where there is buildup
of a solid bridge of PANI-PAAMPSA between PS-NPs.

To confirm the observed porous nature of the microclusters (see
Figs. 2 and Fig. SI 5 in Supporting Information) and to determine their
surface areas, mercury porosimetry and N2-adsorption/desorption were
conducted. The obtained results are summarized in Fig. 5(a –(d). For all
prepared materials the N2 sorption isotherms were of the type II ac-
cording to the Bruner-Deming-Deming-Teller classification [54]

exhibiting a slight hysteresis in the range of relative pressures above 0.7
(Fig. 5(a)). The type II isotherms are typical of non-porous or macro-
porous materials. The latter case describes our materials, which are,
aggregated particles [4,54]. The presence of H3-type hysteresis (ac-
cording to IUPAC classification) indicates mesoporous condensation
due to the presence of small pores with interconnected porosity [54].
However, the microclusters also possess very large pores (> 50 nm), a
property that is in good agreement with SEM images as well as with
their porosity data. The corresponding pore size distribution obtained
from the Barret-Joyner-Halenda (BJH) method is also shown in
Fig. 5(c), indicating the range of pore diameters in the microclusters.
This was confirmed by lower magnification SEM images of the micro-
clusters showing the large pores as was described previously in Fig. SI 5
in Supporting Information.

The isotherm from Hg porosimetry is shown in Fig. 5(b). The vo-
lume of Hg intruded increased as the pressure augmented until a pla-
teau was reached at around 50 MPa for PS – PANI-PAAMPSA 3 and 4.
For PS – PANI-PAAMPSA 1 and 2, two different plateaus were observed.
In fact, first the volume increased as the pressure increased until about
4.5 MPa when the value remained nearly constant increasing just
slightly. Upon increasing the pressure further, the intruded volume
increased again until a second plateau was observed at around 50 MPa.
The appearance of two distinct plateau regimes points out the existence
of two different populations of pores in the microclusters possessing
lower amounts of PANI-PAAMPSA (PS-PANI-PAAMPSA 1 and 2). The
first plateau could correspond to the large interspaces between the
clusters due to drying effect whiles the second plateau could be as a
result of the porosities of individual coated particles. We think this
could come from the drying effect as the individual aggregates come
together during the drying process creating larger interspaces between
them.

The surface areas and porosities obtained from both BET and Hg
porosimetry data are presented in Table 2. It was observed that the
surface areas increased as the amount of PANI-PAAMPSA decreased, a
trend observed from both N2 sorption and Hg porosimetry data. This
could be due to the smaller size of the formed clusters at lower PANI-
PAAMPSA concentrations, which means higher contact surface area.
However, on the whole, the observed BET surface areas of the materials
were relatively low (ranged from 13 to 18 m2/g) while the total pore
areas evaluated from Hg porosimetry data were slightly higher
(17–32 m2/g). The differences could be due to the assumption of cy-
lindrical pores in evaluating the data from mercury porosimetry and
considering the irregular nature of the pores in the materials, this
evaluation accounted for the differences in results. Nevertheless, the
trend was the same in both cases.

Furthermore, from the porosity data, it was clearly observed that
the increase of the porosity of the materials is associated with the
amount of PANI-PAAMPSA present, as evidenced by the fibrillar mor-
phology of PANI-PAAMPSA providing additional porosity compare to
the inter-particle porosity.

4.3. Thermal behavior

TGA and DSC were used to examine the thermal properties of PS –
PANI-PAAMPSA microclusters.

TG curve, the derivative of the TG curve and DSC curve for PS NPs,
PANI-PAAMPSA and PS – PANI-PAAMPSA composites show the
thermal behavior and stabilities of the microclusters (Fig. 6(a)–(c) re-
spectively). In particular, TG curve for PS-NPs displays an onset de-
composition temperature at 411 °C, where 95% of the weight loss oc-
curred during the first stage. The second degradation stage which starts
from 577 °C and ranged to 650 °C represents 5% of the weight loss
probably the second stage of PS decomposition and also thermal de-
composition of the PVP. This demonstrated that the majority of the
decomposition occurs in the first cycle (Fig. 6(b)). In contrast, due to
the highly hygroscopic nature of polyaniline, PANI-PAAMPSA has two

Fig. 4. Double logarithmic plot S q( ) vs q of the composites (a), Rg (b) and df (c) as a
function of PANI-PAAMPSA/PS ratio.
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weight loss stages. An initial weight loss of about ∼10% was observed
from room temperature to 110 °C, which was attributed to the release of
moisture. The onset of the main decomposition stage occurs earlier at
318 °C, compared to that of PS-NPs, which is seen as a small shoulder
peak in the dTG curve in Fig. 6(b). This early onset of decomposition is
due to the loss of the doping acid, PAAMPSA, a similar case was ob-
served by other researchers [55]. Then two other peaks occurring at
412 and 500 mark the main decomposition stages of PANI-PAAMPSA.
Though the initial onset decomposition temperature of PANI-PAAMPSA
is much lower, the overall degradation spans a wide temperature range
up to 700 °C. Therefore, the thermal decomposition of PANI-PAAMPSA
is much slower process than that of PS-NPs.

Comparing the TG curves of PS-NPs and PS – PANI-PAAMPSA, a
systematic shift can be seen, which is caused by the presence of the
PANI-PAAMPSA coating on the surface of PS-NPs. This is evidenced by
the overlap of PS-NPs and PS – PANI-PAAMPSA 1 curves in the tem-
perature range room temperature to 300 °C. The microclusters con-
taining higher amounts of PANI-PAAMPSA (>0.25 wt.%) have three
stages. The first stage corresponds to moisture release as also observed
in PANI-PAAMPSA. The second stage is caused mainly by the thermal
decomposition of PS-NPs but also by the initiation of the thermal de-
composition of PANI-PAAMPSA. The onset decomposition temperature
of the second stage was slightly shifted to lower temperatures compared
to PS-NPs (370, 370, 372 and 373 °C for PS – PANI-PAAMPSA 1–4 re-
spectively) as the amount of PANI-PAAMPSA increased. On the other
hand, the weight loss at the third stage corresponding to PANI-
PAAMPSA thermal degradation increased with the increase of the
content of this latter. The decomposition temperatures of the second
stage decreased as the amount of PANI-PAAMPSA increased, 570, 562,

552 and 554 °C PS – PANI-PAAMPSA 1–4 respectively. The TG curves of
PANI-PAAMPSA and of the microcluster exhibiting the highest amount
of PANI-PAAMPSA (PS – PANI-PAAMPSA 4) are quasi-superposed.
Overall, the weight loss of the PS – PANI-PAAMPSA composites was
more shifted to higher temperatures as compared to PS-NPs. Therefore
the PANI-PAAMPSA coating greatly improved the thermal stability of
the microclusters.

As can be seen from the DSC curves of PS-NPs and PS – PANI-
PAAMPSA microclusters (Fig. 6(c)), the PS-NPs display a glass transi-
tion temperature (Tg) at ca. 108 °C. This value is comparable to that of
typical high molecular weight pristine PS (Tg (PS) = 100 °C). The slight
shift of the Tg of PS-NPs towards higher values as compared to pristine
PS can be due to the presence of PVP layer at the surface of the na-
noparticles. Reported increase in Tg values by 5 °C upon formation of
PS-b-PVP copolymers were attributed in part to the incorporation of the
rigid block of PVP [56]. Similar higher Tg was observed for poly-
styrene–polystyrene sulfonate-Na core–shell particles, which was at-
tributed to the stiffness caused by the sulfonate group of poly-
styrene–polystyrene sulfonate-Na [57]. For the samples PS – PANI-
PAAMPSA containing lower amounts of PANI-PAAMPSA i.e. 0.25 and
0.5 wt.%, similar Tg values to those measured for PS-NPs (Table SI 1 in
supporting information) were also recorded though the intensity of the
glass transition decreased in presence of PANI-PAAMPSA (Fig. 6(c)).
Nevertheless, for PS – PANI-PAAMPSA microclusters containing higher
amount of PANI-PAAMPSA i.e. 1–2 wt.%, the Tg was barely detected.
Overall, as the amount of PANI-PAAMPSA increased in the PS – PANI-
PAAMPSA microclusters, the intensity of the Tg peak decreased until it
became hard to measure. This interesting thermal behavior of the na-
noparticles could be explained by the presence of crystalline PANI-
PAAMPSA coating at the surface of PS nanoparticles leading to hin-
dering of the amorphous PS chain motions. This phenomenon is am-
plified as the thickness of the coating increased and acted as a thermal
and as a mechanical barrier material, which limited the mobility of the
PS chains. More details about the TG analysis can be found in Sup-
porting Information (Section A.3).

4.4. Electrical conductivity

The electrical properties of the macroporous materials were also

Fig. 5. (a). Nitrogen adsorption-desorption
isotherm of PS-PANI-PAAMPSA 1 (inset
shows similar adsorption curves for other
compositions), (b) mercury intrusion iso-
therm of the microclusters (c) differential
pore size distribution from N2 sorption data
and (d) differential pore size distribution
from Hg porosimetry data.

Table 2
Properties of the produced microclusters.

Samples and ratios Porosity (Hg
Porosimetry)

SBET [m2/
g]

Total Pore area
Hg [m2/g]

PS – PANI-PAAMPSA 1 0.59 18 32
PS – PANI-PAAMPSA 2 0.65 16 26
PS – PANI-PAAMPSA 3 0.79 15 23
PS – PANI-PAAMPSA 4 0.80 13 17
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measured to evaluate their potential for electronic applications. An in-
crease in the electrical conductivity was observed as the amount of PANI-
PAAMPSA increased (Fig. 7). Sample (e) which is pure PANI-PAAMPSA
(1 wt.%) exhibited the highest conductivity of 11.4 × 10−3 S cm−1

while PS – PANI-PAAMPSA 1 with the least amount of PANI-PAAMPSA
showed the least conductivity of 0.22 × 10−3 S cm−1. This trend in
conductivity is associated with the different morphologies of the mate-
rials. The conductivity is highest for pure PANI-PAAMPSA because of
better interconnectivity of the PANI chains due to the fact that there is
only PANI-PAAMPSA present on all surfaces. Additionally, this inter-
connectivity is seen in the fibrillar nature of the PANI-PAAMPSAmaterial
(Fig. 2(f)). For the PS – PANI-PAAMPSA composites, the conductivity
was increasing linearly with the amount of PANI-PAAMPSA and also the

size of the aggregates. Similar results were observed by Zhang et al. [55]
where they observed higher conductivities at higher aspect ratios of
PANI nanostructures while the same nanostructures with smaller aspect
ratios exhibited lower conductivities. Nevertheless, all the materials ex-
hibited conductive properties in the scale of 10−3 S/cm, which is in the
range of semiconductor materials.

5. Conclusions

In this work we demonstrated the synthesis of stable conductive
macroporous composite materials by chemical oxidative polymeriza-
tion of aniline-(2-acrylamido-2- methylpropanesulfonic acid) (PANI-
PAAMPSA) in the presence of polystyrene nanoparticles (PS-NPs)
building blocks. Due to its nature, the presented method does not re-
quire to use any pore generating agent and is suitable for preparation of
3D porous material with porosity up to 80% having specific surface
areas between 13 and 18 m2/g. The morphology and properties of the
resultant microclusters were found to depend strongly on the compo-
sition (PANI-PAAMPSA/PS-NPs ratio). In particular, by varying PANI-
PAAMPSA/PS-NPs ratio from 0.25 to 1 under stirring conditions, we
were able to prepare porous microclusters with diameter in the range
from 15 to 30 μm with thickness of PANI-PAAMPSA moieties on the
surface of PS NPs ranging from 15 to approximately 50 nm.
Furthermore, PANI-PAAMPSA coating on the surface of PS NPs makes
the microclusters highly thermally stable up to 350 °C, as confirmed
both by thermal gravimetric analysis and differential scanning calori-
metry. Measured conductivities in the order of 10−3 S cm−1 confirms
continuous character of the PANI-PAAMPSA coating over the entire 3D
structure of the microclusters, which opens doors to new applications
for which hierarchically-structured materials combined with con-
ductivity will be required.
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Fig. 6. (a) TGA curves and (b) DTG curves and (c) DSC curves for PS NPs, PANI-
PAAMPSA and PS – PANI-PAAMPSA composite microclusters.

Fig. 7. Conductivities of composites (a) 1 wt.% PS: 0.25 wt.% PANI-PAAMPSA (b) 1 wt.%
PS: 0.5 wt.% PANI-PAAMPSA. (c) 1 wt.% PS: 1 wt.% PANI-PAAMPSA (d) 1 wt.% PS: 2 wt.
% PANI-PAAMPSA (e) 1 wt.% PANI-PAAMPSA.
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H I G H L I G H T S

• Hierarchically porous materials were
synthesized using an easy and new
concept.

• The materials were prepared from
cheap precursors and applied in CO2

capture.

• The pore size distribution was easily
tuned by changing the size of nano-
particles.

• The high CO2 sorption capacity is
among the highest reported for carbon
materials.

• The approach provides a strategy ser-
ving as a guide to the design of new
CO2 capture sorbents.

G R A P H I C A L A B S T R A C T

A R T I C L E I N F O

Keywords:
Hierarchical pore structure
Carbon dioxide capture
Nitrogen rich
Polyaniline
Adsorption
Porous materials

A B S T R A C T

The development of new materials and technologies for CO2 capture has attracted a lot of interest due to the
growing concerns about global warming and climate change. Herein, we prepared hierarchically porous ma-
terials from cheap precursors – polyaniline and polystyrene nanoparticles (PS NPs) using an easy and new
concept based on the removal of the PS NPs during a pre-carbonization step followed by chemical activation. The
pore size distribution was easily tuned by varying the size of the sacrificial PS NPs and the intensity of chemical
treatment. We obtained an outstanding CO2 capture capacity of our optimum material (9.14 mmol g−1 at
273.15 K and 1 bar). The findings suggest that these materials are promising CO2 sorbents and the approach
provides a strategy to design new high-capacity polymer-based carbons for CO2 capture.

1. Introduction

The heavy reliance on fossil fuels for energy has led to a drastic rise
in atmospheric CO2 emissions. This has raised a lot of concerns given
the steady increase in global temperatures, commonly known as global

warming, of which anthropogenic CO2 emissions have been directly
implicated [1–3]. Carbon capture and storage (CCS) from large emis-
sion sources is considered as immediate and most realistic solution to
minimize CO2 emissions while searching for long-term sustainable en-
ergy sources to replace fossil fuels [4,5]. Among the CO2 capture
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options available, post-combustion capture is the most widely adopted
method, thanks to its flexibility and the fact that it can be easily ret-
rofitted to already existing fossil fuel power plants [1,6]. For more than
60 years, aqueous amine absorption has been an efficient technology for
the removal of CO2 from natural gas. However, this technique has
several drawbacks, such as corrosion of equipment and high amounts of
energy are needed for regeneration of the solvents making the process
expensive [2,5,7]. The main challenge for realizing practical carbon
capture lies with the design of new sorbents from cheap materials, with
high capacity and easy recyclability.

Over the past few decades, a number of solid sorbents e.g. molecular
sieves, porous carbon, porous silica, metal organic frameworks etc., are
emerging as good alternatives to replace liquid amines, given their well
developed porosity, easy handling and lower energy requirements for
regeneration [7–9]. Based on the materials studied so far, it has been
found that efficient CO2 sorption performance depends on a combina-
tion of diffusion and adsorption selectivity [10–12]. Therefore, a good
CO2 sorbent comprises high microporosity with suitable pore sizes
(ultramicropores with diameters < 0.7 nm), coupled with the presence
of bigger pores, to enhance efficient diffusion [13]. An additional
parameter reported to influence CO2 sorption is the presence of ap-
propriate surface functionalities (nitrogen or other heteroatoms). Many
different mechanisms have been proposed to explain the increase of
CO2 sorption on nitrogen-doped carbon materials such as Lewis acid-
Lewis base interaction [14–16], quadrupolar interaction [17,18] and
hydrogen bonding interaction [19]. Specifically, it was previously re-
ported that the pyrrolic and amine nitrogen functionalities have the
strongest interactions with CO2 molecules [15,20,21].

Several authors have attempted to explain the differences in the
mechanisms of CO2 adsorption in micropores and in the presence of
nitrogen functionalities. When a sorbent material is highly ultra-
microporous, where their pore aperture is similar to the size of CO2

molecules, adsorption occurs mainly by physisorption mechanisms such
as capillary condensation and molecular sieving and the role of nitrogen
functionalities becomes less obvious. When the materials are meso-
porous, and therefore the capillary effect diminishes, it is then the
chemisorption binding mechanisms dominate and nitrogen functional-
ities play the major role [7]. Additionally, because CO2 is a weak Lewis
acid, its adsorption capacity is influenced by the surface chemistry [6],
suggesting that a synergistic contribution between the hierarchical
porosity (micro- and mesopores) coupled with appropriate surface
chemistry (nitrogen functionalities) is essential to achieve high sorption
capacities. This may be the reason why it has been difficult to make a
direct correlation between the simultaneous contribution of nitrogen
and textural properties in the same material towards its CO2 uptake
capacity, especially if the material has a hierarchical pore structure
with contributions from both micro- and mesopores.

From these findings, a lot of research has been focused on designing
new sorbents using two main approaches: (i) post-synthetic functiona-
lization to incorporate nitrogen or oxygen groups onto the porous fra-
mework and (ii) direct carbonization and activation of nitrogen-con-
taining polymers [13,19,22]. The latter approach is more promising
since it allows better control over the chemical composition and elim-
inates the usually complicated post-treatments to incorporate nitrogen
or other functional groups [10,23], which usually results in the
blockage of the diffusion channels to the active sites present on the
materials [24,25]. Moreover, there have been reports of amine de-
gradation and leaching after multiple CO2 capture cycles leading to
instability of these materials and limiting their long-term use [8,26,27].
Recently several N-bearing microporous carbon sorbents have been
prepared from N-based precursors such as polyacrylonitrile [28],
polyaniline [29], polypyrrole [22], and other renewable resources such
as soya bean dregs [30] and saw dust [31] by various methods, mainly
using KOH as activating agent. These materials have been shown to
exhibit high sorption capacities and are promising for CO2 capture
applications. Specifically, Wickramarante et al. [32] successfully

synthesized phenolic resin-based activated carbon spheres with the
optimum material CS*-P-A exhibiting high surface area
(SBET = 2400 m2/g) and a corresponding high CO2 capacity of
8.9 mmol g−1 at 1 bar and 273 K. Similarly, Lee et al. [11] prepared
polypyrrole-based porous materials and the materials exhibit high mi-
croporosity and high sorption capacities up to 7.30 mmol g−1 for their
optimized material (600-2). Many of these experimental studies have
been supported by molecular simulations on CO2 adsorption behavior,
which attribute high CO2 capacities to high microporosity and the
presence of surface functionalities (nitrogen, oxygen and sulfur)
[13,33–35]. The incorporation of heteroatoms into carbon framework is
thought to enhance uptake due to increased polarity of the carbon
surface. However, tuning the diffusion and adsorption selectivity in
these materials is not synergistic. Generally, the conditions required for
generating high amount of small pores (high temperature and chemical
treatment e.g. using KOH) results in the loss of surface functionalities
[36–38]. For instance, Xing et al. [19] prepared a series of N-doped
carbons from bean dreg by chemical activation and observed an inverse
relationship between the nitrogen content and both the KOH amount
and activation temperature. In a similar study, the content of sulfur in
nanoporous carbon was found to decrease whereas the porosity in-
creased upon air oxidation at 350 °C [39]. Moreover, it has been known
that porous materials consisting solely of micropores suffer from dif-
fusion problems, suggesting that the optimally designed sorbent should
have a hierarchical pore structure. Therefore, it still remains a chal-
lenge to design the perfect combination of a material framework and
surface chemistry. In other words, materials comprising all three types
of pores i.e. abundant micropores (for high CO2 adsorption), mesopores
and macropores (to facilitate efficient CO2 diffusion into and out of the
adsorption sites) coupled with appropriate surface functionalities
[40,41], will be the optimal sorbent.

In our earlier work, we reported the preparation of 3-D macro-
porous polyaniline (PANI) materials with very high porosities by a
simple approach using polystyrene nanoparticles (PS NPs) as support
blocks onto which PANI can easily adsorb and form 3-D networks [42].
To create a material comprising all three types of pores while preser-
ving surface functional groups, we used a simple approach involving
sacrificial PS NPs to prepare stable hierarchically porous materials with
high surface areas and abundant surface groups and tested their ap-
plication in CO2 capture. Our strategy, which is based on an extension
of our previous synthetic approach, involves the removal of sacrificial
PS NPs during a pre-carbonization step followed by chemical activation
using KOH. By changing the size of the PS NPs and KOH/C ratio for
activation, it is possible to tune the pore size distribution and sorption
capacity of the materials. The optimized material achieved very high
CO2 capacity (9.14 mmol g−1) at 273.15 K and 1 bar, which is among
the highest reported for carbon-based sorbents in the literature.

2. Materials and methods

2.1. Materials

Styrene (St, > 99%), ammonium peroxydisulfate (APS, 98%), poly
(vinyl pyrrolidone) (PVP, Mw = 40000 g mol−1), aniline (ANI, ACS
reagent, > 99.5%), phytic acid solution 50% (w/w) in H2O were all
purchased from Sigma Aldrich and used without modification or pur-
ification.

2.2. Synthesis of monodisperse PS nanoparticles and the 3-D microclusters

The PS-NP building blocks were prepared by radical emulsion
polymerization according to the procedure described in Kutorglo et al.
[42]. The recipe for preparing 370 nm PS NPs is presented in Table 1(A)
while that for the preparation of PANI and crosslinked PANI is shown in
Table 1(B). Aniline (ANI) was polymerized by chemical oxidative route
in aqueous medium at 4 °C in an ice water bath in the presence of the PS

E.M. Kutorglo et al. Chemical Engineering Journal xxx (xxxx) xxx–xxx

2

Publication 25/25



NPs. APS was used as initiator and HCl as dopant, which was also used
to maintain the pH of the polymerization medium in acidic range.
Additionally, polymerization of ANI was done without PS NPs, with or
without phytic acid as crosslinker for comparison. In a typical synthesis,
ANI was added to HCl solution (1 M) under stirring followed by addi-
tion of phytic acid. After stirring at 250 rpm using a magnetic stirrer for
some time (approx. 15 min), PS NPs were added to the mixture and
stirred for another 10 min. APS was then dissolved in HCl solution (1 M)
and added to the ANI-PS mixture slowly using a syringe pump. The
polymerization was allowed to run overnight for at least 16 h. The re-
sulting suspension of microclusters was freeze dried to obtain dry
product for further characterization and testing.

2.3. Carbonization and activation

The freeze-dried materials prepared in Section 2.2. were carbonized
in a tube furnace at 500 °C at a heating rate of 5 °C/min and under
nitrogen flow of 25 L/h. The samples were then dispersed in KOH so-
lution for at least 10 h under stirring. Different ratios of KOH/Carbo-
nized material = 1, 2, 3 and 4 were used to find the optimum condition
for the generation of the desired pore structures. The KOH treated
materials were vacuum filtered and oven dried at 60 °C. This was fol-
lowed by activation in a tube furnace at 750 °C for 1 h at a heating rate
of 5 °C/min and under nitrogen flow of 25 L/h. The samples were then
washed with 1 M HCl solution and followed by washing with distilled
water until the pH was around 7. The resulting materials were oven
dried at 60 °C overnight and characterized by a combination of several
analytical techniques.

2.4. Characterization

The Fourier transform infrared spectroscopy (FTIR) spectra were
recorded on a Nicolet iZ10 FTIR spectrometer with attenuated total
reflectance (ATR) accessory from 4000 cm−1 to 400 cm−1 to evaluate
the chemical bonds and structures in the obtained materials. Spectra
were averaged over 64 scans. The morphology of the synthesized na-
noparticles and hierarchically porous materials was observed with a
scanning electron microscopy (SEM) (Mira 3 LMH, Tescan Company).
The samples were sputter-coated with a thin layer of gold prior to SEM
observation. The accelerating voltage of Schottky cathode was 3 kV.
Secondary electrons were detected by the Everhart-Thornley type sec-
ondary electron detector or by the in-lens detector (In-Beam). The
average size of the PS nanoparticles was determined by dynamic light
scattering (DLS, Malvern Zetasizer Nano). The same device was used to
evaluate the zeta potential of the PS NPs through the Smoluchowski
model. The thermal stability of the materials was evaluated by thermal
gravimetric analysis (TGA) using an STA-780 series Thermal Analyzer
(Stanton-Redcroft, UK) under nitrogen flow (20 mL min−1) at a heating
rate of 10 °C min−1 from room temperature to 850 °C. To assess the

textural properties of the materials, i.e. porosities and pore size dis-
tribution, these were measured by Hg porosimetry using Micromeritics
AutoPore IV 9500 analyzer. For the surface areas, conventional ni-
trogen isotherms at 77 K were measured using Nova 2200 e surface area
analyzer (Quantachrome). From this analysis, surface areas were ob-
tained from the Brunauer-Emmett-Teller (BET) equations. The total
pore volumes were measured at the relative pressure of 0.985 and the
pore size distribution was determined based on density functional
theory (DFT) model. For a more accurate characterization of the mi-
cropores, CO2 adsorption at 273.15 K was performed on all samples
using a Quadrasorb-SI gas adsorption analyzer (Quantachrome, USA).
Using the DFT model (based on statistics and provided by the software)
and assuming slit pore geometry, the corresponding pore size dis-
tributions were computed. With this method, it is possible to access the
ultramicropores (sizes < 1 nm). The surface areas from CO2 sorption
were based on the BET model and were computed using the data col-
lected in the range of values of relative pressures P/P0 from 0.013 to
0.019. All the samples were degassed under vacuum (0.1 mbar) at
115 °C for at least 10 h before the measurements. Elemental composi-
tion (C, H, N) of the samples was determined with an Elementar vario
EL Cube analyser (Elementar, Germany). XPS measurements were done
on Omicron Nanotechnology with monochrome radiation of Al lamp
with energy 1486,7 eV in constant analyser energy (CAE) mode.
Measured spectra were evaluated by software Casa XPS where after
intensity calibration the area of peaks and relative sensitivity factors
(RSF) from database are used for determination of concentrations.

2.5. CO2 adsorption measurements

CO2 adsorption measurements of the hierarchically porous mate-
rials were characterized using a Quadrasorb-SI gas adsorption analyzer
(Quantachrome, USA) according to the procedure described in Beltzung
et al.[28] Specifically, all the samples were degased at 115 °C for a
minimum of 10 h to remove moisture and adsorbed gases from the
pores before the measurements. The adsorption in moles per unit mass
of adsorbent was calculated using the volumetric measurement and
assuming ideal gas behavior at 1 atm and 273.15 K.

3. Results and discussion

3.1. Synthetic approach to the hierarchical porosity

The proposed strategy for designing the stable hierarchically porous
materials was aimed at creating in the same material a range of pore
sizes while retaining a good amount of nitrogen functionalities on the
carbon framework, given its reported affinity towards CO2. The crea-
tion of different pore sizes was necessary to facilitate efficient gas dif-
fusion, while simultaneously enhancing the CO2 adsorption capacity.
Polyaniline (PANI), one of the most studied conductive polymers was
selected as starting polymer, thanks to its high nitrogen content, easy
synthesis and low cost [43–45]. The intrinsic presence of nitrogen in the
molecule of aniline (the monomer), made it certain to have nitrogen
groups homogenously distributed in the carbon based final materials.
The spherical PS NPs were chosen as building blocks, based on their
high glass transition temperature (Tg), which gave rigid and non-de-
formable support to the 3-D framework [42,46–49] and later on as
sacrificial template. Upon carbonization and removal of PS NPs we
expected to create additional pores and increase the surface area and
pore volume of the final materials. In order to investigate the effect of
crosslinking the polymer on the results of heat treatment and final CO2

capture, PS coated PANI (P1) and PS coated crosslinked PANI (P2) were
prepared. Similar synthesis was performed but without PS NPs and
were named P3 (PANI) and P4 (crosslinked PANI) to demonstrate the
importance of the PS NPs in the creation of the hierarchical porosity.
The synthesis procedure is depicted in Scheme 1 for clarity. The car-
bonized materials treated at 500 °C were denoted P1_CAR, while the

Table 1
Recipe for the preparation of (A) monodisperse 370 nm PS NPs by
emulsion polymerization and (B) PS-PANI aggregates.

Parameter Composition

(A) PS-NPs
Solid content 20 wt%
Ratio styrene/PVP 56.25 (-)
Ratio monomer/initiator 100 (-)

(B) PANI Microclusters
Solid content 5 wt%
Ratio of PS NPs/aniline (ANI) 1 (-)
Ratio of initiator (APS)/ANI 2.5 (-)
Ratio of phytic acid/ANI 2 (-)
Concentration of APS solution 1.56 mol L−1

Rate of addition of APS solution 0.5 mL min−1
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KOH activated samples were named P1_X, where X denotes the mass
ratio between KOH and the pre-carbonized material (i.e. 1, 2, 3 or 4)
used for the activation step.

3.2. Morphology and porous properties of the as-synthesized materials

Before the activation process, the as-synthesized materials showed a
mesh-like structure indicating the growth of PANI nanostructures on
the PS NPs support forming 3-D structures (Fig. 1a). The rigid mono-
disperse PS NPs preserved the outer PANI structure upon crosslinking
without significant deformation or shrinkage (P2, Fig. 1b) exhibiting
inter-particle channels. With the control samples prepared without PS
on the other hand, a more globular structure with large grain sizes was
obtained upon crosslinking (P3 and P4, Fig. 1 c and d) indicating lim-
ited porous structure. The large clusters of P3 and P4 are more

prevalent at lower magnification (5 µm) (Fig. SI 1, Supporting
Information). During the polymerization of aniline, the initiator solu-
tion was added slowly to control the polymerization rate such that PANI
nanostructures get deposited onto PS NP building blocks forming a 3-D
mesh-like structure. For comparison, we also prepared porous materials
by addition of APS as a shot instead of slow addition. Obtained results
confirmed that this approach led to the rapid polymerization of PANI
forming larger granular structures instead of PANI nanostructures ob-
tained from our standard approach (see Fig. SI 2, Supporting
Information).

To track the evolution of the pore formation, the textural properties
of the as-synthesized materials were evaluated by means of N2 sorption
at 77 K and Hg intrusion porosimetry. The surface areas were calculated
using the Brunauer-Emmett-Teller (BET) equation, whereas the pore
size distributions were calculated using the density functional theory

Scheme 1. Parameters for synthesizing the 3-D porous materials.

Fig. 1. SEM images of as-synthesized porous materials at 5 wt% solid content (a) P1 (b) P2 (c) P3 and (d) P4.
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(DFT) from the N2 adsorption isotherm. As shown in the N2 sorption
isotherms (Fig. SI 3 (a), Supporting Information), the as-synthesized
materials before the chemical activation step all showed typical type II
isotherm according to the Bruner-Deming-Deming-Teller classification
[50,51], with low surface areas (SBET < 32 m2 g−1), which corre-
sponded to macroporous structures with low or inexistent micro-
porosity. As the relative pressure increased above 0.6, there was a
uniform increase in the uptake of nitrogen coupled with a minor hys-
teresis loop, which can be attributed to the mesoporosity. From the Hg
porosimetry data, we observed clearly the hierarchical porosity for P1
and P2 with two different pore size ranges indicating the inter-particle
meso- and macroporosity due to the presence of PS NPs. In the case of
the samples prepared without PS NPs (P3 and P4), a single broad pore
size distribution was observed (Fig. SI 3 (d), Supporting Information).
As seen in Table SI 1 in Supporting Information, the porosity only de-
creased slightly from 87% in P1 to 85% in P2 upon crosslinking, which
we believe was due to the rigid PS NPs maintaining the 3-D structure of
the material. With the PS-free samples, the porosity decreased from
82% in P3 to 73% in P4, demonstrating the impact of PS NPs to
maintain the 3-D structure, while avoiding the loss of porosity when the
material was crosslinked.

3.3. Pore-generation: effect of carbonization and activation conditions on
material properties

For the various sorbents that have been reported as the most pro-
mising in terms of CO2 sorption performance, two main parameters
have been identified as crucial for enhancing their performance: (1)
optimized size of accessible pores usually below 0.7 nm and (2) pre-
sence of accessible surface functionalities on the porous material ma-
trix, which can improve CO2 uptake and selectivity. Generally, N-doped
porous sorbents with different porosities, nitrogen and oxygen contents
and sorption properties were obtained depending on the synthesis ap-
proach as well as the different carbonization and activation conditions
used [6,52]. As such, the temperatures for carbonization and activation
were selected to keep a balance between textural properties and surface
chemistry based on similar investigations reported in the literature.
Although higher pyrolysis temperatures could generally yield higher
surface areas, it may also lead to a compromised opening up of narrow
micropores with resulting increase in mesopore volumes and a loss in
surface functionalities [13,15,53,54]. With the aim of generating a
hierarchical pore structure with a high amount of micropores while also
retaining a reasonable amount of surface functionalities, the as-syn-
thesized materials were subjected to a first heating treatment at 500 °C
at a rate of 5 °C min−1. This step, known as the carbonization step, was
important to slowly decompose the PS NPs and carbonize the PANI
frameworks. Thermal gravimetric analysis (TGA) revealed a major de-
composition between 400 and 500 °C (Fig. 2) which corresponded s to
the degradation of PS NPs with the weight of PS NPs nearing 0%. This
was followed by a chemical activation at 750 °C using potassium hy-
droxide (KOH). This is the most used agent for the activation of carbon
materials due to its low energy demand and less impact on the en-
vironment when compared to other activating agents [6]. Its presence
enhances the pore development process, for example, samples carbo-
nized in the presence of KOH exhibited more developed porosity
compared to samples carbonized in the absence of it, clearly indicating
its role in formation of small pores [53]. During the KOH activation
process, potassium ions are released, which intercalate into the amor-
phous part of the graphitic fingers of the carbon, reacting with it and
producing large number of fine pores under high diffusion and pyrolysis
action. This results in an increase in the surface area and pore volume
[13,55]. We observed that the high surface hierarchically structured
materials were only obtained after the activation step and there was no
significant increase in surface area and pore volume of the materials
after stopping at the carbonization step (Table SI 2, in Supporting
Information).

Overall, a higher carbon mass remained for all the crosslinked
materials in comparison to non-crosslinked materials (Fig. 2, Table SI 3
in Supporting Information). The weight difference is due to the thermal
stability of the crosslinker, phytic acid, which undergoes dehydration
and carbonization and therefore slightly increasing the weight of the
crosslinked materials.

Examples of SEM images of the activated materials are shown in
Fig. 3(a–d). It was observed that the skeleton of the PS-PANI micro-
clusters contain interconnected spherical pores left by the removal of PS
NPs, which created additional porosity for easy diffusion of CO2 (see
Fig. 3(a) and (b)). Comparatively, as shown in Fig. 3(c) and (d), the
PANI microclusters prepared without PS NP building blocks showed
globular rather than the hierarchically porous structures.

The formation of the high surface area hierarchically porous ma-
terials after the carbonization and activation steps was further con-
firmed by the change in the adsorption isotherms from type II to type I
(Fig. SI 4, Supporting Information), typical of microporous materials
with significant adsorption at low relative pressures. Moreover, trans-
mission electron microscopy (TEM) images of the optimum material are
presented in Fig. 4, clearly showing the porosity of the carbon, which is
important for efficient gas diffusion.

Using various KOH/C ratios (1, 2, 3 and 4) for activation, a series of
nitrogen-doped carbons were produced where the textural and surface
chemistry were well tuned. It was observed that treatment with the
KOH/C ratio of 1 mostly resulted in non-microporous materials with
low surface areas. This may be due to the less efficient pore generating
process at low KOH amounts resulting in predominantly mesoporous

Fig. 2. Thermal behaviour of PS NPs and PANI microclusters measured by TGA
under nitrogen atmosphere (a) Weight vs. temperature TG curve (b) DTG curve,
derivative of the TG curves ( ) P1 = PANI-coated PS NPs; ( )
P2 = Crosslinked PANI-coated PS NPs; ( ) P3 = PANI; ( ) P4 = Crosslinked
PANI; ( ) PS-NPs.
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materials. Generally, the lower KOH/C ratios lead to less efficient pore
generation whereas too high KOH/C ratios result in harsh activation
and the resultant pore widening or degradation of the 3D structure. It
was therefore concluded that this ratio was not sufficient to generate
the desired micropore sizes for CO2 capture. Samples treated with
KOH/C ratios of 2, 3 and 4 were highly microporous to various degrees
depending on their composition with enhanced surface area and pore
volume. The high N2 uptake of the activated samples at low relative
pressures P/Po < 0.01 confirmed the predominantly microporous
nature of the materials (IUPAC definition pore diameters < 2 nm).
Moreover, the isotherms showed slight hysteresis loops (type H4),

indicating the presence of some mesopores. This was also clearly re-
flected in their corresponding pore size distributions (PSDs) obtained by
the non-local density functional theory (NLDFT) shown in (Fig. SI 4 (b),
(d) and (f), Supporting Information). Complete report of the measured
specific surface areas, total volume and average pore diameter are re-
ported in Table SI 2 in Supporting Information. Although the activated
materials also contain ultramicropores (with pore diameters < 0.7 nm),
they were too narrow for N2 to diffuse into them at 77 K. As such these
were not optimally determined using N2 sorption as evidenced by the
incomplete pore size distributions in the micropore range. These
smaller pores were subsequently evaluated from CO2 sorption analysis.

Fig. 3. SEM images of KOH activated materials (a) P1 (b) P2 (c) P3 (d) P4, magnification = 50 kX.

Fig. 4. TEM images of the optimum porous carbon P2_3 with two different magnifications.
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The trend in evolution of BET surface areas with different KOH
treatments as displayed in Fig. 5(a) showed that increasing the KOH/C
ratio from 1 to 3 resulted in the formation of new pores and thus to
higher surface areas. This effect was more pronounced for the materials,
which were crosslinked with phytic acid. The phytic acid networks
ensured maximum KOH adsorption of the carbonized material, and thus
a well-developed porosity in the subsequent activation step due to the
pore-generation property of KOH [13]. When the ratio KOH/C 4 was
used for the crosslinked materials, we observed a generation of wider
pores with an increase in the average pore sizes (Fig. SI 5 (a and b) in
Supporting Information, BET results in Table SI 2), which was in line
with previous reports which indicated the generation of too large pores
and almost complete removal of nitrogen functionalities when KOH/
C ≥ 4 were used for activation [13,22,32]. Even though the sample P4
treated with KOH/C = 4 did not show a huge decrease in BET surface
area compared to sample P2 treated with KOH/C = 4, the SEM images
confirmed the creation of large pores. From these results, the KOH/C
ratio of 3 was the optimum condition for the crosslinked materials.

For the non-crosslinked samples, increasing the KOH/C ratio from 1
to 2 resulted in a significant increase in the surface area whereas a
further increase of KOH/C to 3 resulted in a huge decrease in the sur-
face areas. The reason for such observation is likely due to weaker
structure in the absence of phytic acid leading to the complete de-
struction of the 3-D structure at higher KOH amounts (Fig. SI 5 (c),
Supporting Information), with a corresponding decrease in the surface
areas and pore volumes. As such, the optimum treatment for the non-
crosslinked materials was KOH/C ratio of 2. The final hierarchically
porous materials exhibited an optimized N2 BET surface area of up to
2200 m2 g−1 (P2) and total pore volumes as large as 1.21 cm3 g−1 (P2)
with pore diameters < 1.8 nm. The difference observed in surface areas

and pore volumes of the porous materials as prepared, after the car-
bonization and KOH activation steps, was an evidence of the role of
KOH in the generation of high number of micropores (See Table SI 2,
Supporting Information for the detailed textural properties).

Previous investigations have indicated a strong link between N-
functional groups and CO2 sorption capacity. Therefore, the nitrogen
content of the prepared materials was analyzed by organic elemental
analysis as shown in Fig. 5(b). All the materials retained high amounts
of nitrogen reaching up to ∼13 wt% after the activation step, which
was far higher compared to similar materials prepared through che-
mical activation methods [13,38]. Apart from the material composed of
pure PANI, generally, the nitrogen content decreased with an increase
in the KOH/C ratio, which is in agreement with previous reports
[22,53]. It was observed that the nitrogen content of the carbons before
KOH treatment was lower than the nitrogen content of materials treated
with KOH/C = 1. The reason for this observation was the change of the
material composition during the thermal treatments. Throughout the
material treatments from carbonization up to KOH activation, certain
groups (O, C and N groups) were removed from the polymer structure
causing the overall N content, which was calculated based on the total
number of elements, to increase. Moreover, comparing the carbon,
hydrogen and nitrogen content before and after activation indicated
that the activation process altered the groups to different degrees for
each sample without any trend, which could be due to the heterogenous
distribution of the groups on the surface with some embedded in the
bulk of the material. The full elemental composition of the as-synthe-
sized and activated samples under different KOH/C treatments is shown
in Table SI 4 in Supporting Information. The optimized material (P2_3)
obtained at the highest KOH/C ratio of 3, however had the lowest
amount of nitrogen because of the opposite effects of the activation
conditions on microporosity and nitrogen content [11,19,22].

3.4. Chemical structure by FTIR-ATR spectroscopy

In order to understand the structural changes of the materials during
the thermal treatment process, the evolution of the structure was stu-
died using FTIR-ATR. The FTIR spectra of the as prepared, carbonized
and activated materials are shown in Fig. 6, where “CAR” and “ACT”
after the name P1-4 are abbreviations of carbonized and activated,
respectively. The characteristic absorption bands at about 1518 and
1620 cm−1 were observed for all the materials. This corresponded to
the carbon-carbon aromatic ring stretching vibrations of benzenoid and
vibration of quinoid rings of PANI, respectively. The band at 1340 cm−1

was attributed to the CeN stretching vibrations of secondary aromatic
amines and the peaks at 1194 and 843 cm−1 are noted for the CeH in-
plane and out-of-plane bending. The fact that similar peaks were ob-
served in all the PANI and PS-PANI microclusters was an indication that
the PS NPs were uniformly covered by PANI. After carbonization at
500 °C, the two main peaks assigned to the benzenoid and quinoid rings
broadened and became weaker and less sharp, which was due to the
strong absorption of carbon [22]. The disappearance of the maximum
peak at 1194 cm−1 was due to the deprotonation of the materials at
high temperatures. In the activated samples, the broad peak with
maximum at 1677 cm−1 corresponded to the G band (graphite-like
structure) of carbon [56]. The spectrum of the final activated samples
confirmed the synthetic approach resulting in the conversion of the
polymeric material to carbon. It was also observed that the CeN ab-
sorption band decreases as the materials are carbonized and activated,
hence highlighting the loss of some of these functional groups during
these latter treatments. In order to follow quantitatively the evolution
of nitrogen, oxygen and carbon atoms before and after activation, XPS
analysis was carried out as reported in the subsequent sections of the
manuscript (Section 3.6.3).

Fig. 5. (a) Trend in the evolution of BET surface areas of the microclusters
obtained from N2 sorption and (b) Nitrogen content in relation to KOH/C ratio
( ) P1 = PANI-coated PS NPs; ( ) P2 = Crosslinked PANI-coated PS NPs; ( )
P3 = PANI; ( ) P4 = Crosslinked PANI.
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3.5. CO2 capture performance

Due to the creation of abundant micropores and the high amounts of
nitrogen functionalities measured in the prepared materials, their CO2

sorption capacities were evaluated. The CO2 capacity was evaluated by
measuring the entire adsorption isotherm at 1 atm and at 273.15 K by
volumetric method. This pressure (1 atm) was used because post-com-
bustion CO2 capture is typically carried out at low pressures. To esti-
mate the values of uptake of CO2 in mmol g−1, the highest values of
adsorbed volume have been considered assuming ideal gas behavior.
The CO2 sorption capacity measured at 273.15 K and 1 atm also enabled
the evaluation of the narrow micropores, since these were not properly
obtained in the N2 sorption measurements. An example of the CO2

sorption isotherms measured for four optimally performing samples in
each sample class are presented in Fig. 7(a). Complete results for the
different KOH/C ratios and their corresponding pore size distribution
(PSD) curves are shown in Fig. SI 6 and 7 in Supporting Information. All
the isotherms displayed type I curves with slight hysteresis loops in-
dicating the presence of both micropores and mesopores. The corre-
sponding PSD curves in Fig. 7(b) showed that all the materials possess a
significant amount of micropores ranging from 0.3 to 1 nm, with a
maximum around 0.5–0.6 nm.

With the exception of materials activated at KOH/C = 1, all the
other materials exhibited high CO2 sorption capacities, which pointed
to the fact that the CO2 capture capacities were closely related to the
narrow microporosity of the carbons, which was developed at KOH/C
of 2 and 3. The results are summarized in Table 2 or its graphical re-
presentation in Fig. SI 8, Supporting Information).

For the crosslinked materials (P2 and P4), the higher the KOH/C
ratio, the higher the surface area and pore volume, and the higher the
corresponding CO2 capacity. For the non-crosslinked materials (P1 and
P3), at the optimum KOH/C of 2, the highest CO2 sorption capacity was
obtained. When the KOH/C ratio increased to 3, it resulted in a decrease
in the surface areas and pore volumes with a corresponding decrease in
the CO2 capture capacity. This trend was in good agreement with that
observed in the case of surface areas in Fig. 5(a). The textural properties
(obtained from CO2 sorption data), and CO2 adsorption capacities of the

Fig. 6. FTIR spectra of the materials as-synthesized carbonized at 500 °C and activated at 750 °C. CAR and ACT after the sample names are abbreviations for
carbonized and activated respectively.

Fig. 7. (a) CO2 adsorption and desorption isotherm of the optimum material at
273.15 K and 1 bar (b) Corresponding pore size distribution ( ) P1_2; ( ) P2_3;
( ) P3_2; ( ) P4_3.
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hierarchically porous materials are presented (Table 2). Overall, all the
materials possess a high amount of micropores below 1 nm with high
cumulative ultramicropore (pores with diameters < 0.7 nm) and cor-
responding volumes ranging from 0.12 to 0.39 cm3 g−1. The compar-
ison of CO2 sorption capacity of two of our optimum materials with the
highest-performing materials in the literature is presented in Table 3.

It was observed that the CO2 capture capacity of our best sample,
P2_3 at 1 bar is among the highest reported values for most carbon
materials. It is believed that the high CO2 capacity of the materials at
low pressure was mainly due to the synergistic effect of the hierarchical
porosity (ultramicropores, mesopores and macropores in the same
material). This facilitates the efficient diffusion of CO2 for easy acces-
sibility to the micropores, coupled with the high CO2 adsorption in the
ultramicropores.

3.6. Effects of textural properties and surface chemistry on CO2 capture
capacity

The contribution of textural properties and surface chemistry (ni-
trogen functionalities) to the CO2 sorption performance of various

porous sorbents has been debated by many researchers [32,36]. Gas
physisorption is generally believed to be directly influenced by large
specific surface areas and high pore volumes of adsorbents [54].
However, recent studies of some solid sorbents have revealed that high
surface areas and large pore volumes do not necessarily lead to high
uptake capacity [19,27]. While many reports have indicated the strong
influence of surface chemistry of activated carbon on adsorption ca-
pacity, with enhanced CO2 uptake upon nitrogen doping [6,25,60,61],
a few other works have reported the opposite that nitrogen function-
alities do not influence CO2 adsorption under conventional operation
conditions of temperatures 0–25 °C and pressures between 0 and 1 bar
[32,36]. Overall, the most efficient CO2 sorbents reported were those
exhibiting two main characteristics: large number of properly sized
narrow micropores to enhance efficient CO2 uptake coupled with ni-
trogen functionalities in the structure to improve CO2 affinity
[10,22,62,63]. To understand the influence of the textural properties
and surface chemistry on the CO2 capture capacity of the materials, the
CO2 adsorption capacities were correlated with the textural properties
(obtained from CO2 sorption data) and the nature and content of ni-
trogen functionalities of the materials (obtained from organic elemental
analysis).

3.6.1. Effect of pore sizes on CO2 capture capacity
It was observed that there was no direct relationship between the

BET specific surface area obtained from CO2 sorption data and the CO2

adsorption capacities (Table 2). Because the BET equation does not
describe the CO2 adsorption at 273.15 K most appropriately, the use of
BET equation for evaluating surface areas resulted in a much lower
surface areas than those obtained from N2 sorption at 77 K (See Table SI
2 in Supporting Information). However, these values were evaluated in
the same manner and were therefore used as a comparison among the
different samples. Application of the Langmuir model in evaluating the
surface areas was avoided because it can lead to overestimation of the
surface area especially in this case, where the adsorption is not strictly
by monolayer.

Although no direct relationship was observed between the specific
surface area and the CO2 sorption capacities, the sorption capacity was
strongly correlated with the ultramicropore volume especially pores
between 0.3 and 0.7 nm (considering that the kinetic diameter of CO2 is
0.33 nm). In fact, the best performance in terms of CO2 sorption capa-
city (9.14 mmol g−1) was correlated with the highest ultramicropore
volume of 0.39 cm3 g−1. Additionally, among the optimum materials,
the sample P3_2 with the second highest sorption capacity exhibited the
second highest ultramicropore volume of 0.3 cm3 g−1 compared to P2_2
(0.27 cm3 g−1) although P2_2 (1537 m2 g−1) had a higher specific
surface area than P3_2 (1280 m2 g−1). Similar effect was seen in the
case of P3_1 and P4_1, which both show the same specific surface area
of (309 m2 g−1) but different microporosity, where P3_1 showed higher
pore volume between pore size range of 0.3 and 0.4 nm than P4_1. This
suggested that the micro and narrow mesopores were mainly re-
sponsible for the high CO2 sorption performance of the materials at low
pressure. It was interesting to note that when plotting CO2 sorption
capacity as a function of ultramicropore volume for all prepared ma-
terials, a linear relationship was observed (Fig. 8), confirming the
strong influence of the ultramicropores in enhancing CO2 capture. This
linear correlation of CO2 sorption capacity at low pressure with ultra-
micropore volume is in agreement with previous reports [13,36]. The
enhanced uptake of CO2 with higher ultramicropore volume has been
attributed to increasing adsorption potential with decreasing pore
width, resulting in complete filling of narrow micropores at low relative
pressures.

3.6.2. Effect of nanoparticle size on the porous material properties
To further tune and evaluate the impact of pore sizes, we selected

the optimum sample and condition for the activation (P2 activated
using KOH/C = 3 at 750 °C) and evaluated the effect of the

Table 2
Textural properties and CO2 capacities of the materials measured at 273.15 K
and 1 bar.

Material SBET from
CO2 [m2 g−1]

Total Vpore

(CO2)
[cm3 g−1]

Vpore for pores
< 0.7 nm
[cm3 g−1]

CO2 Capacity
[mmol g−1]

P1_1 524 1.19 0.13 3.02
P1_2 1080 2.35 0.21 5.02
P1_3 717 1.66 0.17 4.02
P2_1 1115 2.47 0.22 5.15
P2_2 1537 3.24 0.27 6.50
P2_3 2036 4.36 0.39 9.14
P3_1 309 0.62 0.09 2.23
P3_2 1280 2.90 0.30 7.18
P3_3 700 1.58 0.18 4.21
P4_1 309 0.75 0.06 1.38
P4_2 427 0.95 0.12 2.72
P4_3 1219 2.81 0.29 6.80

Table 3
Textural properties, nitrogen content and CO2 sorption capacity of our optimum
materials in comparison to those reported in the literature measured at similar
conditions (1 bar, 273 K).

Material
(Sample
name)

SBET from
N2

[m2 g−1]

Vtotal
[a]/[V

(ultramicropore)[b]]
N
content
[%]

CO2

Capacity
[mmol g−1]

Ref.

NC-800 263 0.38 5.58 2.65 [57]
SG–MOP-

5
807 2.80 38.1 3.37 [58]

S3 390 – 6.82 3.56 [28]
SU-AC-

400
4196[c] 2.26/[0.25] 0.55 4.30 (298 K) SI of

[13]
1000CDC 1887 – 2.5 4.67 [59]
HMT-80-

900
809 0.34 2.0 5.6 [8]

600-2 2003 1.2 8.95 7.30 [11]
CS*-P-A 2400 1.07/0.27[d] 0 8.90 [32]
P3_2 618 0.35/[0.30] 8.9 7.18 This

work
P2_3 2220 1.21/[0.39] 2.42 9.14 This

work

[a] Total pore volume obtained from N2 sorption at 77 K.
[b] The pore volume of ultramicropores (pores < 0.7 nm) was obtained from

CO2 sorption data at 273 K.
[c] SBET evaluated from Ar adsorption at 87 K and P/Po= 0.999.
[d] Cumulative pore volume calculated in the range up to 0.8 nm, the ni-

trogen content (N %) is obtained by elemental analysis
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nanoparticle sizes on the pore properties and subsequently on the CO2

sorption capacity. Interestingly, the ultramicropore volume increased
with increasing size of the particles up to an optimum of 370 nm and
then a further increase in the size resulted in the decrease in the ul-
tramicropore volumes (see Fig. 9 or the sorption isotherms depicted in
Fig. SI 9 and the textural properties in Table SI 5, in Supporting
Information). The observed trend could be due to the fact that with
increase in the nanoparticle sizes, the porosity increases enabling ef-
fective KOH penetration for micropore generation. However with too
large pores, the carbonization step, which removes PS NPs leaves very

large pores. This most probably caused at least partial collapse of the
hierarchical structure and the drop in the ultramicropore volumes. Si-
milar to the trend observed in Section 3.6.1 and Fig. 8, the CO2 capture
capacity was linearly correlated to the ultramicropore volume (Fig. 9b),
once again confirming the strong influence of this parameter on CO2

capture capacity.

3.6.3. Effect of surface functionalities (nitrogen and oxygen) on CO2

capture capacity
The CO2 adsorbents prepared in this work consist mainly of nitrogen

and oxygen atoms on the surface of carbon; therefore we investigated
the effects of nitrogen and oxygen on the CO2 capture capacity. The
nitrogen content of the microclusters were quantified by organic ele-
mental analysis (Table SI 4 in Supporting Information) and correlated
to the sorption capacities of the materials. There was no obvious trend
between the CO2 capacity and the total nitrogen content of the mi-
croclusters (Fig. SI 10, Supporting Information). Although the sample
P3_1 had the highest nitrogen content (13.03 wt%), its sorption capa-
city was far lower than the optimum material, P2_3, which had only
2.42 wt% of nitrogen. Considering the fact that the sample with the
highest CO2 sorption capacity had the lowest amount of nitrogen, this
led us to conclude that at low pressures, the CO2 capture behavior was
mainly controlled by adsorption in narrow micropores, with no evi-
dence on the contribution from the surface chemistry.

To further understand the contribution of the chemical interactions
towards the high CO2 sorption, XPS analysis was carried out on the
optimally performing materials in each class to study the nature of the
specific surface groups. Fig. SI 11 in Supporting Information shows the
full XPS spectrum of the materials with three main peaks at binding
energies of 284.98, 399.38 and 531.78 eV corresponding to carbon (C),
nitrogen (N) and oxygen (O), respectively. The high resolution C1s
spectra (Fig. 10) comprised of five different overlapping peaks at
binding energy 284.7 eV showing presence of sp3 carbon (eCeCe),
287.0 eV (eCeO(N)e), 288.3 eV (eC]O), 289.2 eV (eOeC]O) and
285.7 eV sp2(eC]Ce). Generally, all the samples presented the same
type of carbon functionalities, with graphitic carbon being the major
component.

Quantitative XPS analysis of the nitrogen groups revealed that P1,
P2, P3 and P4 contained 5.45, 5.89, 9.39 and 6.62 wt% of total ni-
trogen, respectively. Although the amount of nitrogen reduced upon
activation, all the samples retained a good amount of the nitrogen
functionalities considering the amount in the as-synthesized samples
(Table 4). These values were lower than those obtained by organic
elemental analysis (Table SI 4, Supporting Information). The slight
difference was due to the fact that XPS evaluates only surface nitrogen
groups while organic elemental analysis takes into account the bulk
nitrogen fraction. N1s core spectra allows us to obtain a better under-
standing of the types and local environment of the nitrogen atoms
present in the material. The deconvoluted N1s spectra (Fig. 11) re-
vealed the bonding of N with C and the existence of 4 types of nitrogen
at the following binding energies: 399.3 eV (amine, eNH2), 400.7 eV
(pyrrolic, eNeH) 398.3 eV (pyridinic, ]NeH) and 401.6 eV (qua-
ternary/graphitic, ]N+eH) present in all the activated samples as il-
lustrated.

The relative peak areas of each nitrogen species arranged in order of
highest CO2 sorption capacity to the lowest are summarized in Table 4.
It was observed that for all materials analyzed, the amine and pyrrolic
nitrogen groups were the most stable and abundant, and could con-
tribute to the high CO2 capture. Similar to our findings, many re-
searchers have identified the pyrrolic or amine nitrogens to have
stronger interactions with CO2 molecules [15,20,21]. Although there
was no obvious contribution from nitrogen functionalities, it is worth
noting that because of the tendency of gas desorption at higher tem-
peratures, microporous materials without any CO2-philic sites present
may not be appropriate for practical CO2 capture applications
[7,21,64]. Moreover, it was recently reported by Xing et al. [19] that

Fig. 8. Trends in ultramicropore volume (pores < 0.7 nm) in relation to CO2

capture capacity; ratio ( ) P1 = PANI-coated PS NPs; ( ) P2 = Crosslinked
PANI-coated PS NPs; ( ) P3 = PANI; ( ) P4 = Crosslinked PANI. Line re-
presents the best fit to the data.

Fig. 9. (a) Effect of nanoparticle size on ultramicropore volume and (b) re-
lationship between the ultramicropore volume and CO2 sorption capacity ( )
194 nm; ( ) 280 nm; ( ) 370 nm; (◄) 490 nm; ( ) 900 nm, Line represents the
best fit to the data.
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the CO2 capture capacity of carbons can be further increased by an
additional interaction. They found that the introduction of nitrogen into
carbon facilitated hydrogen-bonding interactions between the carbon
surface and CO2 molecules, accounting for high CO2 uptakes. This could
explain why the presence of even a small amount of nitrogen (2.42 wt%
measured by elemental analysis) in our optimized material (P2_3) could
contribute to the high CO2 sorption capacity significantly. However,
this phenomenon needs further investigation.

As the surface oxygen functionalities on the surface have also been
indicated to contribute to enhanced CO2 sorption [65], the oxygen
content detected from XPS was correlated with the CO2 sorption ca-
pacity of the optimum materials (Fig. 12a). Although there was no
obvious trend between the oxygen content and the CO2 sorption ca-
pacity, it was observed that for all materials, the oxygen content was
higher than the nitrogen content (Fig. 12b). Comparing the oxygen
content before and after activation (Fig. 12c) indicated that the acti-
vation process altered the oxygen content to different degrees for each
sample, which could be due to the heterogenous distribution of oxygen
on the surface. Additionally, an attempt was made to ascertain whether
there was an optimum N/O ratio, which favoured high CO2 uptake.
From Fig. 12(d), No correlation was observed with N/O ratio, this again
could be due to the heterogenous distribution of oxygen in the surface
and bulk. Similar to these results, He et al.[13] found no correlation
between CO2 sorption capacity and the oxygen content of their mate-
rials.

3.7. Considerations for industrial applications: sorbent regeneration

In designing a low-cost CO2 capture sorbent that can replace aqu-
eous amine-based CO2 capture systems. The sorbent should (i) be pre-
pared from cheap materials by a simple approach, (ii) have a hier-
archical pore structure for high adsorption capacity and efficient
diffusion, (iii) be mechanically and thermally stable and (iv) exhibit a
minimum CO2 capture capacity of 2–3.0 mol/kg of sorbent and high
CO2/N2 selectivity, (v) be easily regenerable and with minimal or
preferably no environmental impact to enable wide-scale application
[3,7,41,66].

So far, the most important technological challenge for large scale
application of post-combustion CO2 capture to industrial units is the
potential to lower the costs of capture. Therefore, sorbent regeneration
capability is very crucial as it determines the lifetime and replacement
frequency of the sorbent, which affects the overall cost of capture. In
this regard, porous carbons are advantageous compared to other solid
sorbents because they are easily regenerated. Fig. 13 shows the CO2

sorption capacities per cycle of the optimized sample (P2_3) for eight
subsequent cycles with simple vacuum regeneration at 115 °C after each
cycle. The detailed textural properties and the sorption isotherms are
shown in Table SI 6 and 7 and Fig. SI 12 and 13 respectively. To con-
sider realistic deviation between repetitions, the sorption capacity
graph is accompanied with the error bars, which were calculated for
first four cycles as 2x standard deviation, thus considering 95% con-
fident interval. Due to lack of repetitions for 5 to 8 cycles, these were
estimated as an average of the error bars calculated for first 4 cycles.

Fig. 10. C 1s core-level spectra of the activated carbons.

Table 4
Proportion of oxygen content and nitrogen types (N1s) from XPS spectra of the as-synthesized and activated materials.

Material Total oxygen as-prepared Total oxygen-activated Total N[a] [wt. %] Total N[b] [wt. %] PLN [%] PDN [%] QN [%] NH [%]

P2_3 16.73 19.28 5.89 1.90 23.24 17.88 22.16 36.72
P3_2 10.12 8.68 9.39 7.58 15.75 15.55 15.54 53.17
P4_3 15.96 19.01 6.62 6.08 32.89 24.53 15.19 27.39
P1_2 18.00 10.96 5.46 4.36 44.18 22.81 15.35 17.67

[a] Nitrogen content in the as-synthesized materials.
[b] Nitrogen content in the activated materials, PLN (Pyrrolic nitrogen at position 400.70 eV), PDN (pyridinic nitrogen at 398.27 eV), QN (Quaternary Nitrogen at

401.63 eV) and (NH) amine at position 399.33 eV.
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Based on the obtained results of regeneration, we observed the
highest reduction in sorption capacity after the first cycle, whereas
further cycles within statistical uncertainty of the measured data did
not show significant reduction of the sorption capacity. From the CO2

sorption isotherms measured after each regeneration cycle (Fig. SI 13),
we observed a change in PSD after the first regeneration while other
distributions were rather similar to each other independent on the
number of regeneration cycle. There was no significant difference in the
chemical composition of all tested materials (see Fig. SI 14 and 15)
indicating that physical adsorption in ultramicropores (physisorption)

is the main binding mode. However, the loss in sorption capacity, de-
spite no change in composition suggested that there were small changes
to the material porosity. In fact, when plotting all measured data of CO2

sorption capacity as a function of ultramicropore volumes including
regeneration cycles, all of them follow the same linear relationship (Fig.
SI 16 in Supporting Information).

Practically, since the binding mechanism of our materials is only by
physisorption, we believe this requires lower amount of energy for re-
generation compared to aqueous amine absorption process, where CO2

is reacting with amine molecules (chemisorption). In addition, it was

Fig. 11. N 1s core-level spectra of the activated carbons.

Fig. 12. (a) Effect of oxygen content on CO2 capacity (b) comparison between nitrogen and oxygen content (c) effect of activation on oxygen content (d) effect of N/O
ratio on CO2 capacity.
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already reported that amine solutions are less stable and undergo de-
gradation, which is not the case of solid sorbents, which are durable
over several cycles (proven also for our material).

4. Conclusions

Stable hierarchically porous nitrogen-rich sorbents were prepared
using cheap precursors, through a simple approach for application in
post-combustion CO2 capture. The synthetic approach using PS NPs
building blocks resulted in superior textural properties and CO2 capture
capacity compared to the materials prepared without PS NPs. The
presented method, though simple, is suitable for preparation of 3-D
hierarchically porous materials with high porosities, specific surface
areas and pore volumes. The optimized material achieved very high
CO2 capacity (9.14 mmol g−1) at 273.15 K and 1 bar, which is among
the highest reported for carbon-based sorbents in the literature. It is
evident that this high CO2 capture capacity was mainly due to the
hierarchical pore structure, which enhanced the diffusion of CO2 into
the inner micropores. By analyzing the CO2 capture capacity of the
different materials with varying textural properties and nitrogen con-
tents, we conclude that the CO2 capture capacity at low pressure is
primarily controlled by the presence of micropores with diameter
smaller than 0.7 nm. Nevertheless, in designing materials for practical
applications, it is important to tune both the pore structure (pore size
distribution) and surface chemistry (nitrogen functionalities) simulta-
neously to combine their advantages. These materials are promising
CO2 sorbents and we believe the described approach will serve as a
guide to the development of new polymer-based carbons for CO2 cap-
ture. Because industrial sorbents are required to withstand multiple
adsorption/desorption cycles, future work will focus on evaluating the
stability of these sorbents under various industrial conditions.
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